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Abstract  
 
Zirconium-based alloys are currently used as fuel rod cladding in nuclear power reactors because of 
their low neutron absorption cross-section and adequate oxidation resistance. However, zirconium 
(Zr) alloys undergo waterside corrosion by the primary coolant water under normal operating 
conditions (300-330oC) and at high temperature, especially during loss of coolant accident conditions. 
During the oxidation reaction, hydrogen generated which can lead to the formation of zirconium 
hydride precipitates in the Zr alloy cladding - and is detrimental to the mechanical integrity of the fuel 
rods. The principal objective of this work was to develop a surface-treated layer/coating for pure Zr in 
order to improve its oxidation resistance (and to determine the feasibility of such surface-treated 
layers/coatings being used on Zr alloys) - and thereby increase its operational longevity under both 
normal and abnormal operating conditions.  
Triode Plasma Nitriding (TPN) diffusion treatments were used to develop diffusion-treated nitride 
layers intended to enhance load-bearing capacity of bulk Zr while allowing for good adhesion 
properties to the substrate. Physical Vapour Deposition (PVD) was also used to fabricate magnesium-
containing zirconium coatings with a range of magnesium concentrations to study the solubility 
magnesium and zirconium in a Zr-Mg coating intended to enhance hydrothermal oxidation resistance. 
Various characterisation techniques were used to investigate the effects of diffusion treatments and 
sputter deposition on surface morphology, topology and bulk substrate microstructure. The hardness, 
adhesion and oxidation resistance of the nitrided layers and sputter-deposited coatings were 
assessed. The hardness of the diffusion-treated surface of pure Zr metal was found to have been 
significantly improved and a higher load-bearing capacity was achieved after TPN-treatment 
compared to untreated pure zirconium. This was due to a ‘deep’ hardened case which was achieved 
at moderately low temperatures at short processing times, allowing significantly higher loads to be 
applied before failure occurred.  
TPN treatment of pure zirconium metal was found to have improved the oxidation resistance 
compared to untreated pure zirconium in aqueous conditions. The Zr-Mg coatings produced by PVD 
showed that magnesium can remain in substitutional solid solution with zirconium at high magnesium 
concentration and showed no evidence of phase separation. Hydrothermal oxidation tests of the Zr-
Mg coatings revealed the formation of a (metastable) tetragonal zirconia phase throughout the oxide 
scale which plays an important role in stabilising of the oxide. The evidence presented suggests that 
both the diffusion treatments and sputter co-deposition process need to be optimised in order to 
improve oxidation resistance under aqueous conditions and abnormal reactor operating conditions.  
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Chapter 1  – Introduction, Background and Literature Review  
 
1.1 Introduction and Objectives  
 
Zirconium-based alloys are currently used as fuel rod cladding in nuclear power reactors because of 
their low neutron absorption cross-section, good corrosion resistance and mechanical strength. They 
provide the primary containment for fission products generated from nuclear fission reactions and 
serve as a safety barrier to radionuclide release in the Reactor Pressure Vessel (RPV). However, under 
normal operating conditions (300-330oC, 15-20 MPa) Zr-alloy fuel cladding undergoes waterside 
oxidation by the coolant. A significant fraction of the hydrogen generated in the oxidation reaction 
with moisture is absorbed into the cladding and precipitated as zirconium hydride which can lead to 
embrittlement of the cladding, thus adversely impacting the mechanical integrity of the fuel rods. 
During an uncontrolled Loss-Of-Coolant Accident (LOCA), the cladding temperature may rise to above 
800oC, in which the oxidation reactions and corresponding hydrogen generation are significantly 
accelerated. The consequences of this reaction were exemplified during the Fukushima-Daichi 
accident (after the 2011 Japan earthquake and the subsequent tsunami [1]) which caused explosions 
of the reactor building, resulting in radioactive release to the environment. Following the accident, 
the nuclear industry has focused much of its efforts into enhancing safety of its current fleet of 
reactors and improving safety of future designs. A promising approach that has generated 
considerable research interest is to fabricate a protective coating or surface-treated layer that would 
improve/enhance the oxidation resistance of the Zr-alloy cladding to be more damage-tolerant during 
LOCA conditions, such that cladding failure is delayed and the accident response time to allow external 
intervention/solutions is increased. Furthermore, this approach could also have the benefit of 
reducing oxidation rate and hydrogen absorption during normal operation, further enhancing overall 
reactor safety design.  
The current study aims to show whether oxidation-resistant surface-treated layers can be successfully 
produced using triode plasma-nitriding (TPN) diffusion treatment and/or PVD Zr-Mg coatings, to 
determine their viability for use on fuel rod cladding in a nuclear reactor with the aim of improving 
oxidation resistance of zirconium in demanding pressurised-aqueous environments during normal 
operation and abnormal in-reactor transient scenarios (e.g. loss of coolant accident). 
 
 
 
2 
 
The specific requirements of the surface-treated layer/coating are that: 
1. It must reduce oxidation and associated hydrogen precipitation of zirconium.  
2. It must have a similar neutron absorption cross-section to the extant Zr alloys (higher neutron 
absorption requires greater fuel enrichment to achieve the same neutron economy).  
3. It must adhere/bond to the Zr-alloy cladding prior to, whilst in and after service (any proposed 
barrier must not be susceptible to spallation or delamination in the reactor core).  
4. It must be stable under the normal thermal cycling conditions during reactor operations.  
5. It must be mechanically robust (i.e. resilient to interactions with grid assembly components 
during fuel rod insertion prior to service). 
In order to achieve the overall aim described above, it was necessary to carry out the following 
objectives:  
• A critical assessment of the available knowledge on the properties of zirconium; its oxide 
polymorphs – particularly behaviour as oxide layers on Zr-metal during oxidation, high 
temperature corrosion as well as the effects of hydrogen evolution during oxidation of Zr. 
• Designing surface-treated nitride layers on bulk zirconium metal to modify the existing surface 
by inducing a change in its chemical composition through TPN diffusion treatment. This was 
achieved by taking advantage of the high affinity of nitrogen for zirconium to provide a 
hardened diffusion layer with a diffusion zone on the substrate surface. Bulk Zirconium metal 
(98% purity) was chosen for this study because it is a low-cost widely available material and 
serves as a precursor to reactor-grade zirconium alloys which are difficult to obtain for reasons 
pertaining to commercial sensitivity. 
• Designing a magnesium-containing zirconium PVD coating system to investigate if these 
elements could be in solid solution with each other and whether magnesium inclusion might 
stabilise the tetragonal or cubic phase of zirconium oxide (during hydrothermal oxidation) 
intended to enhance the oxidation resistance of zirconium in aqueous conditions.  
 
The surface-treated layers and coatings were analysed using a series of characterisation techniques 
including: optical microscopy, optical profilometry, Raman spectroscopy, Glancing-Angle X-ray 
Diffraction (GAXRD), Scanning Electron Microscopy (SEM), Energy Dispersive X-ray (EDX) 
spectroscopy, scratch adhesion, nanoindentation hardness and hydrothermal oxidation tests. The 
combination of these techniques provided information on the oxidation behaviour of the surface-
treated layer and coatings in reactor operating conditions.  
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Following this introduction, the literature review chapter has been compiled to establish the context, 
background and justification for using surface-treated layers/coatings on zirconium alloys beginning 
with issues related to the limited corrosion resistance of zirconium alloys in demanding environments 
and the rationale for using the plasma thermo-chemical diffusion treatment and sputter deposition 
techniques applied in this work.  
 
1.2 Fukushima Nuclear Accident Issues with Zr Alloys under High Temperature 
Conditions  
 
On Friday March 11 2011, a powerful earthquake centred 130 km offshore mainland Japan and 
measuring 9.0 on the Richter scale caused a 15-metre height tsunami on the east coast of Japan [2]. 
Fukushima Dai-Ichi reactors 1, 2 and 3 shut down automatically and 4, 5 and 6 were not operating at 
the time. The reactors proved robust seismically but were vulnerable to the tsunami. External 
electrical power was lost due to earthquake damage and the backup diesel generators (located near 
the reactors) were flooded following the tsunami. About an hour after shutdown, the reactor cores 
would still produce 1.5% of their thermal output from fission product decay (22-33 MW). Without a 
heat removal system by circulation to a heat exchanger, excess steam was generated inside the RPV 
[3]. As the water level inside the reactor dropped due to the production of steam, this exposed the 
zirconium alloy fuel rods (encasing the uranium fuel pellets) which reacted with oxygen in the moisture 
present, to oxidise the Zr-alloy cladding, resulting in the release of hydrogen gas as a by-product of 
the oxidation reaction which continued to accumulate. Schwantes et al [4] reported that once the 
coolant water was lost during the earthquake and the subsequent tsunami, the loss of heat removal 
capability allowed the temperatures within the RPV to rise above 800oC. The zirconium oxidation 
reaction became autocatalytic, i.e. above a critical temperature the reaction products also form the 
reactants, acting as a catalyst as the reaction becomes self-sustaining.  
 
Another key reaction that exacerbated the conditions during LOCA was between the boron carbide 
absorbers, stainless steel control blades and the Zircaloy-2 cladding. In the core of the GE-Hitachi Mark 
I containment BWR cores (Figure 1.1), cruciform-shaped 304 stainless steel control blades are filled 
with boron carbide (B4C) – neutron absorbers (either in powder or pellet form) to aid reactivity control 
during reactor operation. Although the melting temperature of B4C is 2450oC, uncooled contact 
between the 304 stainless steel housing (which has melting temperature of 1530 oC [5]) resulted in a 
melt formation in the core (due to eutectic reactions) at temperatures of about 1250oC. The 304SS-
B4C melt then relocated to lower parts of the fuel bundle where it reacted with the Zircaloy-2 cladding 
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producing another, even lower temperature, eutectic reaction between the two metals - at only 850-
900°C, which melted the cladding (below its melting temperature of 1850oC). Interestingly, Sepold et 
al [6] conducted out-of-pile tests a few years before the Fukushima accident and reported that B4C 
formed a melt with 304 stainless steel at around 1250oC that then attacked the Zircaloy-2 cladding. 
The conditions resulted in the rupture of the cladding enabling UO2 fuel dissolution with the melt 
which relocated from the bottom of the test bundle. Studies [7, 8] carried out a few decades earlier 
revealed that reactions 304SS-B4C start at 800oC and led to a complete failure of the control blade at 
around 1250oC by rapid liquefaction of the 304 stainless steel by 200oC below its melting temperature. 
In an experimental study that preceded several years before the Fukushima accident, Steinbruck et al 
[9] showed that only 1 wt% boron carbide was necessary to completely liquefy the stainless steel at 
about 1250oC after 1 h. Considering that each control blade in the Fukushima Dai-Ichi nuclear reactors 
consisted of 7 kg B4C and 93 kg stainless steel [10], it is likely that these assemblies would have been 
completely destroyed during the accident, although this has not been visually confirmed due to the 
high radiation following the accident. Following failure of the stainless steel cladding, the bare B4C is 
thought to have reacted with steam in a series of chemical reactions to produce hydrogen, carbon 
monoxide, carbon dioxide and methane [9].  
 
The high temperature and pressure conditions inside the RPV caused severe degradation and cracking 
of the fuel rods and together with the exposed uranium fuel, melted steel and cladding which then 
seeped to the bottom of the reactor where this solidified. These conditions also allowed for the 
hydrogen to ignite resulting in explosions of reactor units 1, 2 and 3 which occurred 25 hours, 87 hours 
and 68 hours respectively, following loss of electrical power to the coolant pumps. It is estimated that 
770 petabequerels (PBq) were released to the environment [11] which comprised primarily of fission 
products (i.e. Iodine-131 and Caesium-137).  
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Figure 1.1: Schematic of  a Fukushima Dai-Ichi  reactor which were GE boiling water reactors known 
as Mark 1 containment vessels [11]. 
This further emphasizes the need to limit oxidation rates on zirconium alloy fuel cladding through the 
use of surface-treated layers to act as an additional safety barrier, long enough for external 
intervention to facilitate a safe resolution to LOCA. 
 
1.3 The Demand for Nuclear Energy  
 
The Fukushima Dai-Ichi nuclear accident triggered a series of reviews into current nuclear safety 
practice and multiple regulatory reforms [12, 13] to optimise safety of reactors prior to, during and 
post-reactor operations. Following the accident, a few countries that use civil nuclear power took the 
decision to shut down some or most of their reactors [1], until extant regulations were scrutinised, 
verified, validated and where necessary, improved upon. This decision had detrimental economic 
consequences on countries such as Japan that have historically relied upon a sizable base load power 
being produced from nuclear to meet the population’s energy requirements [14]. For instance, the 
shutdown of 48 reactors from a total of 50 in the aftermath of the accident led to a dramatic increase 
in Liquefied Natural Gas (LNG) imports, in an attempt to replace the energy lost from nuclear. 
However, this led not only to an increase in carbon footprint due to LNG being a fossil fuel but also 
resulted in tens of billions of dollars more being spent than if nuclear power stations had been kept 
operational [14]. 
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The global share of electricity generated from nuclear power is set to increase as environmental 
policies shift to low-carbon sources of energy. The United Kingdom for instance, is set to close all of 
its coal-fired power stations (which provide about 40% of its energy needs) by 2025 [15] which would 
have to be replaced by an alternative energy source. The feasibility of reliance on wind and solar for 
instance, suffers from intermittency issues for continuous on-demand requirements. Wind turbines 
and solar panels also occupy a much larger area of land for the equivalent energy output compared 
to nuclear energy and require frequent replacement and maintenance. The land space occupied by a 
wind farm is about 133 square miles and for a solar power plant this is about 65 square miles per 1000 
Megawatt capacity compared to 1.3 square miles for nuclear [16]. Furthermore, on-site gas power 
plant would be required should the energy generated from wind and solar not meet demand due to 
its intermittency. It has been recognised by UK government that nuclear energy will be required to fill 
this gap, together with renewables and gas, in an ‘energy mix’ policy. Nuclear power provides 11.5% 
of the world’s electricity, with 65 reactors currently under construction globally, and more being 
planned or in the pipeline. The rate-limiting factor in the construction of nuclear power plants is the 
large up-front capital expenditure, however considerable focus and research efforts has recently been 
given to small modular reactors to: (i) reduce new-build construction costs; (ii) meet the particular 
needs of industries and consumers, and (iii) ease transport logistics with smaller modular components 
[17].   
For extant reactors, there is also a demand to extend their design life and also to increase reactor 
burnup from the current 35-45 GWd/tU (gigawatt days per tonne of uranium) [18] to higher than 50 
GWd/tU, to meet increasing energy demands from industry and consumers as well as to increase 
electricity production efficiency and hence profitability for reactor operators. However, higher burn-
ups would lead to an accelerated corrosion rate [19]. These issues have driven considerable research 
into understanding the high temperature oxidation mechanisms of zirconium alloys and has brought 
a renewed interest to investigate potential avenues to increase the oxidation resistance of fuel rod 
cladding.   
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1.4 Overview of Zirconium  
 
Zirconium is a reasonably abundant metal found in the Earth’s crust (165 parts per million by weight) 
[20] and is primarily found in its mineral form as zircon sand (ZrSiO4). It is a transition metal located in 
the fourth group of the periodic table and is commercially produced by reduction with chloride with 
magnesium in the Kroll process. Its high melting point places zirconium among the refractory elements 
– making it attractive for high temperature applications. It is ductile, malleable and has good corrosion 
resistance below 300oC and its properties (See Table 1.1) have attracted much interest in the nuclear, 
dental and chemical processing industries.  
Table 1.1: Properties of HCP α-Zr [20]. 
Property Value 
Space Group P69/mmc 
Atomic Weight 91.22 
Atomic Number 40 
Lattice Parameters (HCP) a=b=3.23 Å, c=5.14 Å 
α=β=90o, γ=120o 
 
Thermal expansion (at RT) 5.7 x 10-6 K-1 
Thermal conductivity 21.5 W/(m.K) 
Young’s Modulus 64 GPa 
Vickers Hardness 0.82-1.80 GPa 
Melting Temperature 1850 oC 
Density 6.51 g/cm3 
Neutron Absorption Cross-section 0.184 barns 
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1.4.1 Crystal Structure of Zirconium 
 
Unalloyed zirconium is allotropic. At room temperature, zirconium has a hexagonal close packed (HCP) 
structure, known as alpha (α)-phase and is anisotropic1. When this is heated up to 865oC, the Zr atoms 
rearrange to form a body centred cubic (BCC) structure, referred to as a beta (β)-phase which is stable 
from 865oC up to the melting point at 1845oC [20]. These two phases have different mechanical 
properties. The presence of alloying elements changes the transus temperature and allows multi-
phased alloys to form and in the case of Zr in nuclear applications, enhances oxidation resistance 
properties. When alloying elements are added in small amounts, they stabilise certain phases by 
altering the transformation temperature and the regions of stability. The ease of plastic deformation 
in Zr increases from HCP to BCC due to the limited number of available slip systems2 for dislocation 
movement in the HCP structure – 5 in HCP compared to 12 in BCC. The energy needed for plastic 
deformation also depends on having the minimum slip distance (i.e. the interatomic distance in the 
slip direction on the slip plane). For BCC structures, this is 0.866a but for HCP structures, this is higher 
at 1a [21] (where a is the lattice parameter of the respective unit cell) – which favours the deformation 
of BCC over HCP metals.  
 
1.5 The Use of Zirconium Alloys in the Nuclear Industry  
 
Zirconium alloys such as Zircaloy-2 (used in boiling water reactors (BWRs), Zircaloy-4 and ZIRLOTM 
(used in pressurised water reactors (PWRs) (Table 1.2) are widely used in the nuclear industry as 
cladding material for fuel rods. The main difference between these two types of light water reactors 
(LWRs) is PWR has pressurised water at over 300oC in its primary cooling/heat transfer circuit and 
generates steam in a secondary circuit, while BWR boils water directly to steam in the primary circuit 
above the reactor core. The use of Zr alloys extends to other major structural parts such as fuel 
channels, pressure tubes, garter springs and spacer grids [19]. They display favourable properties such 
as: low neutron absorption cross-section (0.184 barns), resistance to stress corrosion cracking, low 
hydrogen uptake, radiation tolerance and adequate oxidation/corrosion resistance under reactor 
operating temperature/pressure conditions.   
 
 
1 Anisotropy is the property of being directionally dependent which implies different properties in different 
directions. 
2 A slip system describes a set of slip planes and a family of slip directions that allows dislocation motion to 
occur that lead to plastic deformation.  
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Table 1.2: Chemical composition of Zr alloys (wt%) used in fuel rod cladding [22]. 
Element Zircaloy-2 Zircaloy-4 ZIRLO 
Sn 
Nb 
Fe 
Cr 
Ni 
 
1.20-1.70 
- 
0.07-0.20 
0.05-0.15 
0.03-0.08 
 
1.20-1.70 
- 
0.18-0.24 
0.07-0.13 
- 
 
0.90-1.20 
0.98-1.0 
0.1-0.11 
<0.05 
- 
 
 
 
1.6 A Brief History of Cladding Materials used in the Nuclear Industry  
 
In the 1950’s, magnesium (Mg) alloys were selected as cladding material for the Magnox reactor 
(Calder Hall, Windscale England) – the world’s first commercial nuclear power plant (1956) [23]. The 
obsolete cladding - Magnox (Magnesium non-oxidising) which the reactors are named after, consisted 
of: A12 alloy (Mg with 0.7-0.9% Al) and ZA alloy (Mg with 0.45-0.65% Zr) (in wt%) [24]. However, the 
Mg alloy restricted the maximum coolant temperature to 500oC, which limited the thermal efficiency 
(heat energy transfer from coolant to the generation of steam) that could be achieved. A second 
drawback was that spent Mg alloys exhibited high corrosion in water (due to impurities in magnesium) 
which was not an issue during reactor operation since the coolant used was carbon dioxide gas, but 
did result in medium to long-term storage issues in spent fuel pools, a legacy which is still present at 
the storage silos at Sellafield UK [25]. 
Austenitic 316 stainless steel (20Cr-25Ni-0.70Nb-0.62Mn-0.57Si-0.049C-Fe in wt%) [26] was then 
adopted as the cladding material for the Generation II Advanced Gas-cooled Reactors (AGRs) in the 
UK. The advantage of using stainless steel cladding compared to Magnox cans was the capability to 
reach higher thermal efficiencies due to higher operating temperatures up to 600oC, although using 
stainless steel cladding increased the neutron absorption cross section relative to the Mg alloys. This 
necessitated increased uranium enrichment to compensate for the neutrons absorbed during cladding 
bombardment. Stainless steel cladding was however, found to suffer from inter-granular attack 
through volatile fission products such as iodine, detrimentally affecting the microstructural properties 
[27]. Potential cladding failure due to Pellet-Cladding Interaction displayed further deleterious effects 
on its ductility. 
During the 1950’s zirconium alloys were developed in the US principally due the low thermal neutron 
capture cross-section of Zr, which enabled the use of lower enrichment fuels. Zirconium alloys have a 
thermal conductivity 30% higher (21.5 W/m.K) than stainless steel alloys (16.3 W/m.K)  [28, 29], 
enabling higher thermal efficiencies to be achieved. This is further aided by having a linear coefficient 
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of thermal expansion almost 1/3 (5.3 x 10-6 K-1) the value for stainless steels (16.0 x 10-6 K-1) [30] giving 
Zr alloys superior dimensional stability at elevated temperatures. Pure Zr was first used as cladding 
material in the STR Mark I prototype reactor [31]. The addition of 2.5 wt% tin (Sn) formed the basis 
for Zircaloy-1 which increased its strength and formability of Kroll sponge Zr. After high temperature 
water corrosion tests however, it was found that the corrosion rate of Zircaloy-1 had actually 
increased with time compared to pure Zr [32]. The addition of 1.5% Sn, 0.12% Fe, 0.10% Cr and 0.05% 
Ni (in wt%) resulted in Zircaloy-2 which was found to have properties similar to those of Zircaloy-1 but 
much better corrosion resistance. Zircaloy-2 was deployed for use in boiling water reactors (BWRs) 
and pressure tubes for heavy water reactors. A slight increase in Sn and a reduction in iron (Fe) led to 
the development of Zircaloy-3. During corrosion testing however, white corrosion artefacts identified 
as stringers of Fe-Cr intermetallic compounds were observed. These formed during the fabrication 
process in the α+β region (790-950oC) which was found to promote the agglomeration of intermetallic 
species. This combined with inferior mechanical strength compared to Zircaloy-2 led to its 
abandonment [33]. The removal of Nickel (Ni) from Zircaloy-2 resulted in lower hydrogen pickup and 
oxidation resistance was further enhanced when Fe content was increased to 1.5 wt% resulting in the 
alloy designated as Zircaloy-4. This alloy had good oxidation resistance in water/steam conditions with 
hydrogen pickup reduced by one half compared to Zircaloy-2 and was thus deployed for use as fuel 
cladding and associated reactor core components in PWRs. The inclusion of 1 wt% niobium (Nb) added 
to the cladding resulted in ZIRLOTM whereby the Nb acts as a hardening agent [34]. Other Nb-Zr alloys 
such as Zr-2.5%Nb, M5® (1Nb-0.01Sn-0.05Fe-0.015Cr-Zr) [34] and E110 (1.04Nb-0.02Sn-0.05-0.01Fe-
Zr) [35] (in wt%) were also developed. 
 
1.7 The Fabrication and Manufacture of Zr Alloys for Nuclear Reactors  
 
Zircon is the ore from which zirconium and hafnium (Hf) are produced. It is typically found as beach 
sand (Zr-HfSiO2) in many parts of the world. In 1824, Berzelius produced impure Zr powder by the 
reduction of potassium zirconium fluoride with sodium. Troost was able to obtain Impure Zr metal 
which involved the reduction of zirconium tetrachloride (ZrCl4) with magnesium. Later, Van Arkel 
produced ductile Zr by using an iodine process in which a hot filament was used to decompose 
zirconium iodide [20], however, this process was expensive.  
It wasn’t until 1924 that a much higher purity of Zr metal was obtained when Lely and Hamburger [36] 
reacted zirconium tetrachloride with sodium in an autoclave. The ZrCl4 was produced by reacting 
zirconium oxide with chlorine and carbon tetrachloride. The resulting zirconium pellets were washed 
with concentrated hydrochloric and nitric acid, then washed in solvents and dried. These were treated 
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in a vacuum furnace to produce Zr metal which was pure, ductile and malleable. They succeeded 
where others had failed because zirconium tetrachloride was handled in the absence of air [20], 
preventing oxide formation which having just 0.2% residual oxygen was shown to result in a brittle 
structure. 
But it was Kroll, credited for having developed a magnesium-reduction process for the manufacture 
of Ti metal [37], who later developed a more economical method for producing ductile Zr by reducing 
zirconium tetrachloride with molten magnesium in an inert atmosphere [38]. This resulted in the 
development of ‘sponge Zr’. Today, much of the commercial-grade Zr metal is produced via the Kroll 
process. 
A crucial step for the production of reactor-grade Zr is the removal of hafnium from zirconium since 
this element has a high cross-section for neutron absorption (104 barns) [39] compared to Zr (0.184 
barns) which can make the fission process inefficient by absorbing too many neutrons that would 
otherwise be used in nuclear fission reactions from the uranium oxide (UO2) fuel pellets encased inside 
the fuel rods. The Hf separation process is typically conducted after the carbo-chlorination process 
and before reduction with magnesium. One of the main techniques used for Hf separation involves 
dissolving the tetrachloride in hydrochloric acid (HCl) and water. The Zr ions are complexed with 
ammonium thiocyanate and the Hf is preferentially extracted by methyl isobutyl ketone (MIBK), which 
is an organic solvent, whilst the Zr is in the aqueous phase. This is repeated many times until the Hf 
content is less than 100 ppm [20] which is then stripped from the solvent. The Zr is precipitated by the 
reaction of zirconyl-chloride with sulphuric acid and then reacted with ammonium hydroxide and 
calcined – resulting in (fine) zirconium oxide. After blending to remove impurities, it is reacted with 
carbon and chlorine gas during chlorination to produce a zirconium tetrachloride [40]. 
 
1.7.1 The Kroll Process  
 
The Kroll process is a pyrometallurgical process used to produce zirconium. It consists of a number of 
key steps that involve zirconium oxide being converted into sponge zirconium [20]:  
The Kroll process involves a number of key steps which involve Zircon sand being converted into ZrCl4 
via a carbo-chlorination process in a fluidised bed at 1200oC [20]:  
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(i) Carbo-chlorination and purification of zirconium oxide 
Zirconium oxide and coke3 are fed into a fluidised bed reactor at 1200oC and chlorine gas is also 
introduced via a separate inlet. The reaction for this is:  
𝑍𝑟𝑂2 + 2𝐶 + 2𝐶𝑙2  →  𝑍𝑟𝐶𝑙4 + 2𝐶𝑂 (1.1) 
The zirconium oxide is stripped of its oxygen and binds with chlorine, forming zirconium tetrachloride 
which undergoes fractional distillation to remove impurities to produce pure zirconium tetrachloride.  
 
(ii) Reduction of zirconium tetrachloride  
Pure zirconium tetrachloride is reduced using molten magnesium at a temperature of 850-850oC to 
produce zirconium sponge. The reaction for this is:  
𝑍𝑟𝐶𝑙4(𝑔) + 2𝑀𝑔(𝑙)  → 𝑍𝑟(𝑠) +  2𝑀𝑔𝐶𝑙2(𝑙) (1.2) 
Magnesium chloride is produced as a by-product of the reaction and settles at the bottom of the 
reactor due to its heavier density. The reactor is further heated and distilled at 1090oC for 4 days to 
remove magnesium chloride and any remaining magnesium which is collected in a separation tank 
leaving zirconium sponge in the reactor.  
 
(iii) Electrolysis of magnesium chloride  
The magnesium chloride produced in the reduction process is decomposed into chlorine and 
magnesium gas by electrolysis. The chlorine gas is returned to the carbo-chlorination process and the 
magnesium is returned to the reduction process for reuse.  
 
(iv) Crushing and sizing of zirconium sponge and the production of zirconium metal 
Zirconium sponge is crushed using a guillotine press machine, shearing machine and a jaw crusher. 
The crushed zirconium sponge is further pressed then forged into billets. This then undergoes hot 
rolling then cold rolling steps followed by annealing at 1260oC to produce high purity zirconium metal 
sheets.  
 
 
 
 
 
 
3 Coke is a hard, porous fuel with a high carbon content with few impurities - made by heating coal or oil in the 
absence of air. 
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1.7.2 The Manufacture of Zircaloy Fuel Cladding  
 
Cladding tubes for fuel rods house the uranium dioxide (UO2) fuel pellets and serve to contain the 
radioactive elements produced due to neutron bombardment during nuclear fission reactions. 
Zircaloy cladding tubes contain alloying elements including tin (Sn), iron (Fe), chromium (Cr) and nickel 
(Ni), which are added during the ingot fabrication stage to improve the mechanical and corrosion 
resistance properties of zirconium. The low solubility of iron, chromium (<150 wt. ppm) [41] and tin 
(<290 wt. ppm) [42] in HCP α-Zr allow the formation of intermetallic precipitates which are also 
referred to as secondary phase particles (SPPs). In Zirclaoy-2 the precipitates are found as Zr(Cr,Fe)2 
and Zr2(Fe,Ni) and in Zircaloy-4, the main precipitates formed are Zr(Cr,Fe)2 and ZrFe3 [43]. Whilst the 
total concentration of the alloying elements is less than 2 wt%, the general oxidation resistance in 
steam and pressurised aqueous environments (i.e. a nuclear reactor) is substantially improved 
compared to unalloyed pure Zr [44]. These alloying additions to Zr have low cross-sections for neutron 
absorption thus preserving neutron economy during reactor operation. Thus, the main function of 
alloying elements is that they form intermetallic phases within the grains of Zr to precipitation 
strengthen the metal by hindering dislocation motion which increases the mechanical strength of the 
alloy. This improves the corrosion resistance by limiting bulk diffusion of oxygen (via cracks) into the 
alloy.  
The manufacture of Zircaloy cladding tubes involves forging of ingots into rods which are then β-
quenched at 1050oC. Initially, the ingots are forged into billets and extruded into a rod with dimensions 
of 150-200 mm at a temperature of 700-740oC which is in the α-phase region [45]. The rods undergo 
three cold rolling operations whereby the outer diameter of the tube is about 12.3 mm. Between the 
first and the second cold rolling the extruded tube is β-quenched to 1050oC for a few seconds at a rate 
of 200oC per second [46] to room temperature by a water spraying method. β-quenching improves 
the resistance to accelerated nodular corrosion in water and high-pressure steam. The resistance to 
the development of nodular corrosion in Zr alloys was attributed to the reduction in particle size and 
even distribution of the intermetallic compounds in the material. Prior to the last cold-rolling 
operation, the tube is annealed at a temperature of 575oC [46].  
The next section of this chapter will examine the general oxidation mechanisms of zirconium alloys. 
This is crucial to fully appreciate the challenges that the project presents when attempting to fabricate 
a surface-treated layer/coating to delay oxidation and prevent hydrogen evolution particularly in 
abnormal LOCA conditions.  
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1.8 Oxidation Behaviour of Zr Alloys  
 
Corrosion of metals is the degradation caused by chemical or electrochemical reaction with the 
environment. The electrochemical process involves two half-cell reactions that involve the transfer of 
electrons. The two half-cell reactions are oxidation and reduction. Oxidation is the loss of electrons or 
an increase in oxidation state of an atom. Reduction is the gain of electrons or a decrease in the 
oxidation state of an atom. The ability of a metal to undergo oxidation and reduction (redox) reactions 
leads to a potential energy gradient across the system. The ability of a reaction to occur is determined 
by the Gibbs free energy. A negative free energy corresponds to an increased likelihood of a reaction 
to occur while a positive free energy requires an external driving force to induce a reaction. The first 
part of the literature review will outline the oxidation of zirconium. 
Zirconium alloys continue to be employed as the primary structural materials for fuel cladding, fuel 
channels, spacer grids and pressure tubes in most water-cooled nuclear power reactors and forms 
part of the reactor core. Their most important function is to serve as the first barrier against the 
release of fission products into the coolant. Reactor grade zirconium alloys are considered to have 
good corrosion resistance under reactor conditions; however, commercial pressures to achieve higher 
fuel burnups and thermal efficiencies have resulted in faster oxidation rates and increased corrosion 
of Zr alloys, which have led to reduced mechanical strength and longevity during operation.  
The corrosion reaction of zirconium metal in water is written as [47]:  
𝑍𝑟(𝑠) + 2𝐻2𝑂(𝑙)  →  𝑍𝑟𝑂2(𝑠) + 2𝐻2(𝑔) (1.3) 
The products of the reaction in Equation 1.3 are the formation of an oxide layer and the evolution of 
hydrogen, which is partially absorbed into the metal. A basic schematic of the oxidation process is 
presented in Figure 1.2.  
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Figure 1.2: Schematic of the zirconium oxidation process [48]. 
During aqueous corrosion in a reactor, oxygen from the water molecules can dissociate via radiolysis 
(due to ionising radiation) and is adsorbed onto the oxide layer surface at an oxygen vacancy site 
(Figure 1.2 Steps (1) and (2)). The oxide is sub-stoichiometric (ZrO2-x) at the metal/oxide interface and 
since there is a higher oxygen concentration at the oxide/water interface, a concentration gradient 
exists resulting in an electrochemical potential across the oxide [48]. The oxygen anions (negatively 
charged ion) diffuse (via solid-state diffusion) either along the grain boundaries or through the cracks 
and defects of the oxide [49]. When the oxygen anion migrates to the metal/oxide interface region, it 
reacts with zirconium cations (3) to form new oxide (4). Thus, new oxide growth occurs inwards 
(towards the bulk metal). The oxidation of zirconium is driven by the low free energy of formation of 
zirconium oxide (-900 kJ/mol at 360oC [50]) which allows zirconium to easily combine with oxygen. 
The reaction releases electrons which migrate through the oxide in the opposite direction to oxygen 
anions, to the oxide/water interface. These electrons then reduce hydrogen ions at the cathodic sites 
(5). However, some of the hydrogen atoms do not recombine and instead diffuse through the oxide 
layer and into the metal (commonly referred to as ‘hydrogen pickup’) where they are typically in solid 
solution in the α-Zr matrix or precipitate as zirconium hydride upon cooling [51]. 
Zirconium has a high affinity for oxygen (ΔG = -1037 kJ/mol [52]) and actively absorbs gases such as 
oxygen. Indeed, fuel rods typically have a nascent 2-5 nm oxide layer [19] in their as-fabricated state 
which serves to protect the underlying Zr alloy metal from further oxidation. The Zr-O binary phase 
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diagram in Figure 1.3 shows oxygen solubility in α-Zr to be about 28 at% at 300oC. As the oxide layer 
thickness increases (due to increased oxidation time), the oxidation rate decreases as direct contact 
between metal and water is lost due to the formation of the oxide layer. Thus, the diffusion of oxidising 
species across the oxide layer is a rate-limiting step for the oxidation process [53].  
 
Figure 1.3:  Zr-O phase diagram showing oxygen solubility in zirconium [54]. 
 
1.8.1 Polymorphs of Zirconium Oxide  
 
Zirconium oxide exists in three crystallographic polymorphs. These are monoclinic (m-ZrO2), 
tetragonal (t-ZrO2) and cubic (c-ZrO2) zirconia. Monoclinic zirconia is stable from room temperature 
up to its phase transformation to the tetragonal phase at 1170oC, at which stage the t-ZrO2 phase is 
thermodynamically stable until its transformation to the cubic phase at 2370oC [55]. This is a 
martensitic and reversible process. Given the reactor core temperatures during LOCA in the lead up 
to the Fukushima disaster were estimated to be above 900oC as mentioned earlier, it is reasonable to 
assume that the oxide formed on the fuel cladding during oxidation and high temperature corrosion 
of the Zr alloy fuel cladding comprised predominantly of monoclinic zirconia phase. The lattice 
parameters for the three polymorphs are summarised in Table 1.3.  
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Table 1.3: Lattice parameters for bulk zirconium metal and zirconia polymorphs. 
Lattice 
Parameter 
Monoclinic 
[56] 
Tetragonal 
[57] 
Cubic [58] 
HCP α-Zr 
[59] 
a 
b 
c 
α 
β 
γ 
5.15 Å 
5.20 Å 
5.31 Å 
90.00o 
99.22o 
90.00o 
3.59 Å 
3.59 Å 
5.18 Å 
90.00o 
90.00o 
90.00o 
5.15 Å 
5.15 Å 
5.15 Å 
90.00o 
90.00o 
90.00o 
3.23 Å 
3.23 Å 
5.14 Å 
90.00o 
90.00o 
90.00o 
c/a 1.03 1.44 1.00 1.59 
 
 
1.8.1.1 Properties of Monoclinic Zirconia  
 
The naturally occurring form of zirconium oxide is the mineral Baddeleyite which has a monoclinic 
structure (space group P121/c1). XRD studies of zirconia revealed the monoclinic phase has the 
highest number of peak reflections of the zirconia polymorphs with the main peak reflection in the 
(1̅11) direction at a 2θ angle of ~28o [56] (Figure 1.4). This is because of its low symmetry whereby 
the lattice parameters a, b and c are all different lengths (unlike the tetragonal and cubic zirconia 
polymorphs) and so there are more planes of the sample for the incident X-ray beam to diffract. For 
m-ZrO2, the co-ordination number of Zr4+ cations is 7, whereas this is 8 for t- and c-ZrO2 [60]. The strong 
nature of the Zr-O bond favours a seven-fold co-ordination number and is thermodynamically 
favourable to form m-ZrO2 that is stable at lower temperatures (RT to its transformation temperature 
of 1170oC) compared to t- or c-ZrO2.  
The monoclinic zirconia phase has also been identified using XRD, Raman spectroscopic analysis [61] 
and Transmission Electron Microscopy (TEM) studies [62]. Oxidation of Zr alloys in aqueous 
environments typically results in an oxide scale comprised mostly of the m-ZrO2 phase with an average 
grain size of 40-60 nm [63]. The monoclinic phase has severe practical implications since its formation 
during cooling from the high temperature tetragonal phase is associated with an oxide volume 
expansion of 3-5% [64, 65], followed by crack propagation in the oxide which can lead to increased 
porosity and accelerated oxidation kinetics compared with oxygen migration to the substrate via grain 
boundaries. Thus, m-ZrO2 is regarded as non-protective [66]. This can detrimentally affect the overall 
mechanical strength of Zr-based components. Furthermore, the monoclinic phase is not stabilised by 
compressive stresses that develop at the oxide/metal interface. A scrutiny of the available literature 
revealed that the reason for this has not been clearly identified. A possible reason might be due to the 
differences in the a and c lattice parameters between monoclinic zirconia (5.15 Å and 5.31 Å 
respectively) and HCP α-Zr metal (3.23 Å and 5.14 Å). The high lattice mismatch of the a lattice 
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parameter (b & c lattice parameters to a lesser extent) of monoclinic zirconia and HCP α-Zr metal may 
promote the growth of a porous oxide containing defects such as cracks which would allow migration 
of oxidising species to the host metal resulting in further oxidation.  
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Figure 1.4: XRD patterns showing reflections of HCP α-Zr [59], m-ZrO2 [56], t-ZrO2 [57] and c-ZrO2 [58]. 
 
1.8.1.2 Properties of Tetragonal Zirconia  
 
The detection of the tetragonal zirconia phase (space group: P42/nmc) has been commonly reported 
from XRD studies [67, 68] and the pattern is presented in Figure 1.4 with the predominant peak in the 
(011) direction at a 2θ angle of ~31o. During initial oxide growth near the interface region, the oxide 
scale is comprised of a mixture of tetragonal and (mostly) monoclinic zirconia. The XRD patterns for 
m- and t-ZrO2 will play an important role in phase analysis in Chapters 4 and 5. The highest t-ZrO2 
content and stability of this phase during oxide development on Zr (alloys) has been reported to be in 
the metal/oxide interface region [69] with volume fraction generally reported to be 5-15% [70, 71] 
but has been reported to be as high as 40% at the oxide/metal interface calculated from residual stress 
measurements obtained from XRD experiments [70] and decreases with increased distance away from 
the oxide. It has been suggested that the tetragonal phase promotes a protective role of the oxide 
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scale due to its stability. A possible reason for this might be due to the similar lattice parameters of 
the tetragonal phase and the host HCP α-Zr metal. It can be seen from Table 1.3 that the a and c lattice 
parameters for the tetragonal phase are 3.59 Å and 5.18 Å which is fairly similar to the a and c lattice 
parameters for HCP α-Zr metal 3.23 Å and 5.14 Å. The slight lattice mismatch is a contributing factor 
to the growth of compressive stresses which are small during early growth and so the t-ZrO2 is briefly 
stabilised by the build-up of these stresses which are highest at the interface. Another reason for t-
ZrO2 stabilisation is due to the smaller crystallite size of about 25-30 nm [72] compared to 40-60 nm 
for m-ZrO2. The grain boundaries would act as a barrier to dislocation movement resulting in high 
strength and this may play a role in its stability. In terms of grain morphology, Petcheur [73] showed 
that the interface region (comprising high t-ZrO2 content) tends to exhibit an equiaxed grain structure 
whilst the preformed outer oxide scale exhibits a columnar grain structure comprising mostly of m-
ZrO2 and low t-ZrO2 content. 
As the oxide thickness increases during growth, a critical point is reached whereby the compressive 
stress (in the oxide scale) can no longer stabilise the tetragonal phase (due to the diminishing 
compressive stress with increased distance away from the interface) and transforms to the 
thermodynamically stable monoclinic zirconia if the temperature range is from RT to its 
transformation temperature of 1170oC. The question as to why the t-ZrO2 phase forms in this 
temperature range in the first place is not clearly defined in the literature but could be due to the 
process conditions used to carry out oxidation experiments. The pressures used inside the autoclave 
as well as the smaller grain size of t-ZrO2 compared to m-ZrO2 has the effect to influence and lower 
the monoclinic-tetragonal transformation temperature [60] – allowing metastable t-ZrO2 to form. As 
such, the tetragonal zirconia phase has been widely reported in aqueous conditions at about 360oC at 
a pressure of about 22 MPa in autoclave experiments [74, 75] even though monoclinic to tetragonal 
zirconia transition temperature is 1170oC at atmospheric pressure.  
Other techniques used to identify the tetragonal phase are electron backscatter diffraction (EBSD) and 
TEM. Garner et al [76] for instance used these techniques to map regions where m- and t-ZrO2 grains 
were present in the oxide formed on Zircaloy-4 after hydrothermal oxidation tests at 350oC for 106 
days. EBSD is a useful technique as it allows grain-to-grain orientations of specific phases to be 
measured. The tetragonal phase was shown to form mainly near the metal-oxide interface with 
equiaxed grain of ~30 nm in diameter and comprised ~1% of the total volume fraction of the oxide 
which decreased with increasing distance away from the oxide interface. This is much lower than the 
tetragonal volume fraction reported from X-ray diffraction (XRD) studies of 5-15% [77, 78]. This 
difference is most probably due to the stress relaxation that occurs during TEM sample preparation, 
and so there is insufficient compressive stress to stabilise the tetragonal phase which allows 
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transformation of the metastable tetragonal grains to m-ZrO2 to take place. In contrast, XRD is a bulk 
(non-destructive) technique - sampling a comparatively large volume allowing the stress state of the 
(metastable) tetragonal zirconia to be maintained.  
Another technique that has been used to identify tetragonal zirconia is Raman spectroscopy. Iderraga 
et al [79] performed Raman spectroscopic analysis on oxidised Zr alloys and commercially obtained 
tetragonal zirconia powder and reported that the peak intensities for t-ZrO2 were in the 267 and 456 
cm-1 regions. This is in good agreement with other Raman spectroscopic analysis carried out to detect 
tetragonal zirconia phase. Thus, there are a number of characterisation techniques used to detect 
metastable tetragonal zirconia.  
 
1.8.1.3 Properties of cubic Zirconia  
 
Pure cubic zirconia (space group: Fm-3m) is thermodynamically stable at temperatures above 2370oC. 
The XRD pattern for cubic zirconia was presented earlier in Figure 1.4 with the predominant peak in 
the (111) direction at a 2θ angle of ~32o. The lattice parameters are a = b = c = 5.15 Å [80] which differs 
significantly from the lattice parameters of the HCP α-zirconium bulk metal. The implications of this is 
that during initial oxidation of the zirconium alloy, any cubic phase formation at temperatures lower 
than its thermodynamic stability of formation (<2370oC) will only be partially stabilised due to the 
compressive stress at the metal/oxide interface. However, like the tetragonal zirconia phase, as the 
oxide thickness increases, the compressive stress is unable to continue to stabilise this phase. Alloying 
additions such as yttrium (Y), cerium (Ce) and magnesium (Mg) are seen as promising candidates to 
stabilise the c-ZrO2 phase due to its high symmetry over a wide temperature range [81] compared to 
monoclinic zirconia which is low in symmetry. Another technique used to identify cubic zirconia phase 
was Raman spectroscopy. Idarraga et al [79] studied the oxidation behaviour of Zircaloy-4 at 800-
1000oC under air flow and showed Raman peaks that were attributed to the c-ZrO2 phase presented 
in the Raman spectrum in Figure 1.5 which can be seen to be distinctly different from the peaks 
attributed to the m- or t-ZrO2 phase.  
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Figure. 1.5: Raman spectra of oxidised sample (a) c-ZrO2, (b) t-ZrO2, (c) m-ZrO2 [79]. 
Attractive properties include its high hardness and a refractive index of 2.15 which is comparable to 
that of diamond (2.42) [55] and both therefore share a similar visual appearance. Due to these 
properties, as well as its low cost and durability, cubic zirconia is used in the synthetic diamond 
industry and is seen as an important economic competitor for diamonds.  
The oxidation kinetics of Zr alloys can be broadly categorised as following the pre-transition and post-
transition regimes and are described in the following sections.   
1.8.2 The Pre-Transition Period  
 
The early stage of oxidation is characterised by an oxide film which has been commonly reported to 
grow in accordance with a parabolic rate law4 (Equation 1.4) [82-84]:  
𝛿(𝑡) = 𝑘1𝑡
𝑛 (1.4) 
Where 𝛿 is the oxide thickness/weight gain, t is the exposure time, 𝑘1and 𝑛 are a constant and a power 
law exponent respectively [85].  
The oxidation process is controlled by oxygen diffusion through the oxide layer [86] or by crystallite 
boundary diffusion, which is known to be more rapid than bulk diffusion [87]. The process is 
accompanied by the presence of small grey regions on the black oxide surface [88] which grow larger 
and spread across the surface, forming a uniform layer of oxide covering the surface of the specimen. 
The initial oxide layer is comprised of monoclinic and tetragonal grains that are randomly oriented. 
With increased exposure time, oxide grows inwards into the α-Zr metal. As oxide thickness increases 
with time, some of the oxide grains grow preferentially in the (1̅11) direction, leading to a columnar 
 
4 The oxide weight gain decreases with time. This is because direct contact between the metal and water is lost 
due to the formation of an oxide layer. Thus, diffusion of oxidising species into the bulk metal is a rate-limiting 
step for the oxidation process.  
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oxide structure [89] which is consistent with the predominant peak for the monoclinic phase. TEM 
studies revealed the formation of columnar grains growing perpendicular to the metal/oxide interface 
region to a length of ~200 nm [48]. The driving force for this has been reported to be the large 
compressive stresses that develop during early oxide growth due to the Pilling-Bedworth (P-B) ratio 
of ~1.56 [90]. This is the ratio of the volume of the oxide to the volume of the corresponding metal. 
Since in most autoclave experiments, the metal thickness is much greater than the oxide thickness, 
the oxide is constrained to accommodate the P-B ratio largely by inward growth into the α-Zr matrix 
which is why compressive stresses are highest at the metal/oxide interface region. This is able to 
partially stabilise the t-ZrO2 phase as it is more dense (5.80 g/cm3) [91] compared to m-ZrO2 (5.58 
g/cm3) [92]. It has been suggested that increase in compressive stress that develops during early oxide 
growth can affect the oxygen diffusion coefficient by compressing the oxide lattice thereby making 
oxygen diffusion more difficult [93] resulting in a sub-stoichiometric oxide (ZrO2-x) at the metal/oxide 
interface region. Indeed, Bryner [94] proposed that the build-up of compressive stress normal to the 
through-thickness direction of the oxide layer increases with increasing oxide thickness - which 
indicates the presence of a stress gradient at the oxide/metal interface which may cause the closure 
of many diffusion paths and was found to reduce the oxidation rate. However, buckling of the oxide 
film occurs when the compressive stress reaches a critical value, producing cracks and pores that 
promote paths for oxygen diffusion, further accelerating the oxidation process according to a linear 
power rate law. It is considered that the tetragonal and monoclinic oxide phases play a protective role 
against further oxidation to a certain extent, but the reasons of its stabilisation are debatable. Previous 
studies carried out by Bouvier et al [95], Godlewski et al [66] and Barberis et al [96] concluded that 
there are three likely factors for stabilisation of the tetragonal phase: i) a smaller crystallite size of t-
ZrO2 compared to m-ZrO2, ii) point defects in the oxide layer and iii) the compressive stress state of 
the layer generated during oxidation. Furthermore, Djurado et al [97] demonstrated that crystallite 
sizes ranging 20-30 nm are responsible for the tetragonal phase stabilisation at the metal/oxide 
interface. This infers that a nanocolumnar PVD Zr-based metallic coating might also assist in t-ZrO2 
phase stabilisation. Iltis et al [98] proposed that the presence of lattice defects within the oxide layer 
induced by the sub-stoichiometry of the zirconia stabilises the tetragonal phase beyond the interface 
region. 
During the oxidation process, if the compressive stress generated is below a critical limit, stress 
relaxation occurs resulting in an instability of the tetragonal phase. A martensitic phase 
transformation takes place whereby the meta-stable tetragonal phase transforms to the 
thermodynamically favourable monoclinic phase if the conditions used are below the m→t 
transformation temperature of 1170oC. As mentioned previously, this transformation is associated 
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with a 3-5% volume expansion of the oxide upon cooling from the tetragonal phase [99]. The transition 
from equiaxed to columnar oxide growth has been reported to occur at a diameter of 30-40 nm, which 
has also been reported to be the diameter at which the monoclinic phase is thermodynamically more 
favourable to form over the tetragonal phase [48]. The diffusion-controlled oxidation rate continues 
up to a critical oxide thickness reported to be ~2-3 μm [100] at which point a structural breakdown of 
the oxide layer occurs (characterised by formation of cracks near the pre-formed outer oxide layer). 
Yilmazbayhan et al [63] reported a multi-layered oxide structure on Zirclaoy-4 was observed using 
optical microscopy, in the form of light and dark bands (Figure 1.6) after oxidation tests in 360 oC water 
for 784 days at 18 MPa pressure. This is consistent with the above-mentioned structural transition 
that occurs every 2-3 μm (due to relaxation of compressive stress, resulting in the breakdown of the 
oxide layer). What is interesting here is that the oxide band structure is regularly spaced and have 
similar thicknesses, which is an indication of a linear oxidation rate. The contrast between the bands 
was speculatively attributed to differences in refractive indices of the t- and m-ZrO2 phases; grain size 
variations or possibly due to porosity and cracking although none of these arguments have been 
confirmed. 
 
 
 
 
 
 
Figure 1.6: Optical micrograph show a multi-layered oxide structure formed after aqueous corrosion 
tests at 360oC for 784 days Zircaloy-4 [63]. 
One of the proposed reasons for the breakdown of the oxide layer is due to the diminishing 
compressive stress across the oxide scale and the resultant volume expansion of the oxide which 
facilitates the t- to m-ZrO2 phase transformation. As new oxide formation takes place at the 
metal/oxide interface region, the oxide formed has higher compressive stress compared to the pre-
formed outer oxide layer. As oxide thickness increases with exposure time, the stress at the outer 
oxide layer become relaxed whilst the compressive stress stabilise the oxide nearest the interface 
region. Lakshmi et al [101] studied the oxidation of pure zirconium (99% purity) using high 
temperature in-situ XRD up to 700oC and found the resulting oxide composition to consist 
overwhelmingly of m-ZrO2 with one peak associated with t-ZrO2 at 2θ reflection of around 30o. The 
author proposed that the initial oxide formed is highly stressed and, with increased oxidation time, 
the lattice strain is increased as a new strained layer (comprising of t-ZrO2/m-ZrO2 phases) is 
20 µm 
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continuously formed at the interface between the zirconium metal and the already existing strained 
oxide layer, where the compressive stress is reduced with increased distance from the interface. As 
mentioned previously, the stress is relieved and a transformation from t-ZrO2 to m-ZrO2 takes place 
with an associated oxide volume increase. Although the author makes a decent attempt to test the 
hypothesis that compressive stress gradients and oxygen potential gradients provide the diffusional 
driving force for describing the oxidation kinetics of zirconium, it is not entirely clear how the oxidation 
rate varies between the different Zr-O polymorphs. 
Successive cycles occur as each new layer of oxide forms which follow oxidation kinetics in accordance 
with a parabolic rate (or a cubic rate law) until the oxidation rates accelerates, following a linear rate 
law (Equation 1.5). This is known as the post-transition regime and the oxide scale thickness increases 
with exposure time until spallation of the oxide occurs. The oxide spallation is attributed to the stress 
relaxation in the oxide scale. 
 
1.8.3 The Post-Transition Period  
 
The post-transition regime is characterised by an increase in oxidation rate from a parabolic rate law 
to a linear rate law. This is described by the following expression [19]:  
𝛿(𝑡) =  𝑘2𝑡 + 𝐶 (1.5) 
Where 𝛿(𝑡) is the specimen weight gain in mg/dm2; t is the exposure time in days; 𝑘2 is a constant 
and 𝐶 is the weight gain at transition. 
TEM studies of the pre-formed outer oxide layer show that this region comprises an open network of 
large pores and cracks perpendicular to the oxide surface [102]; this allows water and oxygen to 
penetrate the oxide scale. A study by Adamson et al [18] showed that cracks that have formed parallel 
to the oxide surface provide some resistance to migration of oxidising species to the metal/oxide 
interface region – limiting the oxidation rate compared to the presence of perpendicular cracks. The 
formation of these cracks and pores is believed to make the oxide formed in the post-transition stage 
non-protective. Oxide growth during the post-transition period results in the oxide scale being 
sufficiently thick (> 2 μm), and the pre-formed oxide layer is stoichiometric (ZrO2) at the oxide/water 
interface. This is because oxygen (from the water) is able to diffuse easily through the columnar 
structure of the oxide scale, unlike at the metal/oxide interface, where the oxide structure is equiaxed, 
more dense, and the high compressive stress acts also to form a partial barrier to oxygen diffusion – 
resulting in a sub-stoichiometric oxide being formed. Yoo et al [103] proposed a kinetic model whereby 
the strain energy gradient is the driving force for oxygen diffusion into the layer, in addition to the 
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oxygen potential gradient across the oxide layer. The remaining metastable t-ZrO2 phase continuously 
transforms to the thermodynamically stable m-ZrO2 due to the increased thickness of the oxide layer 
resulting in a relaxation of compressive stress that is no longer sufficient to maintain tetragonal phase 
(meta)stability. As mentioned in section 1.8.1.1, the low symmetry of the monoclinic phase is also a 
contributing factor to the inability of the compressive stress to stabilise this phase and cause a stress 
relaxation following the post-transition stage [71], where the volume fraction of the tetragonal phase 
is lowest at the pre-formed outer oxide layer - reported to be less than 5% [78]).  
 
1.8.4 Determining Oxidation Resistance  
 
The oxidation kinetics of metals are typically analysed by subjecting a workpiece to high pressure 
water or steam at elevated temperatures for a defined length of time and calculating the oxide weight 
gain before and after testing, where the units for weight gain are typically milligrams per decimetre 
squared (mg/dm2). Literature investigation revealed that a standardised method exists (Standard Test 
Method for Corrosion Testing of Zirconium Products in Water (360oC) or Steam (400oC) - ASTM-G2 
[104]) which many authors use to study oxidation resistance. Although the standard test method is 
primarily used as an acceptance test for Zr alloys in determining their corrosion resistance, it does not 
include neutron irradiation effects on the cladding which could be significant in terms of mechanical 
degradation brought on by the developed oxide.  
Zirconium alloys subjected to thermal oxidation (>350oC) in air undergo similar oxidation kinetics to 
Zr alloys oxidised in aqueous environments. In one example, Suzuki et al [105] carried out oxidation 
tests of Zircaloy-4 in air from 350-500oC and showed that the oxide weight gain increased dramatically 
with increasing temperature. What was interesting about this study was the accelerated weight gain 
during the post-transition stage compared to the pre-transition stage. Accelerated weight gain occurs 
at higher temperatures, which allows greater transfer of kinetic energy between oxidising species and 
allows faster migration of oxygen species to the interface region of the developing oxide, as the 
oxidation kinetics change from parabolic to cubic to eventually a linear rate. Unfortunately, the study 
did not mention which polymorph was formed at each transition stage. Furthermore, the inner oxide 
layer was characterised as a wavy undulating appearance indicating a cyclic oxide growth pattern. This 
was also observed by Bryner [94] who carried out corrosion tests in water at 350oC and showed 
repeated cycles of new oxide growth at the metal-oxide interface with greater severity of cracks and 
porosity in the preformed outer oxide layer of the post-transition stage; similar phenomena were also 
reported by Cox [90].  
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1.8.5 Volume Fraction Determination of the Monoclinic and Tetragonal Zirconia Phase  
 
Following on from previous discussions, it should become apparent that a litany of studies 
investigating oxidation of zirconium and its alloys in water/steam environment have been carried out 
at about 360oC and that high temperature corrosion studies have reported widely the formation of 
mixtures of monoclinic and tetragonal zirconia. The Garvie-Nicholson expressions in Equations 1.6 and 
1.7 are commonly used to quantify the volume fraction of the monoclinic and tetragonal phases in 
zirconium oxide [106, 107]: 
𝑋𝑚 =  
𝐼111
𝑚 + 𝐼−111
𝑚
𝐼111
𝑚 + 𝐼−111
𝑚 + 𝐼011
𝑡  (1.6) 
𝑋𝑡 =  
𝐼011
𝑡
𝐼111
𝑚 + 𝐼−111
𝑚 + 𝐼011
𝑡  (1.7) 
Where 𝐼−111
𝑚 , 𝐼111
𝑚  and 𝐼011
𝑡  are the intensities of the highest diffraction peaks of the corresponding 
respective monoclinic and tetragonal peaks. These expressions were used to calculate the volume 
fractions of the two polymorphs - further details of which can be found in Chapter 4 Section 4.2.2. The 
intensities for the tetragonal phase could be substituted for the cubic phase if the volume fraction of 
cubic to monoclinic phase was to be determined and has been reported by Piosik et al [108]. The 
expressions however, assumes the tetragonal or monoclinic zirconia phases are evenly distributed in 
the oxide layer, and that no preferred orientation (texture) exists. Thus, the expression is particularly 
useful for calculating the volume fraction of zirconium oxide powders [96, 109], but of more limited 
applicability for layered/graded oxide scales.  
As has been established earlier from high temperature corrosion studies reported in the literature, 
the volume fraction of tetragonal zirconia found in an oxide scale is not constant but rather decreases 
with increased distance from the metal/oxide interface. Thus, the above expressions do not consider 
how the phases ‘grades’ with oxide thickness. To the best of my knowledge, this caveat has not been 
reported in the literature, but the expressions have nevertheless been commonly used to calculate 
volume fractions of the tetragonal and monoclinic phases in zirconium oxide layer [109]. For instance, 
in XRD, one can determine the tetragonal or monoclinic zirconia volume fraction in a particular 
sampled volume from within which the X-rays diffract from certain planes in the crystal structure but 
information on how the volume fraction varies as a function of distance from the metal/oxide 
interface region to the pre-formed outer oxide layer [71] cannot be extracted. One potential method 
whereby this formula can be applied more accurately for oxide formed on metal is to use synchrotron 
X-rays – probing individual grains at different sampling depths within the oxide scale.  Another method 
might involve mechanically removing the oxide, then grinding it to homogenise the mixture and then 
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carry out X-ray diffraction analysis to obtain fractional quantities of the tetragonal and monoclinic 
phases formed. The issue here would be to ensure that all the oxide is removed and to ensure that as 
few impurities as possible are introduced from the mechanical grinding process.  
 
1.8.6 Determination of Pilling-Bedworth Ratio for Zirconia Polymorphs 
 
A dramatic consequence of uncontrolled oxidation of zirconium alloys was demonstrated during the 
Fukushima Dai-Ichi nuclear accident (Section 1.2). Radiological contamination issues arising from the 
release of radioactive fission products from damaged fuel rods inside the reactor pressure vessel; the 
high dose rates from the uranium oxide fuel and the risk in the potential for criticality5 are just some 
of the factors that have prevented the retrieval of the contaminated zirconium alloy fuel rods for 
analysis and eventual disposal. To the best of knowledge, the temperatures inside the reactor at the 
time of the explosions have not been reported with any degree of certainty, however it can be inferred 
taking into consideration that severe cracking of the cladding and rapid oxidation reactions resulting 
in hydrogen release in this scenario has been reported to be above 900oC [110]. From previous 
discussions on the oxidation process of zirconium, the oxidation kinetics at these temperatures are 
likely to have been accelerated in accordance with a linear rate law. The runaway conditions within 
the reactor core created a high temperature, high pressure environment that would have resulted in 
a thick oxide having developed on the Zr alloy cladding that was too stressed, eventually leading the 
oxide scale to crack or undergo spallation.  
Given the inaccessibility of obtaining damaged fuel rods for analysis due to high activity from fission 
products and the likelihood in receiving a lethal radiation dose, it has not yet been confirmed which 
polymorph(s) of zirconia had developed on the Zr alloy cladding during LOCA. The understanding of 
this knowledge is crucial when it comes to modelling, controlling and predicting oxidation behaviour 
of the parent metal and the stress build-up in the oxide scale to assist in the development of a strategy 
to control, prevent or mitigate accelerated oxide formation. Despite this (and based on previous 
discussions surrounding oxide formation), it is reasonable to assume that the oxide scale developed 
on the zircaloy cladding in Fukushima Dai-Ichi would have been comprised predominantly of 
monoclinic zirconia. This is because the monoclinic zirconia phase is stable from RT up to its 
transformation temperature of 1170oC as mentioned before. Metastable tetragonal zirconia may 
however, have also formed in oxide scale due to the high pressures inside the reactor – particularly 
during LOCA, but the instability of the t-ZrO2 phase at these temperatures, due to the insufficient 
compressive stress to stabilise this phase with increased oxide scale thickness (and the 3-5% volume 
 
5 Unintended and uncontrolled fission event resulting in high radiation dose.  
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expansion of the oxide during the post-transition period) this phase would likely transform to the more 
thermodynamically stable m-ZrO2 phase.   
The Pilling-Bedworth (P-B) ratio is an important aspect in the corrosion of metals as it can be used to 
determine if the metal will undergo passivation through the generation of a protective oxide film. As 
mentioned previously, the P-B ratio is defined as the ratio of the volume of the elementary cell of a 
metal oxide to the volume of the elementary cell of the corresponding metal (from which the oxide is 
created). If the P-B ratio is less than 1, the oxide film is non-protective for instance the P-B ratio for 
magnesium is 0.81 [111] which means the oxide (MgO) volume is smaller than that of the parent Mg 
metal, and so the oxide will crack and thus revealing channels for continued oxidation of the metal 
substrate. If the P-B ratio is greater than 2, the oxide film delaminates and offers no protection (i.e. 
iron). If the P-B ratio is greater than 1 but less than 2, the oxide film is passivating and offers protection 
from further oxidation.  
1.8.6.1 P-B Ratio of t-ZrO2/Zr System 
 
For zirconium oxide, a P-B ratio of 1.56 for is commonly quoted in the literature [20, 61, 83, 101, 112]. 
This means that during oxidation of zirconium, the consumption of 1 μm of zirconium metal results in 
the generation of a 1.56 μm-thick oxide or an overall volume increase of oxide of about 56%. However, 
to the best of knowledge, there are no reports which explicitly state which polymorph of zirconia this 
is assigned. To find out this information, the general expression for calculating the P-B ratio for an 
oxide grown on its parent metal can be used and is given by [113]:  
𝑅𝑃𝐵 =  
𝑉𝑜𝑙𝑢𝑚𝑒 𝑜𝑓 𝑜𝑥𝑖𝑑𝑒 
𝑉𝑜𝑙𝑢𝑚𝑒 𝑜𝑓 𝑚𝑒𝑡𝑎𝑙
 (1.8) 
𝑅𝑃𝐵 =  
𝑀𝑜𝑥𝑖𝑑𝑒 
𝑛 .  𝜌𝑜𝑥𝑖𝑑𝑒
 .
𝜌𝑚𝑒𝑡𝑎𝑙
𝑀𝑚𝑒𝑡𝑎𝑙
 (1.9) 
Where 𝑀𝑜𝑥𝑖𝑑𝑒  and 𝑀𝑚𝑒𝑡𝑎𝑙 are the molecular and atomic mass of the oxide and metal in g/mol 
respectively;  𝜌𝑜𝑥𝑖𝑑𝑒 and 𝜌𝑚𝑒𝑡𝑎𝑙  are the densities of the oxide and metal in g/cm
3 respectively and 𝑛 
is the number of metal atoms per oxide molecule.  
The P-B ratio was calculated for the t-ZrO2 – Zr system using the density provided by Patil et al [91]:  
𝑅𝑃𝐵 =  
123.222 𝑔/𝑚𝑜𝑙
5.80 𝑔/𝑐𝑚3
 .
6.51 𝑔/𝑐𝑚3
91.224 𝑔/𝑚𝑜𝑙
 (1.10) 
𝑅𝑃𝐵 = 1.52 
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The P-B ratio determined is slightly lower than the 1.56 value often quoted in the literature. Another 
method to calculate the P-B ratio would be calculate the unit cell volume of the tetragonal zirconia 
structure and divide this by the unit cell volume of the parent zirconium metal. The lattice parameters 
of tetragonal zirconia are: a = b = 3.65 Å and c = 5.29 Å [91] and for HCP α-Zr metal are: a = b = 3.23 Å 
and c = 5.14 Å [59]. The expressions used to calculate the unit cell volume for these structures are is 
given in Table 1.3.   
𝑅𝑃𝐵 =
𝑎2𝐶
√3
2 𝑎
2𝐶
=  
70.614 Å3
46.570 Å3
= 1.52 (1.11) 
As can be seen the P-B ratio for tetragonal zirconia is identical whether using expressions involving 
either molecular weights or lattice parameters of the t-ZrO2. This is in good agreement with the P-B 
ratio of 1.50 calculated for t-ZrO2/Zr using the oxide density obtained from Barker et al [114]. The 
lower reported figure of 1.50 could be due to the lower temperatures of 1200oC used compared to 
1393oC used by Patil et al [91] (used in Equation 1.11) which may have influenced the lattice 
parameters and densities obtained by these authors. Boysen et al [92] carried out neutron powder 
diffraction studies of zirconia at 1177oC and reported the density of tetragonal zirconia to be 5.67 
g/cm3. Using this value in equation 1.10 resulted in a P-B ratio of 1.61 which is slightly higher than the 
calculated P-B ratio of 1.52. This could be because higher temperatures used during oxidation tests 
results in increased kinetic energy gained by the oxygen molecules that causes them to move faster 
and further apart from each other, occupying a larger volume that results in a decrease in density of 
the oxide. Although the density of the oxide is dependent on the processing conditions used during 
oxidation, the expansion of the parent zirconium metal will still be larger compared to the oxide grown 
owing to the higher coefficient of thermal expansion of Zr and ZrO2 which is 5.7-7.0 x10-6 K-1 [115] and 
4.75 x10-6 K-1 [116] respectively, in which case the P-B ratio is expected to reduce with increasing 
temperature because the Zr metal substrate expands at a faster rate than the oxide. 
Another point to consider is that the calculated P-B ratios of 1.52 and 1.60 falls within the experimental 
error of 5% of the commonly quoted 1.56 figure. The results calculated here indicates that the P-B 
ratio of 1.56 lies within the range for tetragonal zirconia formation. Based on the available evidence, 
the P-B ratio of 1.56 commonly quoted in the literature is likely to be an average value calculated from 
a number of P-B ratios from the t-ZrO2/Zr system. 
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1.8.6.2 P-B Ratio of m-ZrO2/Zr System 
The P-B ratio of m-ZrO2/Zr system was calculated using density parameters obtained from neutron 
diffraction studies carried out at 27oC by Boysen et al [92] and is shown below:  
𝑅𝑃𝐵 =  
123.222 𝑔/𝑚𝑜𝑙
0.944 . 5.58 𝑔/𝑐𝑚3
 .
6.51 𝑔/𝑐𝑚3
91.224 𝑔/𝑚𝑜𝑙
 (1.12) 
𝑅𝑃𝐵 = 1.66 
It was found that the P-B ratio calculated for monoclinic-ZrO2/Zr system was higher compared to 
tetragonal-ZrO2/Zr system. In the same study that investigated tetragonal to monoclinic zirconia 
transformation using neutron powder diffraction but at higher temperatures of 827 oC, Boysen et al 
[92] reported an m-ZrO2 density of 5.42 g/cm3. The calculated P-B ratio when used in Equation 1.9 was 
determined to be 1.63 which is in good agreement with the P-B ratio obtained from Equation 1.12. No 
literature can be found that reports the P-B ratio of monoclinic zirconia. This is likely to be due to the 
poor mechanical stability offered by this phase (i.e. severe cracking) and furthermore, most studies 
that have investigated oxidation behaviour of zirconium alloys have focused predominantly on 
understanding the behaviour of the t-ZrO2 phase during oxidation (due to its ability to be stabilised 
over a wide range of temperature conditions).   
The P-B ratio of 1.66 presented in this study for monoclinic zirconia represents a volume expansion of 
6% over the P-B ratio of 1.56 quoted for t-ZrO2 in literature and 9% when compared to the P-B ratio 
of 1.52 calculated in this study. This is in fairly good agreement with the reported volume expansion 
of about 5% of the oxide scale seen during the martensitic transformation from tetragonal to 
monoclinic zirconia commonly stated in literature [60, 65].   
 
1.8.6.3 P-B Ratio of c-ZrO2/Zr System 
The P-B ratio of c-ZrO2/Zr system was calculated using density parameters from a study by Jaffe et al 
[117], as shown below:  
𝑅𝑃𝐵 =  
123.222 𝑔/𝑚𝑜𝑙
6.07 𝑔/𝑐𝑚3
 .
6.51 𝑔/𝑐𝑚3
91.224 𝑔/𝑚𝑜𝑙
 (1.13) 
𝑅𝑃𝐵 = 1.45 
This is in good agreement with the P-B ratio of 1.46 calculated using data obtained from XRD 
experiments and Rietveld refinement method by Wang et al [118] since the density of the cubic 
zirconia (6.04 g/cm3) when used in expression 1.13 was very similar. The P-B ratio for cubic zirconia 
presented in this study is also corroborated using the density of c-ZrO2 polymorph (from neutron 
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powder diffraction studies investigating cubic-stabilised zirconia) determined by Martin et al [80] to 
be 6.16 g/cm3 where the P-B ratio was calculated to be 1.43. But the P-B ratio differs slightly when 
compared to Katz et al [119] in which the P-B ratio was calculated to be 1.42. This is because the 
density of the oxide reported by the author was higher at 6.21 g/cm3 and represents a difference of 
about 2%.  
Table 1.4: Summary of P-B ratio calculations of the monoclinic zirconia (m-ZrO2), tetragonal zirconia 
(t- ZrO2), cubic zirconia (c-ZrO2) and HCP α-Zr. 
Crystal Structure Formula Density (g/cm3) P-B Ratio 
m-ZrO2 
t-ZrO2  
c-ZrO2  
HCP α-Zr  
𝑎𝑏𝑐𝑠𝑖𝑛𝛽 
𝑎2𝐶 
𝑎3 
√3
2
𝑎2𝐶 
5.58 
5.80 
6.07 
6.51 
1.66 
1.52-1.60 
1.45 
--- 
 
 
1.8.7 The Effects of Hydrogen Evolution and Hydrogen Precipitates 
 
Hydrogen absorption plays a crucial role in the overall degradation of Zr alloys used in nuclear reactors. 
A small fraction of the hydrogen generated as a consequence of metallic oxidation (Equation 1.3) is 
absorbed into the Zr alloy cladding which then precipitates upon cooling (i.e. during reactor shut-down 
for maintenance or fuel replacement etc.) as zirconium hydride [120]. The hydrogen produced during 
reactor operation is generated from 2 main sources: 
(i) Hydrogen produced by radiolysis of water exposed to high energy neutron flux. This is 
when ionising radiation interacts with water molecules producing radicals6 such as H., OH..  
(ii) Hydrogen released during oxidation reactions forms hydrogen gas which then migrates 
from the coolant water into the fuel rod cladding.  
As mentioned previously, hydrogen absorption is a prime contributor to the degradation of Zr alloys 
during reactor service. Typically 15-25% of the hydrogen liberated during oxidation is absorbed into 
the cladding [121, 122]. This is due to zirconium having a high solubility for hydrogen at elevated 
temperatures: less than 10 ppm at room temperature [123]; 80 ppm at 300oC; between 50 and 100 
ppm at PWR operating temperatures (~320oC) [124] and 200 ppm at 400oC [125]. Once the solubility 
 
6 A radical is an atom, molecule or ion that has an unpaired valence electron making them highly reactive. 
These are generated by redox reactions, ionising radiation and electrolysis. 
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limit7 for hydrogen absorption is exceeded, hydrogen is typically found in solid solution in the α-Zr 
matrix and as the cladding cools (i.e. during maintenance or periodic shutdown of the reactor), the 
hydrogen present in the cladding precipitates as zirconium hydride platelets.  
The zirconium-hydrogen phase diagram in Figure 1.7 shows that three main hydride phases exist 
below a temperature of 550oC which are δ-, ε- and γ-hydrides. The stable δ-phase is a fluorite structure 
containing a Face-Centred Cubic arrangement of zirconium atoms with hydrogen occupying the 8-
tetrahedrally-coordinated random sites and corresponds to the ZrH1.66 composition with lattice 
parameters a = b = c = 4.78 Å [126]. The δ-hydride phase is the predominant hydride phase to 
precipitate in reactor-grade zirconium alloys and the measured concentration has been reported to 
be about 1250 parts per million by weight (wt. ppm) [127]. The stable ε-hydride has a Face-Centred 
Tetragonal (FCT) arrangement of zirconium atoms with hydrogen atoms filling with the tetrahedrally-
coordinated sites corresponding to those of the FCC (δ-phase) which results in a stoichiometric ZrH2 
structure and has lattice parameters elongated in the <a> direction where a = b = 4.97 Å and c = 4.52 
Å [126]. The concentration of metastable γ-hydride measured in zirconium has been reported to be 
about 500 wt. ppm [128]. The γ-hydride is a metastable phase which also has a FCT structure whereby 
the arrangement of zirconium atoms and the occupancy of the hydrogen at the tetrahedrally-
coordinated sites leads to a stoichiometric ZrH formation with lattice parameters a = b = 4.67 Å and c 
= 4.84 Å [129]. The concentration of metastable γ-hydride measured in zirconium has been reported 
to be about 200 wt. ppm [130]. The key differences between the δ- and γ-hydrides is the degree of 
hydrogen atom ordering on the tetrahedral sites of each phase. There are four hydrogen atoms 
randomly occupying each tetrahedral site in δ-hydrides, whereas in γ-hydrides, the hydrogen atoms 
occupy the tetragonal site on alternating (110) planes [130].            
 
7 Solubility limit is the maximum amount of solute that can dissolve in a solvent at a specified temperature and 
pressure.  
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Figure 1.7: The Zr-H phase diagram [131]. 
The detection of hydride phases using X-ray diffraction has been commonly reported in the literature. 
One example is where Daum et al [127] used synchrotron XRD at room temperature on stress-relieved 
Zircaloy-4 samples to investigate the distribution of hydride phases across the cladding following 
heating at 400oC under a flowing hydrogen (30%) – helium (70%) gas mixture.  
Bailey [132] used TEM to analyse hydrides following heat treatment of reactor grade zirconium foil 
(0.25 mm thickness) at 800 oC under flowing hydrogen which was then quenched to allow hydrides to 
precipitate at a faster cooling rate. The hydrogen concentration in the hydrided zirconium foil was 
measured at about 500 ppm. TEM micrographs showed that the hydride precipitates were needle-
shaped and were predominant in the (101̅0) basal plane of zirconium. Ells [133] proposed that the 
hydride precipitates were initially needle-shaped but became platelets with decreasing cooling rate 
and had agglomerated at grain boundaries. This view is corroborated by Wang et al [134] who used 
Electron Back-Scatter Diffraction (EBSD) to study δ-hydride formation at α-Zr grain boundaries and 
Kim et al [135] who used TEM and FIB to study formation of δ-hydrides in Zircaloy-4.  
TEM investigations reported by Westlake [136] and Bradbrook [137] revealed that the size of 
zirconium hydride precipitates is of the order of hundreds of nanometers but the arrangement in bulk 
zirconium or its alloys appears as long strings of hydrides when analysed using optical microscopy. In 
a more recent study, Cinbiz et al [51], who investigated hydride orientation following heat treatment 
34 
 
of Zircaloy-4 at 500oC under flowing hydrogen, showed that hydride platelets appear as long strings in 
excess of 200 μm from optical micrographs.   
The orientation of zirconium hydrides is a rate-limiting factor in the high temperature corrosion of 
zirconium alloys. These precipitates have been reported to form in both circumferential and radial 
directions [138] within Zr alloy cladding (Figure 1.8) which can occur during shutdown or drying 
operations of spent nuclear fuel to remove moisture before intermediate storage or transport. This 
can increase susceptibility to accelerated corrosion. The severity of degradation depends on the 
location and orientation of these precipitates which tend to be more detrimental in the radial 
orientation (perpendicular to the cladding) than in the circumferential direction (parallel to the 
cladding) [51] as the direction of the crack propagation in the former facilitates easier diffusion 
pathways [19] for the ingress of oxidative species through the oxide scale to the zirconium alloy 
underneath, resulting in accelerated corrosion of the metal. Furthermore, this may also result in the 
escape of radioactive Fission Products (FPs) and contamination of the internal components of the 
reactor pressure vessel. The distribution of hydrides in the form of a rim or layer can eventually lead 
to cladding embrittlement and reduced fracture toughness which can cause mechanical degradation 
of the cladding and fuel rod failure – limiting the lifetime of the fuel rods in the reactor and hence, 
increasing the operational costs. 
 
 
Figure 1.8: Optical micrographs of (a) Circumferential and (b) radial microcracks resulting from 
hydride orientation [18]. 
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1.8.8 Issues Surrounding Modification of Alloying Elements in Zircaloys  
 
One of the routes explored in attempting to improve oxidation resistance of zirconium alloys was to 
modify the concentration of alloying elements. Charquet [41] for example showed that increased tin 
concentrations in Zircaloy-4, from 1.5 wt% to 2 wt% (Figure 1.9) resulted in a weight gain from 0.37 
dm-2d-1 (decimetre squared per day) to 0.58 dm-2d-1 following autoclave testing at 400oC in a high 
pressure steam environment (10.3 MPa). In the same study, the author found no tangible difference 
to oxidation resistance by increasing the chromium concentration to 0.14 wt% in Zircaloy-4 compared 
to reactor grade Zircaloy-4 which contains about 0.07 wt% chromium.  
 
Figure 1.9: Influence of tin content on oxidation resistance of Zircaloy-4 [41]. 
Cox and Sheikh [139] carried out high temperature corrosion studies on Zircaloy-2 and reported that 
iron which exists as second phase particles due to its insolubility in zirconium alloys below 400oC (and 
forms intermetallic precipitates with zirconium, chromium and nickel) migrates out of the precipitates, 
and forms local agglomerations of pure iron oxide (Fe2O3) which was shown using TEM. Following 
oxidation tests in steam at 400, 500 and 600oC, TEM analysis revealed that the iron was found to have 
diffused from the zirconium alloy matrix and was found in ZrO2 layer – the concentrations of which 
were found to be higher with increased oxidation temperature. The high iron content was found to 
contribute to increased weight gain (and hence by implication, reduced oxidation resistance). 
Therefore, any increased iron content in zirconium alloys would tend to cause detrimental effects on 
oxidation resistance.  
The debate surrounding the exact Zr alloy oxidation mechanism in different environments is 
inconclusive and ongoing, but what the previous discussions clearly demonstrate is that high 
temperature corrosion of zirconium alloy cladding is an unresolved issue that poses a serious threat 
to reactor integrity during LOCA conditions, which has not been mitigated by modifying the 
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concentrations of alloying additions in reactor grade zirconium alloys. Furthermore, any compositional 
modifications to zirconium alloys may warrant a greater level of regulatory scrutiny prior to 
implementation in nuclear reactors, since this involves a fundamental modification in a fuel cladding 
composition, whereas a surface treatment of the extant Zircaloy cladding would typically involve 
interstitial or substitutional diffusion of elements into only the top few microns of the alloy (and/or a 
coating of similarly low dimensions).  
Given these considerations (and a clear demand for a future role of nuclear energy as previously 
mentioned in Section 1.3), there has been a surge in research activity to improve cladding materials. 
One promising route that has been identified is the development of accident tolerant 
coatings/surface-treated layers. During the Fukushima nuclear accident (Section 1.2), the hydrogen 
explosions in reactor units 1-3 occurred between 25- and 68-hours following loss of electrical power. 
Therefore, surface treated layers/coatings on the cladding resulting in a longer period of time to 
enable a safe resolution to LOCA (in the reactor core) to be determined, would be invaluable. Surface 
treatments are of particular interest as they have been shown to exhibit excellent oxidation and 
corrosion protection at elevated temperatures; resistance to mechanical damage; good radiation 
tolerance and can be fabricated to include elements that allow variability in thermal expansion 
coefficients, thermal conductivity and suitable neutronic properties which are important 
considerations in the water-side thermal cycling operation of reactors.   
Surface-treated layers/coatings are used to protect metals from corrosion and other environmental 
attack, thereby improving the longevity of the material to be protected. Surface engineering 
techniques by which coatings or surface modification treatments are applied are extensively used 
throughout industry. They are used in the semiconductor sector to build electronic materials [140, 
141], and in the aerospace industry, thermal barrier coatings are used to protect surfaces against high 
operating conditions and corrosive/aggressive environments [142, 143].  
Coatings deposited on substrates with low elastic moduli are known to be severely limited by the 
substrate’s poor load bearing-capacity [144] mainly due to the creation of a stepped transition in 
material properties (i.e. both elastic modulus and hardness). However, thermochemical diffusion 
treatments can create a more gradual transition in properties from the bulk to the surface, making 
them especially applicable to (typically) soft and compliant zirconium alloys but, to the best of 
knowledge, its effect on oxidation resistance has not been systematically investigated in literature. A 
potential solution may lie in providing load-support using a diffusion treatment before a coating is 
deposited.  
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The next section presents an overview of the theory behind the Triode Plasma Nitriding (TPN) 
thermochemical diffusion treatment and provides supporting evidence for the successful fabrication 
of plasma-nitrided layers that have resulted in significant and demonstrable improvements in surface 
properties such as adhesion strength, hardness and wear.  
 
1.9 Plasma Nitriding  
 
There have been rapid advances in the fabrication of coatings using PVD techniques and in recent 
years have gained widespread industrial acceptance as a method to enhance adhesion, wettability, 
wear resistance, corrosion resistance and decorative appeal. Coatings fabricated by these techniques 
and their variants serve to improve service life and quality for engineering tooling and cutting parts. 
Titanium nitride (TiN) coatings for example are widely exploited in various high speed cutting tools, 
with 2-10 μm thickness has been found to significantly increase tool life [145]. But their use has also 
been extended to act as diffusion barriers in contact structures, silicon integrated circuits and solar 
cells. Furthermore, the use of plasma8 in plasma-assisted PVD (PAPVD) allows for improved properties 
of the coating including improved wear resistance [146], toughness [147], hardness [148] and 
corrosion resistance [149]. It has been reported that PAPVD-based techniques are one of the most 
cost effective ways [150] in producing thin films with the ability to combine a number of diffusion and 
coating treatments. However, PVD techniques produce coatings that would typically exhibit lower 
chemical bond strength between the coating and the substrate matrix than a surface diffusion-treated 
layer produced by thermochemical techniques, which would imply adhesion strength of the PVD 
coating would likely be a limiting factor to coating performance.   
 
1.9.1 Surface Treatments  
 
The majority of surface treatments carried out on Ti and Zr rely on their strong affinity to interstitial 
elements (i.e. O, C and N) which act as strengthening agents. The inclusion of these interstitial 
elements increases the c/a ratio of the HCP metallic lattice, reducing the number of active slip systems 
and enabling the material to become harder.  
Nitriding has been a widely used technique for the improvement of the tribological performance of Ti  
and Zr alloys [151]. Introducing nitrogen into the material enhances wear resistance by forming hard 
 
8 Plasma is an electrically conductive gas of ions. Plasma consists of free electrons and atoms that have had 
some of their orbital electrons removed and is generated (i) at high temperatures or (ii) by applying a bias 
voltage between the anode and cathode. 
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nitride precipitates and by pinning dislocations when in solid solution [152] (which is when the crystal 
structure of the solvent remains unchanged by the addition of solutes and when the mixture remains 
in a single homogenous phase). The use of gas nitriding has been used previously but is limited by the 
slow diffusion of nitrogen into the substrate, and typically requires higher temperatures (ie. 1050oC) 
[153]. Plasma nitriding (PN) is considered a promising technique for introducing interstitial nitrogen 
into substrates.  
The next section covers some of the basic understanding of plasma-assisted surface engineering 
methods which is crucial to understanding plasma nitriding.  
 
1.9.2 Enhanced Plasma Diffusion Processes: Nitriding  
 
Early plasma nitriding typically required high pressures ranging 0.1-1.0 kPa [154] preventing 
integration of PVD coating treatments which used different pressures. A gas in a quasineutral state 
(the charge neutrality of a plasma overall but at smaller scales, the positive and negative charges that 
make up the plasma give rise to charged regions and electric fields) with a low degree of ionisation9 
(~0.01%), is maintained by the presence of energetic electrons which create a cascading self-ionisation 
process due to free electrons10 being accelerated off the surface towards the anode. The electrons 
encounter gas molecules/atoms and transfer their energy via inelastic collisions. Some molecules 
break apart and release valence electrons, which impart energy to nearby molecules, further 
increasing ionisation which interact with the substrate surface [155]. 
As the voltage is increased between the anode (chamber) and cathode (substrate), gas molecules 
begin to ionise which decreases the resistance of the flow of current. Secondary electrons are then 
emitted, and plasma ignition occurs when sufficient particles have become ionised which requires less 
voltage to sustain itself [156]. At a certain point on increasing voltage, the abnormal glow region is 
achieved which is used for plasma-assisted deposition techniques. However, going above a critical 
value results in the collapse of the plasma and form arcs [157]. Plasma potential distribution is one of 
the parameters that allows the plasma to induce chemical reactions and determines the energy of the 
species inside the plasma and the energy with which the species will reach the surface to be treated. 
This is dependent on the potential difference between the plasma and the substrate surface [158], 
which typically occurs in the plasma sheath region (which is the volume near a surface, and its 
 
9 Ionisation is the process where an atom/molecule acquires a negative or positive charge by gaining or losing 
electrons. The electrically charged atom/molecule is called an ion and is generated by (i) collisions with other 
atoms and (ii) interaction with EM radiation.  
10 Free electrons are unbound or loosely bound electrons that are free to move when an external force is 
applied.  
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thickness is defined by the mean distance travelled by a secondary electron emitted by the cathode 
before it makes the first ionisation collision). Lower plasma pressures typically result in larger ion mean 
free path λm, (the average distance travelled by a moving particle between successive collisions which 
changes its direction or energy or other properties) relative to the sheath thickness, L, which allow 
ions to reach the electrode with an acceleration potential similar to the voltage drop across the sheath. 
However, if the gas number density (pressure) increases, this will result in a higher number of collisions 
across the sheath due to the smaller ion mean free path, with little available energy from the sheath 
voltage.  
Previous work by Davis and Vanderslice [159] used the cathode sheath thickness, L,  and the mean 
free path for charge exchange collisions λ (later developed further by Rickards [160]) to describe the 
distribution of energies for neutrals and ions energy arriving at the surface of the cathode under glow 
discharge conditions11.  
The following equation defines the number of ions per energy interval:  
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where E is the fractional ion energy normalised to the cathode voltage; N0 is the number of ions 
entering the cathode sheath; and m is the constant representing the potential drop with respect to 
the cathode potential (~4/3), that takes into account the repulsion between particles of like charge 
[156]. Equation 1.14 shows that as L/λm increases, there are an increased number of collisions and the 
mean ion energy decreases. The energetic neutral distribution is comparable to the ion energy 
distribution. Thus, to increase the mean energy of the ions arriving at the cathode (substrate), it is 
important that L/λm should be low, with a ratio of around 1. This is severely restricted in d.c. diode 
plasma systems because both the gas pressure and cathode voltage need to be reduced in order to 
lower the number of collisions inside the sheath to reduce the L/λm value. This is counterproductive, 
since reducing the number of atomic/ionic species in the plasma reduces the secondary electron 
emission sustaining the plasma - since the supply of electrons is dependent on the rate of ionic 
bombardment of the cathode [156]. Furthermore, the secondary electron yield is known to decrease 
when the target surface is exposed to reactive gases (i.e. nitrogen and oxygen). Thus, as the surface 
of the target changes, the ejected electrons would reduce in number which would quench the plasma. 
 
11 This is where the plasma is luminous because electrons gain sufficient energy by excitation collisions which 
generate photons.  
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It is therefore crucial to provide an external/auxiliary source of energetic electrons to sustain and 
enhance the plasma.  
 
1.9.3 The Issues with Diode Plasmas  
 
Diode plasmas used for surface engineering processes have a low degree of ionisation due to the 
plasma being sustained solely by the secondary electron emission from the cathode. In addition, the 
high collision cross-section of ions with neutral species depletes the energy of the former in the 
cathode sheath12, thereby unable to sustain the plasma. Thus, only 10% of the energy generated by 
the substrate negative bias voltage is delivered by ions and 90% is provided by energetic neutral 
species [161]. Plasma enhancement has the ability to influence the mean energy of bombarding 
species as well as the type of ionic species arriving at the cathode surface. This is typically done by (i) 
increasing the number of ionising electrons, or (ii) making electron trajectories much longer, and using 
electrons more efficiently as the probability for an ionising collision is increased [162]. These factors 
are crucial for plasma-assisted physical vapour deposition (PAPVD) techniques which bombard the 
substrate with energetic ions. In a d.c. argon diode discharge setup, L/λ is typically in the range 10-15, 
but this can be much lower (<2) when applied in a triode discharge setup. 
 
1.9.4 The Case for Triode Discharge Systems  
 
Triode systems used to intensify plasmas and PAPVD systems involve the injection of low energy 
electrons between the vapour source and the negatively biased substrate, typically using a heated 
negatively biased tungsten filament for this purpose. The auxiliary electron source constitutes the 
third electrode in the system and hence termed ‘triode’ configuration. By introducing a hot electron-
emitting filament the substrate voltage can be significantly lowered to a few hundred volts (<500 V 
for diffusion processing and <100 V for PAPVD) [156]. This is because the electron emission current 
density can be used to control the discharge power without adjusting the pressure (as is the case in 
diode systems), since the supply of electrons is not dependent on the rate of ionic bombardment of 
the cathode substrate surface. A typical setup for a triode plasma system is shown in Figure 1.10.  
 
 
 
 
12 The probability of collisions of energetic ions with gas atoms is high due to thicker cathode sheath regions 
and so the energy of the ions would be depleted before it reaches the cathode substrate – quenching the 
plasma.  
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Figure 1.10 : Schematic diagram of a triode discharge system. 
The reduction of L/λm at low pressures results in an increase in the total ion energy (i.e. higher fraction 
of ions with maximum energy) thus, a greater proportion of the total energy can be transported to 
the cathode substrate by ionic species as shown in Figure 1.11. Conversely, when L/λm is high (i.e. ~10), 
there is a lower fraction of ions with maximum energy and hence, a lower proportion of energetic ions 
transported to the cathode.  
 
Figure 1.11: Changes in L/λm ratio show the fraction of the total energy transported by ionic species 
(-) is greater than the energy fraction of ions arriving at the cathode (---) [161]. 
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In previous work carried out by Fancey and Matthews [161], they showed that a triode discharge 
configuration could increase the ionisation efficiency by at least two orders of magnitude relative to 
diode systems. In triode conditions (where L/λm<1), the number of species (dose) measured at the 
cathode would be far less due to fewer neutrals arriving, but the total energy would be increased. 
The relation between L, λm and cathode voltage Vc provide an estimate of the average ion energy 𝐸𝑖
𝑎: 
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Equation 1.15 essentially suggests that increased potentials lead to increased ion energies since the 
mean ion energy is proportional to the voltage applied to the cathode surface. However, the Child-
Langmuir relationship which shows the effect of Vc on L, reveals that as the cathode voltage increases 
so does the sheath thickness, L. So for L/λm around 10, the average ion energy is around 10% of Vc, 
whereas for L/λm less than 1, this can be up to 90% of Vc [163].  
It has been shown [164] that an increased ion concentration creates a high local effective diffusion 
coefficient, thus increasing nitrogen penetration into the substrate. It was suggested that the diffusion 
of ion-vacancy pairs is responsible for the dependence of nitrogen diffusion case depth (in plasma 
nitriding treatments) on current density, thus explaining why plasma intensified processes result in 
high Penetration Depths of ions beneath the substrate surface. Furthermore, it is plausible to assume 
that a higher fraction of bombarding ionised gas species will have sufficient energy to be directly sub-
planted into the metallic substrate lattice, increasing rates of bulk diffusion. 
Tibbetts [165] showed that cathode sheath ion/neutral collisions increase the dissociation of N2 gas 
molecules resulting in an increased flux of atomic nitrogen at the cathode surface and concluded that 
atomic neutrals were primarily responsible for the nitriding process. The effect of plasma on nitriding 
was further expounded upon by Fouquet et al [166] who reported that the plasma enhances the 
nitriding process by increasing the nitrogen concentration but has no effect on the diffusion coefficient 
which remains temperature controlled. But these experiments were carried out using low ionised 
plasmas at high pressures with average ion energies at tens of eV, which only provide a higher 
concentration of reactive species adsorbed at the surface and this can result in no discernible 
difference in diffusion path. However, it has been demonstrated by Meletis [167] that a minimum 
particle energy of ~200 eV is required for vacancy generation in TiN. It is also plausible to assume that 
similar energies are required for the formation of ZrN (using Zr as substrates) using plasma-assisted 
techniques. However, it has also been reported that a minimum energy of 150 eV is required for 
nitrogen ions to become trapped inside a metal lattice [168]. This is important as it suggests that a 
few hundred volts at the cathode are sufficient for successful TPN treatment. 
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At low pressure the reduction of L/λm under intensified plasma conditions increases the concentration 
of ions that have energetic values closer to VC, of which a higher proportion of these exceed the 
energetic threshold for sub-plantation, making the nitriding process more effective. But for non-
intensified plasma conditions, a high adsorbed solute concentration reduces the activation energy for 
chemical reactions, resulting in the formation of compound layers typically seen in diffusion 
treatments. But this is not known to have lasting effects below the compound layer, allowing the 
diffusion process to be controlled as a function of temperature. 
 
1.9.5 Triode Plasma Nitriding  
 
Plasma intensification makes it possible to perform nitriding at pressures below 1 Pa, whereas 
previously this was typically carried out at high pressures, ranging from 0.1 to 1 kPa [162]. These low 
pressures allow the required purity and energy of both ionised vapour and reactive gases to be 
achieved, resulting in a diffusion-treated barrier comprising of a thick nitrogen diffusion zone and 
thinner dense nitride compound layer at lower temperatures compared to diode systems. Thornton 
for example [169] reported that high pressures at low temperatures causes grain boundaries to open 
up forming a less dense structure, resulting in reduced adatom mobility.  
A benefit of triode processes is that it increases bombardment of ions at the surface resulting in higher 
heat input and improves diffusion kinetics. It has been demonstrated [170] that ion dose influences 
nitrogen penetration, while surface compound layer formation is promoted by the impingement of 
energetic neutrals. Hence, increasing the ionisation efficiency results in deeper nitrogen penetration 
into the material surface and a thinner surface nitride compound layer. The authors were also able to 
show that increased diffusion of nitrogen by at least five orders of magnitude compared to 
conventional diode plasma nitriding. In the triode discharge case, this allows successful TPN 
treatments to be carried out at lower temperatures and shorter durations.  
In a diode configuration N+ (atomic ions) are thought to be the dominant incident ions since the large 
cathode sheath thickness and the high gas number density influence the occurrence of at least one 
dissociative collision of a nitrogen N2+ molecular ion traversing the cathode sheath. Most of the kinetic 
energy to the cathode surface is carried by the nitrogen molecular neutrals. But a triode discharge 
configuration allows the cathode sheath thickness to be considerably reduced due to the high current 
densities and low cathode bias voltages achievable according to the Child-Langmuir equation. Under 
low pressure conditions, this results in a near-collisionless sheath. Once the L/λm ratio is reduced to 
less than 1, the likelihood of collisions is significantly reduced and the predominant ionic species 
becomes N2+ ions which carry most of the energy [156].  
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The availability of nitrogen atomic species is an important benefit to the diffusion into the substrate. 
When considering that the energy required for nitrogen dissociation at a metal surface is ~9.8 eV 
[171], and under triode conditions, most of the species arriving at the cathode surface have energies 
close to the applied bias, then the availability of atomic species is also significantly increased.  
The d.c. triode configuration also allows the system to operate at significantly lower pressures (<1 Pa) 
where L/λ is reduced. The reason for this is that for diode setup at 500 V, there are considerably more 
energetic neutral species compared to the ionic species present at the vicinity of the workpiece, 
resulting in discharge nitriding not being fully optimised. Leyland [156] points out that when L/λ ≥ 10, 
as in the diode setup, only 10% of the total energy is transported by ions but rises to 75% when L/λ = 
1. In terms of the useful ionic species surrounding the workpiece, when compared to the diode setup, 
the triode performs better below 1000 V and is significantly superior below 500 V and displays 
effective nitriding at 200 V where the diode plasma becomes ineffective. 
 
1.9.6 The Role of Argon Gas in Triode Systems 
 
Inert gases are typically used during plasma surface treatments. Argon (Ar) is favoured because of its 
low cost and has proved beneficial for plasma processing. It has been reported [172] that active Ar 
species (ions and energetic neutrals) are responsible for transferring more than 60% of the energy to 
the cathode for diode treatments that result in thick cathode sheaths. The beneficial influence of Ar 
is due lower ionisation cross-section (for electron impact) compared to nitrogen [173]. Furthermore, 
Ar is a contributory factor to the dissociation of nitrogen by reducing the thermalisation of electrons. 
Since the injection of Ar reduces the presence of N2 molecules, the probability of inelastic collisions 
with electrons is also reduced. Thus, a reduction in electron quenching results in a higher mean 
electron energy sufficient for effective electron impact ionisation of nitrogen atoms [174]. 
Furthermore, it has been suggested [175] that Ar ions do not directly contribute to the ionisation of 
nitrogen atoms but electron-impact ionisation is the primary mechanism for argon-nitrogen 
discharges. The process is optimised by increasing the Ar concentration until it leads to a deficiency in 
the available nitrogen at the substrate surface, which results in thinner compound layers. This may 
lead to increased diffusion zone thickness due to lower impedance to nitrogen diffusion into the 
substrate lattice. For instance, it has been reported [176] that Ar in plasma nitriding processes can 
lead to a decrease in lattice parameters of nitrided Ti and such a decrease in cell volume could reduce 
the nitrogen solubility into the Ti lattice.  
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1.9.7 The Use of Triode Plasma Nitriding in Diffusion Treatments 
 
Triode systems have been successfully used to improve tribological properties of Ti alloys. This could 
by extension be used for diffusion treatments of other transition metals such as Zr for instance. The 
diffusion of N through Zr creates a morphology comprising of several layers, shown schematically in 
Figure 1.12. It can be seen from the HCP α-Zr base metal the formation of a diffusion zone consisting 
of nitrogen in interstitial solid solution with Zr (α(N)-Zr) followed by the formation of a compound 
layer predominantly consisting of Face-Centred Cubic (FCC) ZrN with nitrogen being in interstitial solid 
solution with α-Zr. In addition to the layered system described, it is plausible to expect Zr3N4 
precipitates [177] within the ZrN compound layer, although information relating to the 
crystallographic structure this occurs in is unclear but has been suggested to be in the cubic phase 
[178]. The Zr-N binary phase diagram in Figure 1.13 shows that α-Zr can dissolve large amounts of 
nitrogen which strengthens the diffusion zone by impeding dislocation motion. 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Figure 1.12: Schematic representation of kinetics of formation and growth of nitride surface layers of 
zirconium (adapted from [179]). 
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Figure 1.13: Zirconium-Nitrogen binary phase diagram. 
Muraleedharan and Meletis [180] reported a thick TiN nitride compound layer formed from plasma 
nitriding of Ti-6Al-4V alloy with in a three-fold increase in compound layer thickness (from 2 to 6 µm 
after a 9 hour treatment) at temperatures as low as 480oC compared to conventional ion nitriding (900 
oC) of titanium but also showed a reduction in the hardened case depth of the compound layer by up 
to 20%. They concluded that this was due to the thick compound layer limiting the rate of nitrogen 
penetration to the underlying substrate in the enhanced plasma process. Kashaev et al [181] showed 
that lower partial pressures of nitrogen in a triode discharge revealed no compound layer but did have 
thicker diffusion zones, which suggests that there should be a balanced increase in nitrogen partial 
pressure to obtain thicker diffusion zone followed by a compound layer. Thus, it is important to control 
compound layer formation to promote the hardened case depth, which can be carried out by reducing 
processing times and/or reducing the process substrate negative bias [182]. In particular, nitriding can 
have negative effects on mechanical strength and fatigue properties of Ti-6Al-4V which deteriorate 
with increasing treatment duration [183].  
For complex shapes, achieving a uniform coverage entailed using high pressures (>1000 Pa). But it has 
been shown that a cathode sheath thickness lower than 2.5 mm provides excellent uniformity at low 
pressure (1 Pa) [184] which is available for triode plasma systems. Increasing the voltage tends to 
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increase the cathode sheath thickness which in turn reduces the hole and recess penetration. Cathode 
negative bias voltages as low as 200 V have been suggested for complex shapes [185].  
Cassar et al [182] demonstrated that TPN treatment significantly improves the wear resistance of Ti-
6Al-4V alloy. Samples were polished and sputter-cleaned prior to diffusion treatment carried out at 
700oC for 4 hr in a mixture of 70%:30% partial pressure of nitrogen and argon respectively, at a gas 
pressure of 0.4 Pa. The nitrided samples were then coated with either TiN or CrAlN using PAPVD at 
temperatures ranging from 400 to 450oC. Wear tests were performed using a low frequency 
reciprocating-sliding tribometer by applying a Normal Force of 4.0 ± 0.1 N. It was found that using a 
combination of increasing treatment times during low voltage (LV)-TPN and short treatment times 
during high voltage (HV)-TPN resulted in a deep diffusion zone and a thicker TiN compound layer 
(whilst minimising surface roughening) providing better wear resistance than using LV-TPN or HV-TPN 
separately during the ball-on-plate reciprocating sliding test. This provided a more effective load 
support compared to either LV-TPN or HV-TPN treated samples and is more effective at absorbing 
contributions from the substrate thereby having a slightly reduced wear rate. Similar results would be 
expected for nitride compound layer and nitrogen diffusion zone formation on zirconium and its 
alloys. This finding is significant as it points to the importance of having a mechanically robust nitrogen 
diffusion layer to achieve low wear rate. In addition to this, another important outcome is that it serves 
as a potential avenue that may merit further investigation in the context of this work, due to the high 
coolant flow pressure inside the reactor core in between fuel elements which may instigate 
hydrothermal wear of surface-treated layers should this be implemented.  
 
1.10 Motivation Behind the Use of Zirconium Nitride (ZrN) Coatings  
 
ZrN is a hard ceramic material that has been predominantly produced by PVD techniques and is 
commonly used to coat medical devices, automotive and aerospace components due to its excellent 
chemical and physical properties, that are similar to those of TiN. It is a refractory compound with high 
thermal stability [186], high hardness (up to 30 GPa using nanoindentation) [187], low electrical 
resistivity (13.6 μΩcm at RT) [188], good corrosion resistance [189] and decorative potential [190], 
giving a shiny metallic golden appearance. ZrN-based coatings are relatively recent and have been less 
studied compared to TiN-based coatings. Their potential as abrasion-resistant coatings on cutting 
tools, drill bits and wear parts was shown to be promising [191]. ZrN is also being considered for use 
in advanced nuclear power plants as inert matrix fuel [192] to burn plutonium or long-lived actinides 
in accelerator driven systems or fast reactors due to its high thermal conductivity (45-50 W(mK)-1) 
[193], low neutron capture cross-section and chemical compatibility with existing nuclear fuel cycle 
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technologies. Potential applications as a protective coating for radioactive waste storage vessels have 
also been suggested [194]. Thus, the above mentioned advantageous mechanical and tribological 
properties makes them attractive as protective surface-treated layers/coatings in harsh 
environments. 
 
ZrN with mixed metallic, ionic and covalent bonding characteristics has NaCl-type crystal structure 
each zirconium atom is co-ordinated with six nitrogen atoms where the d-spacing for Zr-N interatomic 
distance is 2.31 Å and N-N interatomic distance is 3.27 Å. This closely resembles TiN, but has a larger 
lattice parameter (ZrN, a = 4.58 Å and TiN, a = 4.24 Å). The Zr-N phase diagram presented earlier in 
Figure 1.13 shows that zirconium has a high affinity for nitrogen and can form ZrN with N content as 
low as 23 at% below 863oC, the transus temperature for α-Zr to β-Zr.  
 
Numerous physical vapour deposition methods have been used to deposit ZrN films including: Radio 
Frequency (RF) and Direct Current (DC) sputtering; Ion plating; DC magnetron sputtering; cathodic arc 
evaporation [194]; pulsed laser deposition; dual ion beam sputtering, however, despite the numerous 
successes of TPN diffusion treatments on Ti alloys, resulting in enhanced tribological properties, this 
treatment has not  been reported on Zr (or its alloys) before.  
 
1.11 Current Coating Trends in Nuclear Applications  
 
PVD coatings are currently being used in nuclear reactors. Magnetron sputter deposition, in particular, 
is the predominant technique used to deposit zirconium diboride (ZrB2) coatings ranging from 30 µm 
to 50 µm thickness on uranium dioxide (UO2) fuel pellets. These are termed Integrated Fuel Burnable 
Absorber (IFBA) pellets and they absorb excess neutrons during the initial start of the reactor thereby 
providing a means of controlling reactivity. This is important to ensure that the reactor is in a critical 
state whereby exactly one neutron goes on to bombard a U-235 atom in a controlled reaction. Sputter 
deposition has been identified as being fraught with issues surrounding practicality to economic 
considerations. Some of which include: 
1. It is expensive to operate – the sputtering technique consumes almost 50% of the ZrB2 target 
before it must be replaced which presents material wastage issues. 
2. It is expensive to maintain – a small crew are required to maintain the sputtering equipment, 
whose duties range from regular cleaning of internal chambers to maintaining pipes and 
fixtures. 
3. It is economically unsustainable to deploy on the new Westinghouse AP1000 reactors. A 
higher throughput of coated UO2 pellets in a faster time period is required. 
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As the limitations of the sputtering technique to achieve commercial objectives are increasingly 
realised, alternative and improved treatment techniques are required.  
Currently thermal spraying is being considered as a potential route. However, early indications point 
to multi-faceted issues ranging from non-uniform coverage of the substrate to extensive chipping 
damage and early adhesive failure when subjected to scratch adhesion testing.  
 
1.12 Stabilisation of the Oxide Layer  
 
As discussed in the earlier sections of this chapter, it is apparent that a significant concentration of 
oxygen at elevated temperatures and under aqueous conditions can detrimentally affect the oxidation 
resistance and mechanical properties of zirconium alloys, particularly monoclinic zirconia. One of the 
contributing factors is the significant lattice parameter mismatch between HCP α-Zr (a = 3.23 Å, b = 
3.23 Å, c = 5.15 Å) [195] and monoclinic zirconia (a = 5.15 Å, b = 5.21 Å and c = 5.32 Å) [56]. As the m-
ZrO2 grows, compressive stress develops in the oxide but is insufficient to stabilise this phase due to 
the large lattice mismatch. Furthermore, the lack of sufficient compressive stress in the oxide layer 
would reduce its load-bearing capacity and ability to resist mechanical damage (due to the oxide’s 
susceptibility to delaminate from the substrate under mechanical loading). Compressive stress in the 
oxide layer are important as this can help stabilise a particular phase of an oxide which can be 
sustained over a large range of temperatures. Stabilisation of the tetragonal or cubic polymorphs of 
zirconium oxide is one such example. Compressive stresses are able to stabilise the tetragonal phase 
because the lattice parameters of t-ZrO2 (a = b = 3.65 Å, c = 5.29 Å) [91] and HCP α-Zr (a = b = 3.23Å, c 
= 5.15Å) are similar. Therefore, significant lattice mismatch between the tetragonal oxide phase and 
zirconium metal as the oxide grows is minimised (compared to monoclinic zirconia).  
As mentioned earlier compressive stress in the oxide scale can also arise from the large volume 
expansion (3-5%) of ZrO2 during the oxidation process. A wide body of literature has investigated 
zirconium oxide layers (in relation to the corrosion of zirconium alloys) which typically comprise a 
mixture of mostly m-ZrO2 with 8-15% t-ZrO2. Furthermore, for P-B ratios greater than one, a high 
compressive stress will develop in the oxide scale. A value of 1.56 for instance signifies large growth 
stresses in the oxide scale on Zr-alloys, despite the similar lattice parameters of HCP α-Zr and t-ZrO2. 
As deduced from P-B ratio calculations in section 1.8.6 earlier, the P-B ratio of 1.56 quoted in the 
literature is likely to refer to the tetragonal ZrO2/Zr system. 
A common method to stabilise the tetragonal or cubic zirconia phase is to alloy the oxide using a 
second metallic constituent. Yttrium is added in the form of Yttrium oxide (Y2O3) (about 8 mol%) and 
is used to stabilise the tetragonal or cubic phase of zirconium oxide for the ceramic topcoat for 
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Thermal Barrier Coatings (TBC) widely employed on crucial components that are exposed to prolonged 
or high heat loads such as in jet engines and gas turbines in the aerospace industry [196]. The phase-
stabilising yttrium atoms randomly occupy the zirconium metal sites via substitutional diffusion, and 
charge balance is achieved by a number of vacancies on the oxygen sites [197]. The low thermal 
conductivity properties (2.3 W.m-1K-1 at 1000oC [198]) offered by Yttria-Stabilised Zirconia (YSZ) 
coatings allow for higher operating temperatures whilst limiting the thermal exposure of structural 
components, thus facilitating components to operate at temperatures close to, or exceeding their 
melting points. They are designed to reduce oxidation and thermal fatigue - extending the service life 
of the component thereby increasing overall thermal efficiency. YSZ also has a relatively high thermal 
expansion co-efficient (11x10-6 oC) for a refractory ceramic oxide, which helps alleviate thermal 
stresses that arise due to the thermal expansion mismatch between the top-coat and the underlying 
metal substrate. These coatings are typically produced by thermal spray or more commonly by 
Electron Beam-Physical Vapour Deposition (EB-PVD) method with thicknesses ranging from 100 to 500 
µm [199]. TBCs have been continuously developed over the last 50 years and now comprise a 4 layer 
system [200]:  
1) Metal substrate – this is typically a nickel- or cobalt-based superalloy and provides thermo-
mechanical loading of the TBC system.  
2) Metallic bond-coat consisting of NiCrAlY or NiCoCrAlY alloy of 75-150 μm thickness and typically 
deposited by plasma spray or EB-PVD methods. This protects the substrate from oxidation or high 
temperature corrosion and provides the adhesion of the TBC to the substrate. 
3) Thermally grown oxide (TGO) – high operating temperatures of gas turbine engines (700-1100oC) 
result in the in-situ oxidation of the bond-coat at the top-coat interface with a thickness up to 10 μm 
[201]. The porosity of the ceramic top-coat allows a diffusion pathway for oxygen from the 
surrounding environment to the bond-coat. Thus, a controlled growth of the bond-coat is ‘engineered’ 
to ensure that an Al2O3-rich TGO forms, to act as a diffusion barrier to retard further inward diffusion 
of oxygen.  
4) Yttria-stabilised zirconia (YSZ) ceramic top-coat (ZrO2-8mol%Y2O3) – provides thermal insulation due 
to its low thermal conductivity. Along with internal cooling, this can result in a surface-to-substrate 
temperature drop of up to ~300oC. 
However, the use of YSZ coatings on zirconium alloy fuel rod cladding may bring issues. The low 
thermal conductivity properties offered by YSZ coatings that are considered advantageous for use in 
aerospace applications could potentially be detrimental for achieving high thermal efficiencies during 
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nuclear reactor operation. Application of YSZ coatings (typically several hundred microns thick on 
aerospace components) on the exterior cladding of fuel rods, may lead to inefficient/reduced heat 
transfer from nuclear fission reactions (generated from UO2 fuel pellets) to the coolant, hence 
reducing efficiency (i.e. heat generation from nuclear fission reactions to the production of electricity). 
The thermal conductivity offered by YSZ could be increased if the TBC coating thickness was of the 
order of tens of microns rather than hundreds of microns. It would be prudent to investigate how 
thermal conductivity changes with thickness under reactor operating conditions and in LOCA scenarios 
(i.e. temperatures in excess of 700oC), this which could be an avenue for further work (see Chapter 6). 
Furthermore, the introduction of yttria stabilised zirconia to stabilise tetragonal zirconia can also lead 
to porosity in the coating which play an important role in lowering thermal conductivity but also can 
be detrimental to the longevity of the coating as it provides a pathway for oxygen ingress which may 
lead to further oxidation of the substrate. This may need consideration during coating design.  
Potential candidates for stabilising t- or c-ZrO2 that have been suggested include: cerium (Ce), 
scandium (Sc), titanium (Ti) and magnesium (Mg) [202]. Scandium has been used in reinforced alloys 
(i.e. Al-Sc alloys) due to its high strength-to-weight ratio; good corrosion resistance; high melting point 
of 1541oC and a density as low as aluminium (2.99 gcm-3) which has made it an important element in 
the production of military equipment [203], but it is uneconomical for two main reasons (i) Sc has a 
relatively high cross-section for neutron absorption (27.5 barns) compared to zirconium (0.184 barns) 
[39] compromising neutron economy as many neutrons would be absorbed compared to the fission 
reactions that it would generate; (ii) Sc is one of the most expensive elements due to its scarcity 
(fluctuating in the range of $7000-$15000 per kilogram [204]). Using scandium to fabricate coatings 
on tens of thousands of fuel rods in a nuclear reactor would be likely to significantly increase the 
reactor operator’s production costs, but a detailed feasibility study would need to be carried out to 
investigate this. Scandium-stabilised zirconia (ScZrO2) has been reported by Lukich et al [205], where 
the cubic phase is stabilised in fairly narrow temperature range of 700-800oC; however, below this 
temperature range, the cubic phase is unstable and a phase transition to the lower symmetry 
rhombohedral phase occurs, resulting in a decrease in thermal conductivity [206] which, although 
potentially of benefit in TBC applications, is a major drawback for achieving a stabilised 
tetragonal/cubic zirconia phase over a wide range of temperatures in a fuel clad application.  
Cerium is also another alloying element considered to stabilise the tetragonal or cubic phase of 
zirconia. It has a hexagonal close-packed crystal structure with lattice parameters a = b = 3.16 Å, c = 
5.20 Å [207] that is similar to zirconium (and therefore tetragonal zirconia [57]) such that the lattice 
mismatch would allow compressive stress to form to stabilise the tetragonal oxide phase, yet is not 
so significant as to result in a structural breakdown as is the case with monoclinic zirconia. The low 
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neutron absorption cross-section of 0.63 barns [39] is slightly higher than zirconium and during 
oxidation in air, the formation of Ce2O3 is thermodynamically favourable. However, Ce reacts readily 
with water to produce hydrogen as shown in Equation 1.16 [208]:  
2𝐶𝑒(𝑠) + 6𝐻2𝑂(𝑙) →  2𝐶𝑒(𝑂𝐻)3 (𝑎𝑞) + 3𝐻2(𝑔) (1.16) 
The concerns surrounding hydrogen evolution (Equation 1.16) may have low/negligible implications 
in the build-up to a LOCA scenario when considering inclusion of Ce (via substitutional diffusion in a 
PVD coating comprising of Ce and Zr) would be in low concentrations. However, this is worthy of 
further investigation and is mentioned in Chapter 6.   
The use of Mg as an alloying element to partially stabilise ZrO2 in a tetragonal or cubic form may 
provide a potentially more viable solution to enable fuel cladding to last longer during LOCA 
conditions. Magnesium and Mg-alloys are non-magnetic and have relatively high thermal 
conductivities (160 W/(m.K)) [209] and is widely distributed in the Earth’s crust as mineral deposits 
and in solution in seawater. Magnesium has a low density of 1.74 gcm-3, which is 35% lower than that 
of aluminium (Al) (2.7 g/cm3), and Mg alloys weigh ~25% less than Al at the same stiffness [210]. The 
high strength-to-weight ratio and low cost [211] makes them attractive for applications that require 
light-weight materials such as load-bearing structures in aerospace, automotive and microelectronic 
industries. Thus, they are considered promising alternatives to aluminium alloys for the manufacture 
of automotive components and have ideal properties for use as biodegradable implants [212]. 
Magnesium has a hexagonal close-packed crystal structure with lattice parameters a = b = 3.20 Å and 
c = 5.20 Å [213] which is similar to that of zirconium. Magnesium is also used as a reducing agent in 
the extraction of titanium, zirconium and uranium from their natural ores [214]. As a reactive metal, 
Mg can also be used in sacrificial anodes. This is because Mg has a low negative standard electrode 
potential (-2.37 V) [215]. Mg also has similar atomic radius (150 pm) to Zr (155 pm) [216]. This is 
particularly useful since this would allow Mg to occupy Zr sites in a PVD coating via substitution and 
avoid significant lattice distortion [217]. It has been suggested that substitutional solid solutions form 
if the difference in the radii of metal atoms that replace each other is less than 15% [5]. This favourable 
size factor allows a diverse range of solute elements including zirconium, yttrium, cerium, aluminium, 
zinc and thorium [218] in which Mg could be added via substitutional diffusion. 
Historically, the use of Mg is well known in the nuclear industry as it was used in the cladding material 
of Mg-Al cans [25] of Magnox reactors due to its high thermal conductivity and low cross-section for 
neutron absorption (0.063 barns) [39]. These reactors were designed, constructed and commissioned 
in the UK in the 1950’s and 1960’s. Its namesake refers to the magnesium-based cladding (cans), 
nominally containing 0.80 wt% aluminium together with 50 ppm beryllium and used to house the 
53 
 
natural uranium (U-238) fuel rods [25]. These alloys were chosen because they underwent negligible 
corrosion during operation (250-450oC) in dry CO2. Since magnesium-based materials have been 
successfully used in commercial nuclear reactors, this provides a strong basis to develop magnesium-
containing coatings for fuel cladding in current nuclear reactors. 
MgO-ZrO2 oxide systems have been extensively studied before. Sniezek et al [217] produced MgO-
ZrO2 ceramics, the constituents of which were homogenously mixed and pelletised before using 
conventional sintering and arc melting methods at 1400-1700oC to investigate the influence of these 
techniques on its structural properties. The XRD patterns showed dominant peak reflections 
attributed to the cubic phase, strongly indicating a phase transformation to cubic at 1400oC. However, 
the scope of the study was limited because it did not attempt to determine whether the cubic zirconia 
phase could be produced at lower sintering temperatures. A significant factor overlooked by this study 
is that the inclusion of Mg into ZrO2 actually lowers the temperature required for cubic zirconia 
stabilisation to (no more than) 1400oC from 2370oC. This raises an interesting avenue of research to 
identify the lowest sintering temperature to allow c-ZrO2 to form and could be taken a step further to 
investigate the sintering temperature range in which t-ZrO2 forms, which could be well below the 
zirconia tetragonal-to-cubic transformation temperature of 2370oC.  
MgO-ZrO2 ceramics have also been studied previously for their potential use as inert matrix fuels 
(IMFs). This is a nuclear fuel system that replaces the fertile natural uranium (U238) component with 
a fertile-free matrix to eliminate the production of plutonium-239 (resulting from U238 decay) in the 
fuel system. Medvedev et al [219] showed that MgO-ZrO2 ceramics containing at least 30 wt% MgO 
can form cubic-zirconia by solid solution substitution of Zr with Mg whilst having a higher thermal 
conductivity of ~16 W/(m.K) compared to uranium dioxide (UO2) fuel (~7 W/(m.K)).  
However, the use of Mg alloys are not fully exploited as much as their aluminium counterparts because 
of the issues related to corrosion which is particularly poor when exposed to chloride ions or aqueous 
environments, their susceptibility to wear [215] and low creep resistance; their low capacity for 
strengthening and poor ductility which have limited their use. Furthermore, the PBR of Mg/MgO is 
less than 1.0, so the oxide layer on Mg is not protective, since it cracks under tension. Research efforts 
have led to the development of improved corrosion-resistant Mg alloys with higher ductility [220]. 
Orlov et al [221] investigated the corrosion resistance of ZK60 Mg alloy (Mg-6Zn-0.5Zr in wt%) to 
determine whether grain size and chemical composition is a factor in controlling corrosion resistance. 
Corrosion tests were performed in a sodium chloride (NaCl) electrolyte. The author reported 
improvements in corrosion resistance of Mg alloys (compared to pure Mg) were linked to a reduction 
in average grain size (grain refinement) and redistribution of MgZn2 and Zr2Zn3 intermetallic 
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precipitates at grain boundaries within the Mg alloy microstructure, giving rise to enhanced strength 
without adversely affecting ductility. The increase in corrosion resistance was attributed to the Hall-
Petch type effect whereby grain boundaries act as insurmountable barriers to dislocation motion and 
hinders the onset of plasticity. Thus, smaller grains result in more grain boundaries that create 
opposition to dislocation motion and would require greater energy to overcome the diffusion barrier 
for dislocation movement and this in turn increases the yield strength of the material.  
In another study, Zhang et al [222] reported improvements in corrosion resistance of Al-Zn-Mg alloy 
with Zr content up to 0.2 wt%. The alloy was produced by casting, hot rolling, cold rolling and finally 
annealed at 400oC for 2 hr. TEM investigations revealed that the addition of Zr to the alloy resulted in 
precipitates (tens of nm in size) that were uniformly distributed in the alloy matrix. Tensile tests 
revealed the Mg alloy containing Zr precipitates resulted in a higher yield strength and tensile strength 
of 24% and 9% compared to Zr-free alloy using. This was attributed to precipitation strengthening 
mechanisms that impede dislocation motion (i.e. precipitates within a lattice of a material creates 
physical blockades through which dislocations cannot pass thereby strengthening the material since a 
greater energy or stress is required to allow dislocation movement to occur to result in plastic 
deformation.  
The ongoing corrosion issues surrounding magnesium, together with the widely differing melting 
temperature between Mg (650oC) and Zr (1850oC) [216], and the presumed inability to form 
intermetallic phases due to low solubility of magnesium in zirconium [111] have largely meant that 
coatings developed avoided the use of magnesium and instead most of the research conducted in this 
area has focused on using different elements to increase the corrosion resistance of magnesium alloys.  
The Mg-Zr binary phase diagram is presented in Figure 1.14 [223] to establish the extent to which Mg 
and Zr might be soluble in each other. The phase diagram shows that zirconium solubility in 
magnesium is ~0.5 at% at 653.5oC. The Mg-Zr PVD coatings were produced using magnetron 
sputtering (Nordiko) PVD rig whereby the substrate temperature was about 225oC [224]. It can be 
seen from the phase diagram that Mg solubility in Zr is even lower at 0.01 at%. Although some studies 
have shown that zirconium solubility in magnesium alloys is ~0.5 wt% [223, 225], to the best of my 
knowledge, there is no available literature on the investigation and study of magnesium solubility in 
zirconium (and vice versa) or its alloys. Thus, the maximum concentration of magnesium that could 
be added to zirconium to remain in substitutional solid solution before phase separation occurs is not 
known. Traditionally, it has been difficult to alloy Zr with Mg, due to their widely differing melting 
temperatures, however, no such restriction exists with PVD coating methods, where the elements can 
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be sputtered directly from solid to gaseous form (and vice versa when condensed from ionised vapour 
onto a metallic solid substrate). 
 
Figure 1.14: Magnesium-rich region of the Mg-Zr phase diagram [223].  
 
1.13 Hume-Rothery Rules for Substitutional Solid Solution 
The Hume-Rothery rules [226] are a set of criteria that describe the conditions under which an element 
(solute) could dissolve in a metal (solvent), forming a solid solution13. Solute atoms that have radii 
much smaller than the solvent atoms (i.e. rsolute << rsolvent) form interstitial solid solution14 with the 
solvent. Solute atoms that have radii that are comparable to that of the solvent atoms (i.e. rsolute ≈ 
rsolvent) form substitutional solid solution with the solvent.  For an element to be in substitutional solid 
solution15 with another element, there are several features of the solute and solvent atoms that 
determine the degree to which the former dissolves in the latter. These include:  
 
13 Solid solution is where an alloying element in a material forms a single homogenous phase. The crystal 
structure remains unchanged by the addition of solutes.  
14 Interstitial solid solution is where solute atoms occupy sites in the crystal structure where there’s not usually 
an atom. 
15 Substitutional solid solution is where solute atoms replaces the solvent atoms from its regular lattice site.  
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1. Crystal structure – for appreciable solid solubility, the crystal structures for metals of both 
atoms must be the same. In the case of magnesium and zirconium, both are hexagonal close-
packed crystal structures.  
2. Atomic size factor – the difference in atomic size should be less than 15% for complete solid 
solubility. If the atomic size is greater than 15%, it is less likely that the solute and solvent 
atoms would be in solid solution with each other. The ionic radius16 of Mg and Zr is 1.50 Å (150 
pm) and 1.55 Å (155 pm) [216] respectively. The difference in the atomic size is therefore:  
𝑟𝑀𝑔 = 1.50 Å       𝑟𝑍𝑟 = 1.55 Å 
∆𝑟 =  0.05 Å 
𝐴𝑡𝑜𝑚𝑖𝑐 𝑠𝑖𝑧𝑒 𝑑𝑖𝑓𝑓𝑒𝑟𝑒𝑛𝑐𝑒 (%) =  
∆𝑟
𝑟𝑍𝑟
 . 100 (1.17) 
=  
0.05 Å
1.55 Å
 . 100% 
= 3.2% 
Where 𝑟𝑀𝑔 is the ionic radius of Mg, 𝑟𝑍𝑟 is the ionic radius of Zr and ∆𝑟 is the difference is the ionic 
radius between Mg and Zr.  
The difference in atomic size between Mg and Zr was calculated to be 3.2% which meets the second 
criterion.  
3. Electronegativity17 factor – the more electropositive one element is compared to the 
electronegativity of the other element, the greater the likelihood that the elements will form 
an intermetallic compound instead of being in substitutional solid solution. Thus, the 
electronegativities of the elements (to be deposited) should be similar. Mg and Zr have similar 
electronegativity values of 1.31 and 1.33 [227] respectively.   
4. Valency18 factor – if other factors are equal, a metal will have a stronger tendency to dissolve 
another metal of a higher valency than one of a lower valency. The solute and solvent atoms 
should typically have the same valence in order to achieve maximum solubility. The  
 
16 Ionic radius is the radius of an atom’s ion in ionic crystals. This is measured from bond lengths between 
molecules taking into account that atoms will be electrically charged.  
17 Electronegativity describes the tendency of an atom to attract a shared pair of electrons towards itself. If 
atoms bonded together have the same electronegativity, the electrons will be equally shared. If the electrons of 
a bond are more attracted to one of the atoms (because it is more electronegative), the electrons will be 
unequally shared. If the difference in electronegativity is large enough, the electrons will not be shared at all. 
18 The valency of an element is related to how many electrons are in the outer shell. 
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differences in the valency of Mg and Zr which is 2 and 4 respectively [216] could result in a 
tendency towards the formation of compounds rather than solid solutions. As a transition 
metal element, with partially filled d-orbitals, Zr is also multi-valent (e.g. in ZrN). Nevertheless, 
since Zr has a higher valency than Mg, one might argue that Mg should dissolve Zr more readily 
than vice versa. However, the implications of the differences between these two elements on 
solubility have not been commented on in the literature.   
 
1.14 Structure Zone Model for Coating Growth  
 
One of the objectives mentioned in Section 1.1 was to design a magnesium-containing zirconium PVD 
coating system to investigate whether the inclusion of Mg might stabilise the tetragonal or cubic phase 
of zirconium oxide (during hydrothermal oxidation) that is intended to delay oxidation and hence 
enhance the oxidation resistance of zirconium in aqueous conditions. This was achieved by sputter co-
depositing Mg and Zr using an unbalanced magnetron sputtering PVD rig (see Chapter 2, Section 2.5 
for details). It is useful to characterise the morphological evolution and growth behaviour of these 
coatings using Structure Zone Models (SZM) which have been used to classify the morphology of 
coatings deposited by PVD techniques.  
The initial model proposed by Movchan and Demchishin [228] described the morphology of Ti, Ni, W, 
ZrO2, Al2O3 and Fe coatings (with thicknesses ranging 0.3 to 2 mm) deposited by electron beam 
evaporation. The authors concluded that the coatings could be represented by three structural zones 
(Figure 1.15) each with its own characteristic structure and physical properties as a function of 
homologous temperature T/Tm, where T is the substrate temperature and Tm is the melting 
temperature of the deposited material, both in Kelvin.  
In Zone 1, the coating microstructure and texture are controlled by the shadowing effects (arising from 
geometric interactions between the roughness of the growing surface and the angular directions of 
the arriving atoms). The adatom mobility is low leading to continued nucleation of grains. The resulting 
coating texture is an open-voided tapered fibrous structure with domed tops, which results from the 
low angle oblique incidence of the thermalized particles and the limited diffusion of adatoms on the 
substrate surface. The former is the result of the collision between the sputtered and discharge gas 
atoms during the sputtering of atoms from the target surface to the substrate and the latter is due to 
the low substrate temperature. There is also a high density of lattice imperfections and pores at grain 
boundaries. Zone 1 structure is observed when the homologous temperature T/Tm < 0.3 at discharge 
pressures <0.5 Pa.  
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Thornton [169] further extended the Movchan-Demchishin (3-zones) model by recognising a 
transition zone between Zones 1 and 2 -referred to as Zone T. Zone T is essentially the limiting form 
of the Zone 1 structure at zero T/Tm on infinitely smooth substrates. Zone T structure is comprised of 
wider columns and flat surfaces. This is due to the further promotion of the thermally enhanced 
surface diffusion owing to an increase in the substrate temperature due to energetic atom 
bombardment. The promoted diffusion fills the void space between columns and the bombardment 
makes the column surface flat. However, the surface and bulk diffusion mechanisms are still limited 
because of the relatively low substrate temperature, resulting in an amorphous crystal structure. Zone 
T structures can be observed at 0.2 < T/Tm < 0.3 at gas pressures < 0.5 Pa [229].   
At the higher temperatures of Zone 2, surface diffusion is the dominant process leading to the 
formation of wider columnar grains with defined grain boundaries resulting in higher crystallinity. The 
grain size increases with T/Tm which may extend throughout the coating thickness. The surface ends 
of the grains lead to a faceted appearance due to different surface ad-atom mobilities along the 
surfaces of grains with different crystallographic orientation. In Zone 2, the coating properties are 
comparable to those of the bulk material mainly because of the tight spacings between columns. Zone 
2 structure is observed at 0.3< T/Tm < 0.5 at gas pressures <0.5 Pa [230]. 
At even higher temperatures of Zone 3, bulk diffusion and recrystallisation are the dominant processes 
for the formation of coating texture and internal structure. The spaces between the columns are 
narrower still and the internal thermal crystallisation of the columns occurs, leading to the formation 
of large equiaxed grains defined by grooved grain boundaries. Zone 3 structure is observed at 0.6< 
T/Tm < 1 at gas pressures <0.5 Pa [230]. 
Figure 1.15: Structural zone models for coating growth: (a) Model proposed by Movchan and 
Demchishin [228] and (b) Model proposed by Thornton [169] for metallic coatings deposited by 
magnetron sputtering. 
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The homologous temperature 𝑇ℎ is given in the following expression [231]:  
𝑇ℎ =  𝑇 𝑇𝑚 (1.18)⁄   
where T is the substrate temperature and Tm is the melting temperature of the deposited material, 
both in Kelvin. Using expression 1.18 to determine 𝑇ℎ1 for Mg coating on Zr substrate, gives:  
𝑇ℎ1 =  
498.15 𝐾
923.15 𝐾
 
𝑇ℎ1 =  0.54 
Using expression 1.18 to determine 𝑇ℎ2 for Zr coating on Zr substrate, gives:  
𝑇ℎ2 =  
498.15 𝐾
2128.15 𝐾
 
𝑇ℎ2 =  0.23 
The homologous temperature for Mg coating on Zr substrate (𝑇ℎ1) was calculated to be 0.54. 
According to Thornton’s Structure Zone Model, this lies within the range of Zone 2 and the structure 
formation of the coating is expected to be columnar with the surface expected to exhibit a faceted 
appearance. The same calculation was applied to Zr coating on Zr substrate and this yielded a 
homologous temperature (𝑇ℎ2) of 0.23. This lies within the range of Zone 1 of the Structure Zone 
Model whereby narrow columns are expected with the surfaces expected to exhibit smooth domed 
appearance. It should be remembered however, that Mg and Zr were co-deposited to form a Mg-Zr 
PVD coating and therefore the actual values would be slightly different.  
For sputtering systems, Thornton's argon gas pressure axis does have an influence on the energy of 
our depositing species (and thus the surface ad-atom mobility, re-sputtering effects and other 
phenomena that influence film structure, morphology and surface topography). Other authors have 
therefore further modified Thornton's model to take account of this, a significant example of this (in 
the context of the work performed in this thesis) being that of Messier et al [232] who proposed a 
revised structure zone diagram, with zones 1, T, 2 and 3, where the pressure axis is replaced by an ion 
energy axis. This took account the relative effects of bombardment and thermal effects as well as the 
evolutionary growth development of low mobility structures. Anders [233] extended the structure 
zone diagram to include parameters such as generalised temperature “T*” which takes into account 
the potential energy of particles arriving on the surface; normalised energy, “E*” which describes the 
displacement and heating effects caused by the kinetic energy of bombarding particles and “t*” which 
is the net film thickness that allows the qualitative illustration of film structure. 
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The critical review of literature has revealed a number of noteworthy points:  
• The exact mechanism of zirconium oxidation kinetics is still unresolved despite the litany of 
studies that have investigated this issue extensively. This information could be used to 
influence the design and development of surface-treated layer/coatings that act to target 
early oxide formation before accelerated oxidation kinetics that follow a linear rate law.  
• Monoclinic zirconia has a higher propensity to exhibit a greater concentration of defects (i.e. 
crack propagation) within the oxide compared to tetragonal/cubic zirconia during oxidation. 
It has been suggested that this was due to the large lattice mismatch between the a, b and c 
lattice parameters of the monoclinic zirconia (during oxidation and subsequent oxide volume 
expansion of 3-5%) and the hexagonal close-packed structure of zirconium.  
• To the best of my knowledge, the derivation of the Pilling-Bedworth ratio of zirconium oxide 
polymorphs has not been reported before. Most of the literature investigated simply quote a 
P-B ratio of 1.56 without specifying which oxide polymorph this was referring to. The 
associated oxide volume expansion of 3-5% is another figure that is commonly quoted in the 
literature without substantiating how this was derived. This study has shown that the P-B ratio 
of 1.56 quoted in literature is attributable to the tetragonal-ZrO2/Zr system and appears to be 
an average of several different experiments that have reported on oxide development at 
different processing conditions. Furthermore, the oxide volume expansion calculated in this 
study was found to be consistent with the tetragonal to monoclinic zirconia transformation of 
~5 vol% quoted in the literature.   
• The formation of a hardened diffusion layer and a diffusion zone on a bulk metal surface using 
TPN diffusion treatments have been successfully used to show enhanced wear resistance 
properties on titanium but have not reported to show how this influences other properties 
such as corrosion resistance on zirconium. This treatment technique induces a change in the 
chemical composition of the existing surface via the interstitial diffusion of nitrogen in the Zr 
lattice and this provides a higher load-bearing capacity than separate coatings on a bulk 
surface.     
• The production of coatings using additional alloying elements to stabilise a phase in an oxide 
layer is widely used for high temperature application such as jet engines, gas turbines and 
core components in the aerospace industry, however, to the best of my knowledge, despite 
the favourable properties of magnesium as an element, the addition of Mg in small quantities 
in zirconium to stabilise the tetragonal or cubic phase during oxidation for use in the nuclear 
industry has not been studied before. 
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Based on these findings from a critical assessment of the available literature, a summary of the 
experimental objectives are to:  
• Design, develop and test surface-treated nitride layers (comprising of a nitride compound 
layer and a nitrogen diffusion zone) via TPN diffusion treatment to test the hypothesis that 
this treatment technique could be used to improve the oxidation resistance properties of 
zirconium and mitigate the evolution of hydrogen as a result of oxidation reactions. 
• Design, develop and test magnesium-containing zirconium PVD coatings using magnetron 
sputter deposition and study if either of these elements are in solid solution with each other 
or form separate phases.   
• Carry out hydrothermal oxidation tests on sputter co-deposited Zr-Mg coatings (with 
increasing Mg concentration in the coating) to investigate if tetragonal or cubic zirconia could 
be stabilised and determine oxidation resistance of the coated surface compared to uncoated 
zirconium.  
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Chapter 2 – Experimental Methodology  
 
2.1 Micro-preparation of Samples  
 
Bulk zirconium sheet of 1.0 mm thickness (Advent-RM, 97% purity and temper annealed) was used as 
the substrate for the TPN diffusion treatment and sputter deposition. The material was cut into 
substrates of dimensions 20.0 mm x 20.0 mm using a Buehler precision saw with oil lubricant to 
minimise the effects of mechanical deformation (i.e. twinning). The Zr substrates were mounted in 
conductive bakelite, then ground using silicon carbide (SiC) paper of decreasing grit size (Table 2.1) 
and polished using Buehler Automet® with MetaDi Diamond Suspension to reveal the microstructure. 
Since this work investigates oxidation resistance of TPN-treated and sputter-deposited zirconium in 
aqueous environments, it is important to use a water-free solution during polishing stages to avoid 
potential oxide growth, and ensure the surface is as clean as possible prior to TPN diffusion treatment. 
An oil-based solution was thus used which has a high synthetic polycrystalline diamond concentration. 
An automatic grinding and polishing regime was adopted for this work. The advantage to using this 
technique as opposed to manual grinding (by hand) is that it minimises bevelling effects. The Zr 
substrates were ground using silicon carbide (SiC) abrasive papers down to 1200 mesh size (15.3 ± 0.5 
μm). The substrates were then polished down to 3 μm on Trident cloth, followed by Colloidal silica 
(Silco - 0.05 μm) before being ultrasonically cleaned in acetone, rinsed with isopropanol (IPA) to 
remove remnants of silco on the Zr substrates and dried. 
Table 2.1: Procedure for grinding and polishing of bulk Zr metal. 
 
Pad Solution Platen speed (rpm) Rotation  Duration (min) 
P800 Water 270 Comp 2 
P1200 Water 270 Comp 2 
Ultrapad 
9 µm (diamond 
in oil) 
200 Contra 3 
Ultrapad 
6 µm (diamond 
in oil)  
170 Comp 3 
Trident 
3 µm (diamond 
in oil) 
150 Contra 3 
ChemoMet 
1 µm (diamond 
in oil) 
150 Comp 5 
ChemoMet Silco 130 Contra 7 
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2.2 Optical Light Microscopy Imaging  
 
Optical (visible light) microscopy uses reflected light (from the sample) and an array of lenses to 
magnify images of samples being observed. The objective lens magnifies the image and is observed 
through the eyepiece. The condenser lens focuses the light from the light source (illuminator) onto a 
sample (on a small area). The sample is mounted on a movable stage and a combination of coarse and 
fine focus adjustments can be used to resolve the images with objective lens ranging x5, x10, x20, x50 
and x100 magnification where applicable. In this study, a Nikon Eclipse LV 150 optical microscope was 
used to investigate the surface morphology and the microstructure of bulk HCP α-zirconium metal and 
TPN diffusion-treated surfaces. The advantages of this technique include: minimal sample 
preparation, relatively quick and easy to use and low cost. The disadvantage is that the depth of focus 
decreases with increasing magnification and the resolving capabilities are limited by the wavelengths 
of visible light (400-700 nm [234]). 
2.3 Ion Beam Polishing  
 
Etching of the pure untreated zirconium substrate and cross-section of the plasma-nitrided zirconium 
samples were performed using ion beam milling (Gatan PECS II) to remove further defects following 
mechanical polishing using argon ions to achieve a mirror-like finish on the sample, thus revealing a 
true representation of the sample itself.  The advantage of this technique is that the variable angle 
milling can be adjusted to selectively enhance surface features such as grains. The samples were 
securely screwed in place in the sample holder and the etching was conducted with an energy of 5 
keV at an angle of 4o for a duration of 1 hr. Once the process was finished, the samples were collected 
from the machine. Analysis of the grains of transition metals (such as Zr and Ti) can be challenging 
when using optical microscopy following mechanical polishing. Such sample surfaces have 
traditionally been etched using hydrofluoric (HF) acid or other fluorine-containing solutions as a 
pickling agent which serve as primary oxide removers. However, HF is a highly corrosive etchant that 
is difficult/dangerous to handle, and ion beam milling was found to be a suitable alternative to reveal 
grain structure of these metals.   
 
2.4 Triode Plasma Nitriding Diffusion Treatment  
 
Zirconium substrates were diffusion-treated by Triode Plasma Nitriding in a modified Tecvac IP70L 
commercial PVD coating unit (Figure 2.1) [235], using a low pressure d.c. triode configuration. The 
zirconium substrates were sectioned, ground and polished according to the micropreparation regime 
described in Section 2.1. These substrates were ultrasonically cleaned with acetone, then isopropanol 
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and finally dried under warm flow of air. Holes were drilled at one the corner of each substrate which 
were then suspended by a wire inside the chamber.  
The modified Tecvac machine is a derivative of the electron-beam physical vapour deposition (EB-
PVD) process adapted for high temperature (≥500oC) plasma-diffusion treatment. The chamber is 
grounded and served as the anode for the discharge whilst the Zr substrates and holding fixtures 
formed the cathode. Plasma enhancement was provided by an electron-emitting heated tungsten 
filament positioned near the base of the chamber. Once the substrates were mounted and the 
chamber door was closed, the pressure inside the chamber was reduced of 2.0 x 10-5 mbar to remove 
residual gas (i.e. oxygen). Additional radiant heating was provided by the heating elements (mounted 
inside near the chamber walls). The zirconium substrates were negatively biased with 600 V to aid 
sputter cleaning (of the substrates) using argon gas which was introduced inside the chamber at a flow 
rate of 140 ml/min and this was carried out for 20 minutes. Following sputter cleaning, the argon gas 
flow rate was reduced to 80 ml/min and the substrates were negatively biased with 200 V. The 
tungsten filament (located at the base of the chamber) was resistively-heated by passing alternating 
current through it, which resulted in Ar plasma being intensified (due to energetic electron emission 
from the filament) which heated the samples to the desired process temperature of 700oC. The 
process gas (nitrogen) was injected into the chamber at a low pressure of 4.0 x 10-3 mbar (0.4 Pa).  
The triode-enhanced plasma-diffusion treatments were carried out for 1.5, 2, 3 and 4 hours in a 
mixture of 70% partial pressure of nitrogen and 30% partial pressure of argon at a treatment 
temperature of 700oC where the samples were held to maximise interstitial diffusion rates whilst not 
driving the Zr microstructure through the α→β transition which occurs at 810-865oC [236], or causing 
grain growth that could diminish the core strength of the Zr substrate. This is further aided by 
additional radiative heating elements which surround the inside of the chamber walls. The 
temperature is slightly lower with increased height from the bottom of the chamber because the 
electron impact ionisation tails off exponentially with distance from the tungsten filament, thus the 
plasma intensity diminishes with height in the chamber. A thermocouple positioned near the samples 
provides a means to continuously monitor the substrate temperature during treatment process 
whereby the relevant parameters to reach the desired operating temperature can be adjusted and 
controlled accordingly. Following the desired TPN treatment duration, the power supplies, gas 
supplies and radiant heating were switched off and the chamber was left to cool to a temperature less 
than 150oC. The chamber was then vented and the TPN-treated samples were collected.  
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Figure 2.1: Internal view of the chamber showing Zr substrates, and the attached thermocouples in 
an aura of plasma (purple) during TPN process. 
 
2.5 Sputter Deposition  
 
Sputter deposition is a PVD process which involves a target (cathode) that is bombarded by energetic 
ions (usually argon ions) generated in a glow discharge plasma that is situated in front of the target. 
The bombardment of these energetic ions against the target results in the ejection (i.e. sputtering) of 
target atoms which may then deposit onto the substrates as a coating [237]. During the bombardment 
process, secondary electrons from the target are emitted which play an important role in maintaining 
the plasma. Magnetrons (situated behind the target) make use of magnetic fields that act to constrain 
the secondary electron motion to the vicinity of the target. The magnets are arranged such that one 
pole is positioned at the central axis of the target and the second pole is formed by a ring of magnets 
around the outer edge of the target. This increases the probability of ionising electron-atom collisions 
occurring and hence increases the ionisation efficiency – resulting in a dense plasma (at the target 
region) which in turn, leads to an increase in ion bombardment of the target, giving higher sputtering 
rates and therefore, higher deposition rates at the substrates [238]. The increased ionisation efficiency 
achieved through the use of magnetrons allows the discharge plasma to be maintained at (i) lower 
operating pressures (10-3 mbar compared to 10-2 mbar) and (ii) lower operating voltages (-500 V 
compared to -2 kV) than without using magnetrons. Sputter deposition is a commonly used technique 
as it results in high purity, dense and stoichiometric coatings that are critical to its functionality [239].   
Zr Substrates 
Thermocouples 
66 
 
In this study (see Chapter 5), magnesium-containing zirconium coatings were produced using an 
unbalanced magnetron sputtering (Nordiko) PVD rig. In an unbalanced configuration (Figure 2.2), the 
outer ring of magnets is strengthened relative to the central pole. This means that not all the field 
lines are closed between the central and outer poles of the magnetron, but some are ‘open’ allowing 
secondary electrons to follow these field lines. The plasma in this case is no longer confined to the 
target region (as would be the case in a ‘balanced’ magnetron configuration) and is allowed to flow 
out towards the substrate. Thus, high ion currents (>5 mA/cm2) can be drawn from the plasma without 
the need to apply excessively high bias voltages to the substrate.  
 
Figure 2.2: Schematic of an unbalanced magnetron configuration. 
The configuration of the deposition chamber, target segments and substrates are shown schematically 
in Figure 2.3. Two Zr target segments (127 mm x 100 mm x 6 mm) at the middle and bottom and one 
Mg target segment (127 mm x 100 mm x 6 mm) at the top were used (with a total target area of 381 
x 100 mm). Polished AISI 316 stainless steel substrates (20 mm x 10 mm x 2 mm) were positioned in 
parallel with polished Zr substrates (20 mm x 10 mm x 1 mm) and fixed onto the sample holder which 
was placed 15 cm from the Mg and Zr targets. The stainless-steel substrates served as references to 
reliably determine Zr and Mg concentrations coating (during GAXRD and EDX spectroscopic analysis) 
thereby minimising contribution from the underlying Zr substrate. All substrates were ultrasonically 
cleaned using acetone and then isopropanol for 15 minutes and dried under pressurised flow of warm 
air. The Zr and Mg target segments were gently cleaned using isopropanol prior to each coating run 
remove impurities such as oxygen contamination. The coating chamber was evacuated to 
approximately 2 x 10-5 bar (2 x 10-3 Pa) base pressure.  
Prior to deposition, the substrates were sputter cleaned using argon ions at an argon pressure of 3.3 
x 10-2 mbar (3.3 Pa) and a flow rate of 54 sccm and substrate negative bias voltage of 500 V for 30 min. 
Then the argon pressure was adjusted to 4.8 x 10-3 mbar (0.48 Pa) at an argon flow rate of 12.5 sccm 
for the following target sputter cleaning process which was carried out for 15 minutes. A rotatable 
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shutter was placed in between the substrate holder and the target cleaning process to inhibit possible 
contamination (from the targets to the substrates). Following the sputter target cleaning process, the 
argon flow rate of 12.5 sccm and working pressure of 4.8 x 10-3 mbar (0.48 Pa) were maintained and 
the substrates were negatively biased to 150 V with a DC-pulse frequency of 250 kHz, whilst the power 
to the targets were initially 600 W and then increased to 700 W (at a pulse frequency of 80 kHz). 
Magnesium and zirconium were sputter co-deposited for a duration of 3 hours to obtain full coating 
coverage of the substrates. Following deposition, the power supply to target and argon inlet supply 
were shut down and the chamber vented. Approximately 1 hour was awaited before the coated 
samples were collected from the chamber.  
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Figure 2.3: (a) Schematic drawing target-substrate arrangement in deposition chamber and (b) 
plasma glow during operation. 
One of the effects on the targets during sputter deposition was the formation of ‘racetrack’ erosion 
on both Zr and Mg targets. This occurs as the electric field (E) and the magnetic field (B) are applied 
perpendicular relative to one another, and the E field intensity decreases with increased distance from 
the surface. The magnets are typically placed underneath the cathode surface, which allows the 
magnetic field to traverse radially. This configuration allows the E*B drift to form a circular path over 
the target surface and this is due to the circular magnetic field of the magnetron focussing the charged 
plasma species close to the surface of the sputter target resulting in ‘racetrack’ erosion. However, due 
to the higher sputter yield of Mg (1.7) relative to Zr (0.7) for a given applied power, the Mg target 
segment (see Figure 2.4a) was seen to have undergone greater erosion compared to the Zr target 
segments (See Figure 2.4b) with visual evidence of grain growth due to plasma bombardment heating 
Targets 
Steel 
Substrates 
Zr 
Substrates 
(a) (b) 
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in the former. Furthermore, the single array configuration of the targets unavoidably resulted in cross-
sputtering of Mg onto Zr, illustrated by the black oxide ‘patches’ which were subsequently cleaned 
prior to each run to optimise deposition.  Overall, the main disadvantage of this technique is that the 
target is eventually consumed during the process before having to be replaced, which is dependent 
on the target power applied, density of the targets, sputter yield and the number of sputter-deposition 
runs undertaken, to name a few.  
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Figure 2.4: (a) Mg target exhibited high material consumption when power was set to 850 W 
compared to (b) Zr target. Both targets exhibited ‘racetrack’ effects during sputter deposition but 
Mg target segment displayed greater erosion due to having a higher sputtering yield relative to the 
Zr target segment. 
2.6 Fundamental Concepts in X-ray Diffraction (XRD)  
 
The short-wave electromagnetic nature of X-rays makes them capable of interacting with materials at 
the atomic scale. X-rays have short wavelengths approximately equal to the interatomic distance in 
crystals (1 to 2 Å) and the regularly spaced atoms act as scattering slits for X-rays resulting in a 
diffraction pattern. When an X-ray beam interacts with an atom, the electrons around the atom 
oscillate with the same frequency as the incident beam. In most directions destructive interference 
will occur, where waves are out of phase. In a crystalline material, few directions will have constructive 
interference which would be the case if the effective path difference of the interference waves being 
reflected by different planes of a crystal is equal to an integer number of wavelengths, or equal to 
2dsinθ, where d is the interplanar distance and θ (2θ) is the incident (and reflected) wave angle (Figure 
(b) Zr Target 
Cross-contamination 
of O from Mg target 
(a) Mg Target 
Consumed region 
Mg grain growth 
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2.5). This is known as Bragg’s law (Equation 2.1) which relates the spacing of the lattice planes to the 
angular position of diffraction lines, when using monochromated X-rays: 
  
2𝑑sin𝜃 = 𝑛𝜆 (2.1) 
 
Where n is an integer and λ is the wavelength of the incident beam. X-ray diffraction is based on the 
detection of the diffracted X-rays once this criteria for Bragg’s law is satisfied.  
 
 
Figure 2.5: Schematic of diffraction of X-rays by a crystal lattice (adapted from Pecharky et al [240]). 
 
2.6.1 Diffractometer Geometry  
 
X-ray diffraction studies are carried out in a diffractometer, where X-rays are produced when high 
energy charged particles (i.e. electrons), are accelerated through several tens of kV and collide with 
solid matter. The high energy electrons are produced by heating a tungsten filament cathode in a 
vacuum sealed X-ray tube which generates the X-rays (Kα radiation). The intensity (counts per second) 
of the diffracted beam is measured by the X-ray detector. The diffractometer also has a 
monochromator and slits which define and collimate the incident and diffracted X-ray beams. The X-
ray source, X-ray detector and sample holder rotate independently, and the advantage of this 
arrangement is the capability to use various measuring methods. These are held in place by a 
goniometer which moves at small angular steps (i.e. 0.01o) and stops at each position for a few seconds 
whilst the diffracted X-rays are counted (from the sample that is mounted at its centre). This is 
repeated until the user-defined 2θ range is completed. A pattern of the discrete measurements is 
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produced showing intensity versus 2θ. The diffraction data is compared to a database of patterns 
known as powder diffraction file (PDF) in order to determine the phase of the material formed.  
The beam of high energy electrons is accelerated to strike a target, often copper (Cu). The incident 
electrons with sufficient energy ionise some of the atoms, releasing Cu 1s (K shell) electrons. An 
electron in one of the outer orbitals (2p or 3p) occupies the vacant 1s level and the energy released in 
the transition is manifested in the form of X-rays. The transition energies have fixed values and so 
display certain characteristic results in terms of X-ray wavelength. For Cu, the 2p → 1s transition 
(called Kα), yields an X-ray wavelength of 1.54051Å and the 3p → 1s transition (called Kβ), 1.3922Å. 
The Kα transition is more frequent and more intense than Kβ and so it is used most often in diffraction 
experiments. Kα in fact, has 2 wavelengths Kα1 and Kα2 corresponding to 1.54051Å and 1.54433Å 
respectively.  
The scattered (diffracted) X-rays (from the sample) exit through a beryllium window to the receiving 
end of the detector and are converted to electrical signals that are displayed onto a screen as an X-
ray diffraction pattern. It is called a pattern and not a spectrum because a spectrum implies energy 
change (see Raman spectroscopy section 2.7) whereas XRD is the scattering of X-rays measured as the 
intensity as a function of diffraction angle 2θ. Though Cu is commonly used, other metals such as 
molybdenum, chromium, cobalt (amongst others) which have different Kα values relative to Cu can 
also be used [241]. The Kα and Kβ are represented by defined monochromatic peaks, caused by the 
electronic transitions within the atoms. This is an inefficient process in that only a small fraction of the 
incident electron beam is converted into X-rays upon interaction with the target material. Most of the 
energy is converted to heat and so the anode to which the Cu is fixed must be continuously cooled to 
avoid it melting. Often, a single crystal monochromator can be used to obtain monochromatic X-rays 
(e.g. Cu-Kα1). 
2.6.2 Glancing Angle X-ray Diffraction  
 
Glancing angle (or grazing incidence) XRD is an important development of classical XRD - especially its 
increasing use in the evaluation of thin layers and coatings produced in surface engineering of 
materials. It is difficult to accurately determine the phases formed in films and coatings using the 
conventional (symmetrical, θ-2θ) Bragg-Brentano configuration, since this tends to produce low 
diffracted intensities from the treated surface and higher intensity peaks from the substrate, due to 
the high Penetration Depth of X-rays in materials (that increases with the angle of incidence), which 
can generally exceed the thickness of the treated surface/coating. It is more convenient to use the X-
ray diffraction technique at glancing angle (Seeman-Bohlin configuration) to minimise contribution (of 
phase detection) from the substrate. In this geometry, shown in Figure 2.6, the X-ray incident theta-
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angle is fixed to a small value, and only the angle between the incident beam and the diffracted beam 
(2θ) is varied, moving just the detector arm. Thus, the incident beam is focused in (and the diffracted 
signals predominantly arise from) a limited depth from the surface, reinforcing its diffraction pattern 
from the treated surface/coating, while the signal from the substrate is reduced due to the small angle 
of incidence and reduces the penetration of X-rays into the surface (to typically only a few microns), 
compared to the standard θ-2θ diffraction (typically several tens of microns). Under these conditions, 
the depth of analysis does not depend on 2θ, but is controlled by the angle of incidence. However, 
care must be taken with data interpretation – since a fixed angle of incidence may cause only a limited 
number of lattice planes to be sampled. This is particularly important for coatings analysis, where a 
strong preferred texture (i.e. crystallographic orientation) often occur. During the collection of the 
diffraction pattern, only the position of the detector is changed and the incident angle and beam path 
length are kept constant.  At low incidence angles, the X-rays penetrate only the treated 
layer/deposited coating of a sample.  
GAXRD studies for this work were performed with a X’Pert3 Diffractometer (Philips Panalytical, the 
Netherlands) (Figure 2.6) using monochromated Cu Kα1 radiation (λ=1.54056 Å) operated in a Seeman-
Bohlin geometry to investigate the phase structure of the diffusion-treated TPN samples, sputter-
deposited coatings and the hydrothermally oxidised samples. The tube acceleration voltage and 
current used were 40 kV and 30 mA respectively. The scans were acquired with data collected over a 
2θ range of 25o to 80o with a step size of 0.02o, and at incident angles of 2o, 4o and 6o. Bulk untreated 
materials such as polished Zr substrates were scanned using Bragg-Brentano θ-2θ geometry. The 
crystalline phases present were determined by peak fitting the resultant pattern using PDF4+ 
software, i.e. comparing the angular positions of peaks to those reported in PDFs from the 
International Centre for Diffraction Data (ICDD) [242] which were used for the identification of phases. 
The Penetration Depth of the X-rays at a given incident angle into the nitride layer was calculated 
using the Beer-Lambert law in AbsorbDX software, to indirectly infer thickness of the TPN-treated 
layer and oxide scales. 
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Figure 2.6: Philips Panalytical X’Pert3 (Netherlands) was used to carry out GAXRD experiments at the 
XRD facility, The University of Sheffield. 
2.7 Vibrational Modes using Raman Spectroscopy  
 
Raman spectroscopy is a technique based on the analysis of light inelastically scattered from a sample 
surface, produced by vibrational interaction of the light with inter-atomic bonds of a material. It occurs 
when a photon excites a sample molecule in a certain vibrational state to a higher virtual state which 
then drops down to a lower energy level which is at a slightly higher point than the initial energy level. 
This shift in wavenumber or frequency is known as the Raman shift.  
When an incident monochromatic light interacts with an electron in a sample, the electron absorbs 
the energy from the incident photon and it rises to a virtual energy state19. The energy transferred 𝐸,  
is given by the following formula:  
𝐸 = ℎ𝜐𝑖 (2.2) 
Where ℎ is Planck’s constant (6.63 x 10-34 Js-1) and 𝜐𝑖 is the frequency of the incident photon. The 
electron falls back to a lower energy state by losing energy. If the energy lost equals the energy of the 
incident photon (i.e. ℎ𝜐𝑖 =  ℎ𝜐𝑠, where 𝜐𝑠 is the frequency of the scattered photon), the electron falls 
 
19 The virtual state is the energy of the laser. 
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back to its initial energy level and emits a photon (Figure 2.7(a)). Since the energy lost is equivalent to 
the energy of the incident photon, the released photon has the same frequency as the incident photon 
(i.e. 𝜐𝑖 = 𝜐𝑠). This is known as Rayleigh scattering and is an example of elastic scattering. Majority of 
the light that interacts with a sample occurs via this mechanism. However, when electrons lose energy 
from the virtual state, they can also fall back to a different energy level. In this case, the energy lost 
by the electron is different to the energy absorbed from the incident photon (i.e. ℎ𝜐𝑠 ≠ ℎ𝜐𝑖). Thus, 
the photon emitted by the electron has energy that is different to the incident photon which is 
possible since the emitted and incident photons have different frequencies. This gives rise to Raman 
scattering (Figure 2.7(b)) and less than 1% of the total scattered intensity occurs via this mechanism. 
 
Figure 2.7: Schematic of the energy level diagram showing (a) Rayleigh scattering and (b) Raman 
scattering. 
Light from the area under analysis is passed through a set of lenses and a monochromator (analyser), 
and a plot of the intensity of the scattered light versus the frequency shift results in a Raman spectrum 
of the sample. 
The Raman frequency shift (cm-1) is calculated using the following equation:  
𝜈 ̅ =
1
𝜆𝑖𝑛𝑐
− 
1
𝜆𝑠𝑐𝑎𝑡
 (2.3)   
Where 𝜆𝑖𝑛𝑐 and 𝜆𝑠𝑐𝑎𝑡 are the incident and scattered wavelengths respectively. Raman active bands of 
the diffusion-treated TPN samples and hydrothermal autoclaved samples were determined (from 
which phases were deduced by comparison with the literature) using a Renishaw inVia Raman 
microscope with 514 nm laser. Spectral analyses were performed using the Renishaw WiRE software, 
supplied with the spectrometer. The frequency shift acquisition was taken from 0 to 1000 cm-1 with 
the spectrum adjusted to minimise the effects of cosmic background radiation. The Raman active 
bands shown as peaks relate to the energies for the detection of molecular interatomic bond 
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vibrations within a sample i.e. the frequency shifts are characteristic of certain interatomic bonds (that 
can be inferred to be those between particular, often different elements).  
2.8 Determination of Surface Roughness  
 
Optical profilometry uses wave properties of a light to compare the optical path difference between 
the substrate surface and the reference surface. Inside an optical profiler, a light beam is split – 
reflecting half the beam from the substrate which is passed through the focal plane of the objective 
and the other half of the split beam is reflected from the reference mirror (Figure 2.8). When the 
distance from the beam splitter to the reference mirror is the same distance as the beam splitter is 
from the substrate and the split beams are recombined, constructive and destructive interference 
occurs in the combined beam wherever the length of the light beams vary. This generates light and 
dark bands known as interference fringes. Since the reference mirror is of known flatness, the optical 
path differences are due to the height variances of the substrate. The interference beam is focused 
into a digital camera whereby the lighter fringes result from constructive interference darker fringes 
result from destructive interference. In an interference image, each transition from light to dark 
represents one-half of a wavelength of difference between the reference path and the substrate path. 
If the wavelength is known, it’s possible to calculate the height differences across a surface from which 
a 3D coloured map of the surface could be obtained.  
 
Figure 2.8: Schematic of the process for generating an interference image using optical profilometry. 
In this study, a Veeco-Dektak 150 scanning stylus optical profilometer was used to map the surface 
topology and to compare surface roughness of the pure Zr substrates, TPN-treated samples and 
hydrothermally oxidised samples. Surface roughness information would be useful to investigate the 
effect of increasing TPN treatment time on pure zirconium substrates and how the surface roughness 
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varies following hydrothermal oxidation in a high pressure/temperature environment. The 
microscope consists of a module which provides green and white illumination, a scanner assembly 
and a measurement objective. Five measurements each at random positions were recorded to 
calculate an average surface roughness Ra value. High-definition 3D surface maps were obtained from 
many scans (>200), which were analysed using Vision 3D analysis software. The parameters used for 
calculating surface roughness included back-scan: 25 μm; length: 50 μm; Threshold: 5% with a 10x 
magnification on the objective lens. 
2.9 Determining Surface Morphology and Elemental Composition using Scanning 
Electron Microscopy (SEM) and Energy Dispersive X-ray Spectroscopy (EDX) 
 
Scanning electron microscope (SEM) is a type of electron microscope that produces images of a sample 
by scanning the surface with a focused beam of electrons. It is used to study the morphology of 
specimens and can achieve a resolution better than 1 nm. The following is a brief description of the 
operation of an SEM. The instrument comprises of an electron gun consisting of a thermionic cathode 
(typically a tungsten filament20) which is heated by an electric current and emits electrons in the 
column chamber that is under high vacuum (~5.0 x 10-5 Pa). Beneath the electron gun is an anode 
which is connected to the positive pole of a high voltage source and attracts the negatively charged 
electrons. The electric field between the anode and cathode accelerates these primary electrons 
downwards (typically with an acceleration voltage ranging from 1 to 50 kV). This forms a broad 
diverging electron beam. An electromagnetic condenser lens and objective lens finely focuses the 
electron beam on the specimen surface and scanning coils (located above the objective lens) are used 
to adjust the position/direction of the electron beam onto the sample.  
As the incident primary electrons strike the surface, electrons of the specimen surface atoms are 
released, known as secondary electrons (SE). These are low energy electrons (<50 eV) that are ejected 
from the conduction or valence bands of the sample via inelastic scattering interactions with the beam 
electrons. Thus, SEs originate from the top few nanometers from the sample surface and are detected 
by an SE detector. The basic principle of the SEM is however, primarily to detect the secondary 
electrons to build up a high-resolution image of the sample surface. To increase the number of 
secondary electrons detected, a positively biased grid is placed in front of the detector which attracts 
the secondary electrons and is detected by the SE detector which generates a magnified image of the 
sample. 
 
20 Tungsten is used as it has a high melting point allowing it to be electrically heated for electron emission and 
because of its low cost.  
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Primary electrons can also be scattered from the sample and are known as backscattered electrons 
(BSE) which are higher energy electrons. Secondary electron detectors are inefficient at detecting BSEs 
because (i) few electrons are emitted in the angle at which the detector is subtended and (ii) the 
positively biased grid has little ability to attract the higher energy BSEs. Thus, dedicated BSE detectors 
are positioned above the sample. Since heavier elements (high atomic number) backscatter electrons 
more strongly than lighter elements (low atomic number), they appear brighter in the image. 
The raster scan directs the beam onto a part of the sample and the number of electrons is recorded 
in the SE detector, the signal is amplified and is displayed as a dot in the top corner of a display 
monitor. The electron beam adjusts slightly to the next point and stops again, and the measurement 
is repeated. Primary electrons arriving at low incidence angles will release many SEs compared to 
normal incidence angles. The bright and dark regions represent the topography of the surface that the 
electrons are scanning. This is continued until an image appears on the monitor.  
X-rays are also emitted when an electron beam removes an inner shell electron from the sample 
(resulting in an unstable state), causing a higher energy electron on the outer shell to fill the inner 
shell. This releases energy in the form of X-rays that is characteristic to each element21. The energy 
and intensity of the X-rays is measured by an X-ray detector, from which the elements present in the 
sample can be determined with appropriate calibration standards of known composition.   
 
Figure 2.9: Philips SEM XL30 was used to analyse the surface morphology. 
 
21 It is characteristic because each element has a unique set of energy levels – and so the transition from 
higher to lower energy levels produces X-rays with frequencies that are characteristic to each element.  
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In this study, scanning electron microscopy (SEM) (Philips XL30 (Figure 2.9)) (field emission gun) was 
used to carry out morphological and elemental composition analysis of the diffusion-treated TPN Zr 
layers, sputter-deposited Zr-Mg coatings and the hydrothermally oxidised samples. An accelerating 
voltage of 15-20 kV with samples positioned at a working distance of 15 mm was used and SEM 
micrographs were generated in secondary electron (SE) and backscattered electron (BSE) mode. An 
Energy-dispersive X-ray (EDX) detector was used in conjunction with INCA software for qualitative and 
quantitative analysis with samples positioned at a working distance of 7 mm.  
 
2.10 Nanoindentation  
 
Indentation techniques such as Rockwell, Vickers, Brinell and Knoop are used to determine the 
hardness of mostly bulk materials. However, the increasing use of treated layers/coatings necessitates 
the use of lower indentation loads. This is because it becomes increasingly difficult to make accurate 
indentation measurements of mechanical properties without introducing contributions from the 
underlying substrate. Low load instrumented indentation methods allow accurate measurement of 
hardness as well as other material properties such as elastic modulus, something the conventional 
microhardness tests (i.e. Vickers) cannot not do, as hardness (from Vickers technique) is determined 
by measurement of dimensions/depth of the indentation imprint on the material and compared 
against reference values for the material being analysed.  
Nanoindentation evolved from the Vickers hardness test and in recent years has become one of the 
most widely used techniques to analyse the mechanical properties and elastic modulus of films, 
coatings and surface-treated layers. The geometry of the tip is typically a three-sided diamond 
pyramid (Berkovich geometry) which is pressed into the material being analysed resulting in elastic 
and plastic deformation. It is held at optimum force which induces creep of the material under the tip 
which is finally unloaded leading to partial elastic recovery of the material. A force (mN) – 
displacement (nm) curve is generated from the collected data and the area under the loading and 
unloading regions of the curve provides information relating to the elastic and plastic deformation of 
the material being tested.  
The disadvantage of the technique is that, despite the use of low loads that generate low maximum 
displacements, contributions from the substrate is still a possibility - especially if the coating/treated 
surface is thin (≤1 µm). This is because elastic and plastic zones are induced below the tip, which are 
much deeper than the maximum indentation depth.  In order to ensure there is as minimum influence 
from the substrate when measuring the hardness and elastic modulus of the treated surface/coating, 
78 
 
the size of the contact impression is kept small relative to the film thickness, done to achieve a high 
degree of spatial resolution. Usually, this is less than 10% of the film thickness.  
The Oliver and Pharr [243] method has been widely used to measure the nanoindentation hardness 
and elastic modulus of materials and are calculated from the recorded load-displacement curve. This 
technique allows the determination of these parameters from indentation load and displacement 
measurements to be made without the need for direct optical imaging, as in the case of conventional 
microindentation hardness tests. During unloading of the tip, only elastic displacements are 
recovered, and so the elastic constants of the sample can be calculated using the unloading part of 
the curve (Figure 2.10), which can be approximated by the following relation:  
𝑃 = 𝛼(ℎ − ℎ𝑓)
𝑚 (2.4) 
Where P is the indentation load, α and m are constants, h is the displacement and ℎ𝑓 is the final 
(plastic) displacement after unloading. 
The depth between the indenter and the specimen, ℎ𝑐, is determined from the load-displacement 
data using:  
ℎ𝑐 = ℎ𝑚𝑎𝑥 − ℎ𝑠 = ℎ𝑚𝑎𝑥 − 𝜀
𝑃𝑚𝑎𝑥
𝑆(ℎ𝑚𝑎𝑥)
 (2.5)  
Where ℎ𝑚𝑎𝑥 is the maximum displacement at the point of unloading, ℎ𝑠 is the sink-in depth, 𝑃𝑚𝑎𝑥 is 
the maximum indentation load, 𝜀 is a constant related to the indenter geometry and 𝑆(ℎ𝑚𝑎𝑥) is the 
slope of the unloading curve.  
 
Figure 2.10: An indentation load-displacement curve showing regions that are used to determine 
hardness [244]. 
The sample hardness, 𝐻𝑠, is determined from the following relation:  
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𝐻𝑠 =
𝑃(ℎ𝑚𝑎𝑥)
𝐴(ℎ𝑚𝑎𝑥)
 (2.6) 
Where 𝐴(ℎ𝑚𝑎𝑥) is the contact area at maximum indenter penetration which is determined by 
calibrating the shape function from indents on a standard material such as fused silica.  
Measurement of the unloading stiffness is calculated from:  
𝑆(ℎ𝑚𝑎𝑥) =
𝑑𝑃
𝑑ℎ
ℎ𝑚𝑎𝑥 =  √
4𝐴(ℎ𝑚𝑎𝑥)
𝜋
𝐸∗ (2.7)  
The elastic modulus of the sample is then determined from the reduced elastic modulus of the 
sample and indenter tip, 𝐸∗:  
1
𝐸∗
=
(1−𝜐1
2)
𝐸1
+
(1−𝜐2
2)
𝐸2
 (2.8)  
Where 𝐸1 and 𝜐1, and 𝐸2 and 𝜐2 are the Young’s modulus and Poisson’s ratio of the indenter and the 
sample, respectively. For the diamond indenter tip 𝜐1 = 0.07 and 𝐸1 = 1,140 𝐺𝑃𝑎 [244]. Often the 
issue with coatings and surface treatments is that 𝜐2 is difficult to determine precisely.  
Surface nanoindentation measurements were performed using a Hysitron Inc. TriboscopeTM equipped 
with a Berkovich triangular-pyramidal diamond indenter with an approximate tip radius of curvature 
of 150 nm. Approximately nine indentations were carried out on the surface of the TPN diffusion-
treated samples, hydrothermally oxidised TPN-treated Zr samples and sputter co-deposited samples 
in a 3x3 grid array with a 10 μm spacing between each indent at a load of 4 mN. The hardness vs. 
contact depth profiles were plotted for these samples.  
2.11 Scratch Adhesion Testing  
 
Adhesion is an important factor in coating/surface-treated layer performance for many applications. 
Scratch testing is commonly used to measure adhesion of PVD ceramic coatings. A hemispherical 
diamond stylus of radius 200 μm (Rockwell C geometry) is drawn across the surface of the coated 
substrate/treated surface at a constant speed, over a defined range of linearly-increasing Normal 
Force (FN - applied force by indenter perpendicular to the treated surface) applied over a defined 
distance. The damage along the scratch track is recorded as a function of the applied force where 
Acoustic Emission (AE) from the treated layer/coating-substrate system is also monitored. This is the 
release of elastic energy during crack growth and the magnitude of the AE signal depends on the size 
of the cracks produced (Table 2.2). Increasing the applied force results in a progressive increase in 
surface damage, until a critical load (LC) is reached (Table 2.3) - identified as a failure mode from 
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Tangential Force curves (FT). A combination of frictional stresses, elastic-plastic indentation stresses 
and internal residual stresses lead to coating failure. 
Table 2.2: Parameters used in scratch adhesion profiles. 
Parameter Symbol Description 
Tangential Force FT (N) 
The force that opposes the relative motion between a moving 
stylus and the surface that is being scratched by the stylus.  
Normal Force FN (N) The force exerted by the stylus onto the workpiece.  
Penetration Depth Pd (μm) The penetration of the stylus into the coating.  
Acoustic Emission AE 
Elastic waves produced as a result of damage events from the 
stylus penetrating into the sample.  
 
The force of the stylus drawn across the surface is known as the tangential or frictional force (FT). As 
FN is progressively increased, the stress generated in the coating results in through-thickness cracking 
(such as tensile or conformal cracking [245]). Chipping damage also occurs on the sides of the scratch 
track which can be identified from optical micrographs. The appearance of these defects denotes the 
critical load at which cohesive failure occurs (known as LC1). The load at which this failure mode occurs 
is gained from the FN value which can be inferred from the FT profile. A sudden increase in the FT 
gradient denotes adhesive failure (LC2) which is the penetration of the coating by the indenter where 
the substrate is first exposed. As before, the value of LC2 is obtained by recording the point at which 
LC2 occurs on the FT profile and determining where this occurs on the FN profile. The final failure mode 
is complete spallation (LC3). This is the spallation of the coating or the treated layer from the substrate 
which is seen as an erratic pattern and a further change in the gradient of the FT scratch profile. The 
surface topography following the LC3 failure mode is seen as a brighter image from optical micrographs 
compared to that of the coated/surface treated layer at LC2 – indicating exposure of the underlying 
substrate in the scratch track.  
Table 2.3: Description of failure events, observations and corresponding critical loads [246]. 
Critical Load Failure Description  Observation 
LC1 
Cohesive failure within the 
layer. 
Onset of cracking and chipping damage at the 
scratch track. 
LC2 
‘Adhesive’ failure/disbondment 
of the layer. 
Penetration into substrate.  
LC3 
Ploughing of indenter into the 
substrate. 
Complete coating/layer spallation with only 
substrate visible along scratch track. 
 
An Anton Parr commercial scratch tester (Springfields Fuels Ltd, Westinghouse Electric Co.) (Figure 
2.11) was used to assess the adhesion strength of the diffusion treated TPN-Zr layer; sputter deposited 
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Zr-Mg coatings and oxide scales formed following hydrothermal oxidation tests, performed according 
to ASTM C-1624-05 [247]. This test identifies the adhesion strength and mechanical failure modes of 
ceramic coatings on metal substrates at ambient temperature but is often adapted to other 
conditions. The load ranged from (i) 0 to 30 N for the TPN diffusion-treated layers; (ii) 0 to 35 N for 
the hydrothermally oxidised samples and (iii) 0 to 40 N for the sputter-deposited Zr-Mg coatings, at a 
rate of 10 mm/min for a scratch distance of 10 mm. The substrate surface and diamond tip were 
cleaned with isopropanol before each scratch to remove possible contamination. The topology of each 
scratch track was assessed using a built-in optical microscope although both SEM and 3D surface 
profilometry techniques can also be used separately. Critical loads: LC1, LC2 and LC3 were determined 
from an average of 3 scratches carried out on each treated sample, and their values were based on 
the observation and description of the damage events described in BS EN 1071-3:2005 [248].  
 
 
 
 
 
 
 
Figure 2.11: Schematic of failure modes from scratch adhesion measurements. 
2.12 Hydrothermal Oxidation Testing  
 
Hydrothermal oxidation tests were performed in a stainless steel autoclave containing deionised 
water (Figure 2.12) to investigate oxidation behaviour of the treated samples. The diffusion-treated 
TPN samples (that had undergone longer treatment times (i.e. 2, 3 and 4 hr)) and the sputter-
deposited samples were hydrothermally oxidised (separately) by placing the samples in an autoclave 
containing deionised water at room temperature (RT) (at atmospheric pressure) which was increased 
to 360oC (at a rate of 5oC per min) and held for 3 days (and extended to 7 days for the magnesium-
containing zirconium sputter PVD coatings) according to ASTM G2 [75] under high pressure water 
(18.7 MPa) conditions. Once finished, the samples were then cooled at a rate of 5oC per min and 
removed from the autoclave. For the TPN-treated Zr samples, these were weighed before and after 
hydrothermal oxidation tests and the difference was divided by the total area of each sample to 
determine the oxide weight gain in milligrams per decimetre squared (mg/dm2). 
LC1 LC2 
Substrate 
Treated layer / 
Coating 
Stylus 
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Figure 2.12: Hydrothermal oxidation test rig showing magnetron sputter-deposited coatings which 
was performed at 360oC for 3 and 7 days. 
 
 
 
 
 
 
 
 
 
 
 
 
 
Samples 
Autoclave  
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Chapter 3 – Triode Plasma Nitriding Diffusion Treatments 
 
3.1 Plasma-nitriding of Zr: Trial Runs  
 
The temperature (and other key parameters such as pressure and concentration) required for 
successful and effective TPN diffusion treatment and triode plasma oxidation (TPO) treatments has 
been extensively studied by Leyland, Matthews and co-workers [182, 185, 235, 249, 250]. These 
studies have in recent years concentrated primarily on Ti and Ti-alloys for aerospace and potential 
biocompatibility applications. However, despite their microstructural similarities no literature has 
been found that explores such treatments of Zr-based substrate materials to improve the surface 
properties.  
The objective of this part of the study was to determine the optimum temperatures and duration for 
which successful nitriding would take place on Zr substrates. Leyland et al [185] previously 
demonstrated that it is possible to produce effective dc discharge plasma nitriding at a workpiece 
negative bias as low as 200V under low pressure (<1 Pa) thermionic triode conditions, compared to 
conventional diode configurations at high pressure (>100 Pa), where it is difficult to achieve effective 
results below 500 V, due to high L/λ values and results in low energies/intensities of energetic 
gas/plasma species arriving at the workpiece. Explanation for this disparity lies in the different ion and 
neutral energy distributions in both systems and was discussed in Chapter 1 Section 1.9.5. 
Furthermore, plasma nitriding has been shown to improve surface microhardness and load-bearing 
capacity of Ti-6Al-4V substrates at temperatures in the 400-700oC range [251]. This knowledge 
provided an effective start-point for this investigation.  
Untreated pure Zr substrates (dimensions 20 mm x 20 mm x 1 mm) were hot-mounted in bakelite and 
ground using SiC papers down to P1200 grit size and polished down to 1 μm polycrystalline diamond 
suspension with final polishing by colloidal silica. An automatic regime with single pins was used to 
stabilise the bakelite-mounted Zr substrates during the grinding and polishing process. It was found 
however, that this did not remove some of the ‘deeper’ scratches that had formed at the edge of the 
substrates as a result of grinding, though this was not an issue for samples mounted in cross-section 
due to having a smaller surface area compared to Zr substrates. Thus, manual grinding was employed 
to remove the remaining defects.  
Fig 3.1(a) shows an SEM micrograph of pure Zr in the untreated (as-received) condition. The substrate 
surface can be seen to be coarse - owing to the processing technique adopted to manufacture the Zr 
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metal (work hardened and temper-annealed) and was found to contain contamination across the 
surface.  
 
 
 
 
 
 
  
Figure 3.1: Secondary electron image of (a) as-received HCP α-Zr surface showing impurities and (b) 
HCP α-Zr after 9 μm diamond polish is used which shows some scratches. 
The SEM image in Figure 3.1(b) shows a largely smooth Zr surface, though some defects remained 
from the 9 μm stage, which were removed after subsequent polishing technique down to 0.05 μm 
with colloidal silica (outlined in Chapter 2, Section 2.1).  It should be noted that obtaining a perfectly 
defect-free surface was not the primary objective, however, having a polished mirror surface as far as 
reasonably practicable is desirable as this minimises contamination or unwanted impurities; reduces 
surface roughness and thus optimises adhesion properties between the treated layer and the 
substrate [252].  
The zirconium metal was etched using a Hydrofluoric acid (HF)-based solution which comprised of HF 
– (5 vol.%), Nitric acid (HNO3) – (35 vol.%) and H2O – (60 vol.%) [253] for 10 seconds to enhance the 
α-phase grain contrast of the metal. However, the HCP α-Zr microstructure was seen to have been 
only partially etched. The fact that the α-Zr phase is particularly resistant to chemical attacks resulted 
in the individual α-Zr grains not being clearly demarked by the HF-based etchant as shown in the 
optical micrograph in Figure 3.2. Another technique used to observe the α-Zr grains was ion polishing 
and this was used to etch the metal after the mechanical polishing stage (see Chapter 2, Section 2.3 
for details). The HCP α-Zr microstructure could be clearly observed using optical microscopic image 
analysis presented in Figure 3.3(a). The average grain size was determined to be ~12 µm using the 
ASTM-E112 standard method [254]. 
 
 
(a) (b) 
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Figure 3.2: Demarked grain boundaries of Zr grains shows the Zr surface has high resistance to 
chemical attack after being etched in a HF-based etchant. 
The polished zirconium substrates were then cleaned in acetone and isopropanol then dried under 
warm flowing air before TPN diffusion treatment using the following conditions (See Chapter 2, 
Section 2.4 for details):  
Table 3.1: Conditions used during plasma nitriding. 
 
Parameter Output 
Temperature (oC) 700oC 
Duration (h) 1.5, 2, 3 & 4 
Pressure (Pa) 0.5 
Substrate bias (V) -200 
Partial pressure mixture (%) 70:30 (Nitrogen:Argon) 
 
 
Following TPN diffusion treatment at 700oC for 1.5 hours, optical image analysis of the TPN-treated 
surface in Figure 3.3(b) revealed that the grain size remained virtually unchanged compared to the 
untreated HCP α-Zr shown in Fig. 3.3(a). Grain size comparisons of the untreated pure zirconium 
substrate and the TPN diffusion-treated sample does not appear to show evidence of grain growth 
under the above-mentioned treatment conditions. Furthermore, the morphology of the nitrided 
surface in Figure 3.3(b) shows the grains are more pronounced and protruded relative to HCP α-Zr 
Pitting corrosion   
Etched Zr grains  
25 μm 
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grains seen in Figure 3.3(a), but this is likely due to the effects of the argon sputter cleaning process 
used prior to diffusion treatment resulting in the preferential etching of grains. The limited resolution 
and magnification of the optical microscope further highlighted the difficulty in observing the 
microstructure of the nitrided surface using optical microscopy alone and so a higher magnification 
for imaging using SEM was required.  
 
 
 
 
 
 
 
 
 
Figure 3.3: Optical micrographs of (a) bulk HCP α-Zr (ion polished) and (b) TPN diffusion-treated Zr 
surface which show no observable grain growth of α-Zr. 
 
For SEM analysis, the diffusion-treated TPN-Zr sample was mounted in conductive bakelite resin then 
carbon coated to allow the dissipation of charge build-up due to the insulating nature of the TPN-
treated layer. The SEM micrograph in Figure 3.4 shows the zirconium surface following TPN treatment 
after 1.5 hours whereby the TPN-treated Zr grains could be seen due plasma etching effects on the 
grains [255].   
(b) 
50.00 µm 
(a) 
50 μm 50 μm 
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Figure 3.4: SEM micrograph of the TPN-treated Zr surface morphology in SE mode. 
Energy Dispersive X-ray (EDX) spectroscopy was used to evaluate the elemental composition of the 
TPN-treated surface, and the spectrum presented in Figure 3.5 revealed the presence of nitrogen at 
the surface which was determined to be 20 at% and zirconium and oxygen comprised 75 at% and 5 
at% respectively. Visual inspection of the substrates showed a golden appearance after diffusion 
treatment which indicated that a treatment duration of 1.5 hr was sufficient for effective interstitial 
nitrogen diffusion into the HCP α-Zr lattice.  
 
Figure 3.5: Elemental composition obtained from EDX analysis, shows the presence of Zr and N. 
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An estimate of the thickness of the nitride compound layer was inferred from EDX line scans. Figure 
3.6 shows the Zr composition gradually decreasing towards the edge of the sample as it proceeds 
towards the bakelite mount, which is shown by the abrupt increase in the detection of carbon. The 
presence of nitrogen is shown as a small but noticeable profile which is plotted individually (inset 
graph) as the large contributions from Zr skewed much of the contribution from nitrogen. The distance 
between the two most prominent peaks is indicative of the nitride compound layer, the thickness of 
which was estimated to be significantly less than 1 μm. Cassar et al [256] carried out TPN-diffusion 
treatment on Ti-6Al-4V under similar conditions and showed that the TPN-treated layer contained of 
a 250-500 nm compound layer at the surface. However, it should be noted that TEM investigations 
using focused ion beam (FIB) are required to accurately determine the nitride compound layer 
thickness due to the limitations of using SEM to observe thicknesses below 1 μm. Unfortunately, this 
could not be performed due to technical issues surrounding TEM availability but is commented on as 
a recommendation for future work in Chapter 6.  
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Figure 3.6: SEM cross-section of plasma-nitrided Zr and EDX Line-scan from Zr>ZrN layer>Bakelite. 
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3.2 Microstructure of TPN-treated Zirconium  
 
The next set of TPN diffusion treatments involved increasing the treatment duration to 2 hr, 3 hr and 
4 hr. This was done to enhance the load-bearing capacity of the diffusion-treated layer (via the 
nitrogen at interstitial sites of the HCP α-Zr lattice) and to investigate the impact this has on 
mechanical properties of the TPN-treated layers. A low substrate negative bias of 200 V and a high 
nitrogen partial pressure (nitrogen:argon gas ratio 70:30) were used. This would allow the nitrogen 
ion species to arrive at the zirconium surface at optimal energy, enabling the diffusion of these species 
at random interstitial sites of the HCP α-Zr lattice, thus increasing the case depth of the nitrogen 
diffusion zone when low substrate biases are used. These conditions also minimise the build-up of a 
compound layer which become saturated with nitrogen at the interstitial sites which can decrease the 
thickness of the nitrogen diffusion zone due to the lower diffusion co-efficient of the nitride compound 
layer.  
To facilitate comparable analysis of the diffusion-treated layers, parameters such as chamber 
temperature and substrate bias voltage were kept constant with only treatment time increased. 
Following nitriding, the substrates displayed a shiny golden appearance as shown in Figure 3.7 
(identical to the 1.5 hr treatment), which is indicative of the presence of a ZrN compound layer [257]. 
The golden colour appeared to be uniform at all the durations tested, clearly showing a 
thermochemical reaction had occurred, with regions of discoloration along the edges. This 
observation was also reported by Yetim et al [258] who showed the plasma-nitrided samples were 
golden and opaque in appearance which reduced at the edges. This is due to the relatively low 
substrate negative bias (200 V, low pressure triode/high current treatment) adopted in this work and 
is known to give small contributions to cathode sheath effects, arising from an increased ion 
bombardment at the outer edges of the substrate (causing heating effects). This resulted in re-
sputtering and net removal of the nitride compound layer (due to the intense bombardment at the 
outer edges) which led to grains near the edges of the sample to appear more pronounced compared 
to the rest of the nitrided surface (Figure 3.8) [235, 257].  
 
Figure 3.7: TPN-treated Zr samples nitrided for (a) 2 hr; (b) 3 hr and (c) 4 hr respectively, showing a 
shiny reflective golden appearance. 
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Figure 3.8: Optical micrograph of the 4 hr TPN-treated Zr showing more pronounced Zr 
microstructure  towards the edge of the TPN-treated surface due to cathode sheath edge effects. 
The SEM micrograph (in BSE mode) of the 4 hr TPN-treated surface in Figure 3.9(a) appears to show a 
grain-like topology which was found to be identical to the 2 hr and 3 hr TPN-treated samples. It is 
unlikely that these features are grain boundaries since the average size of grain boundaries is about 
0.5 nm [259] and such features would be too small to be resolvable in an SEM from a non-etched 
surface. What is observed are protuberances resulting from the nitriding diffusion treatment. To 
observe the nitride grains, a higher resolution imaging technique such as focused ion beam (FIB) along 
with transmission electron microscope (TEM) would be useful. On closer inspection of the BSE image 
in Figure 3.9(a), TPN treatment appears to subtly show darker regions that highlight the boundaries 
of the zirconium grains. Given that the average Penetration Depth of backscattered electrons in the 
sample is about 80 nm, this would indicate that the nitride compound layer is thin – possibly hundreds 
of nanometers thick – again, TEM investigations would be useful to determine this thickness.  
 
 
 
 
 
 
 
Cathode sheath effects on sample edge.  
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(a) 
 
 
 
 
 
 
 
 
 (b) 
 
 
 
 
 
 
 
Figure 3.9: (a) SEM micrograph in BSE mode of the 4 hr TPN-treated surface show the 12 μm grain 
boundary structure of zirconium grains and (b) EDX elemental maps of the TPN-treated surface show 
the presence of zirconium (highlighted in red) and nitrogen (highlighted in green).  
EDX elemental mapping of the 4 hr TPN-treated surface in Figure 3.9(b) predominantly shows the 
presence of zirconium (highlighted in red) and regions where nitrogen (highlighted in green) were 
detected. On closer inspection of the EDX map for nitrogen, it can be seen that the nitrogen appears 
at or near the edges of the Zr grains. Interstitial elements such as nitrogen prefer to migrate towards 
the grain boundaries because it is less dense than at the grains and does this via a hopping mechanism 
[260] at interstitial sites of HCP α-Zr lattice. 
30 μm 
5 μm 
Zr N 
Dark regions highlight boundaries of Zr grains 
30 μm 30 μm 
Protuberances arising from 
TPN diffusion treatment of 
the Zr substrate. 
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Table 3.2: Elemental composition obtained from EDX analysis for the 2 hr, 3 hr and 4 hr TPN-treated 
surface. 
Treatment duration 2 hr 3 hr 4 hr 
Element Atomic % Atomic % Atomic % 
Zr 67.2 65.6 63.4 
N 25.8 29.1 32.4 
O 5.4 3.2 3.5 
Fe 0.9 1.2 0.4 
Ni 0.4 0.6 0.2 
Cr 0.3 0.3 0.1 
 
Quantitative analysis in Table 3.2 reveals the nitrogen content increases with treatment duration. The 
highest nitrogen content was for the 4 hr treated sample which was 32.4 at% and 63.4 at% for 
zirconium. Nitrogen concentration was found to have increased for each treatment duration 
compared to the ~20 at% (nitrogen content) for the 1.5 hr treated (mentioned previously), 
demonstrating that longer treatment times resulted in greater nitrogen diffusion concentration in the 
α-Zr matrix that forms the sub-surface nitrogen diffusion zone and surface nitride compound layer.  
The presence of oxygen on the nitrided surface could be due to the high affinity of oxygen for 
zirconium [83] which increases the likelihood of the formation of zirconia. Furthermore, compositional 
analysis also showed the presence of small quantities of iron (Fe), nickel (Ni) and chromium (Cr). The 
presence of Fe was from the cross-sputtering of the steel sample holder used during plasma nitriding, 
and nickel and chromium was from the ‘nichrome’ wire used to suspend the samples. 
The appearance of the diffusion-treated surfaces was found to be characteristic of plasma-assisted 
processes, particularly the colour and surface roughness. Atomic force microscopy (AFM) was used to 
analyse the topography of the nitrided surface and to investigate the effects of increased duration on 
the microstructure. The effect of increasing the process duration for nitriding of bulk zirconium is 
presented in Figure 3.10. AFM images of the TPN-treated surface in Figure 3.10(a) shows the growth 
of nodular protuberances. On closer inspection of the AFM images, these protuberances appear to 
exhibit a uniform size of about 1 μm in diameter and 250 nm – 300 nm in height which was the case 
for TPN-treatment durations used. Three-dimensional AFM topographical maps of the treated surface 
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in Figure 3.10(b) shows that TPN treatment resulted in rough surface particularly for the 3 hr and 4 hr 
treatment durations. This could be due to the saturation of the interstitial sites in the HCP α-Zr lattice 
with nitrogen that results in the growth of the nitride compound layer which increases in thickness 
with increased treatment time and creates a rough topography seen in the AFM images. Cassar et al 
[261] reported similar observations following Triode Plasma Oxidation of Ti-6Al-4V alloy at 700 oC for 
4 hours (in an argon:oxygen gas ratio of 30:70%) that resulted in a 1.8 μm thick titanium oxide 
compound layer. The author observed protuberances from AFM topographical maps and attributed 
this to oxide grains.  
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Figure 3.10: Surface topographic maps of the 2 hr, 3 hr and 4 hr TPN-treated Zr samples using (a) 
AFM imaging of the surface and (b) AFM three-dimensional topographic maps which show 
protuberances. 
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As a recommendation for future work which is commented on in Chapter 6, TEM investigation of the 
TPN-treated surface should be carried out to identify nitrided grains which may help elucidate the 
provenance of these protuberances and to determine the thickness of the nitride compound layer for 
the 2 hr, 3 hr and 4 hr TPN-treated samples. Treatment times could be extended beyond the maximum 
of 4 hr adopted in this study to obtain a thicker compound layer, which could then be investigated for 
hardness and adhesion properties. It would also be interesting to investigate whether there is an 
overall benefit with regards to the oxidation behaviour (of the TPN-treated surface) by having a much 
thicker nitride compound layer or whether this might spall off under aqueous conditions and this is 
also commented on in Chapter 6 – Recommendations.   
3.3 Surface Roughness of the TPN-treated Surface  
 
Literature investigating the effects of TPN treatment time on surface roughness is scarce. Here, an 
attempt is made to analyse this on TPN-treated Zr samples. Five random locations were chosen on 
each surface of the 2 hr, 3 hr and 4 hr nitrided samples, and optical profilometry measurements were 
made to determine the average surface roughness values (Ra). The stage of the optical profiler (on 
which the sample was mounted) was tilted to allow reflected beams to provide 3D colour maps of the 
treated surface and the relative heights between each of the surface features.  
The mean surface roughness for the 2 hr, 3 hr and 4 hr  TPN-treated samples were determined to have 
Ra values of 0.45, 0.67 and 0.87 ± 0.2 μm respectively, and the results provide evidence that TPN 
treatment process increases the roughness of the bulk surface which was found to increase with 
nitriding duration compared to untreated pure  zirconium (0.12 ± 0.2 μm). This can be partially 
attributed both to the sputter-etching process during sputter-cleaning and to the diffusion process 
the effects of which could be seen between the comparison of untreated pure Zr and the 4h TPN-
treated sample in Figure 3.11. Identical profilometry images were obtained for the 2 hr and 3 hr TPN-
treated samples. The effect of this is superimposed on the roughening induced by the growing 
compound layer and nitrided diffusion zone which increases interstitial nitrogen in the bulk lattice 
sites, allowing the compound layer to grow and limiting further nitrogen inward diffusion into the 
material bulk. The surface topography after nitriding shows a grain-like structure, similar to previous 
reports which studied plasma-nitrided Ti alloys surfaces [152, 258, 262].  
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Figure 3.11: Optical profilometry images comparing surface roughness of (a) untreated pure Zr and 
(b) 4 hr TPN-treated Zr show increased surface roughness after diffusion treatment. 
Taken together, the optical micrographs, SEM/EDX analysis and surface roughness profilometry 
measurements provide strong evidence that the bulk HCP α-Zr has been nitrided at all the treatment 
durations.  
3.4 Determining Nitrided Layer Thickness in Cross-section  
 
In order to determine the thickness of the nitrided layer, the 4 hr diffusion-treated TPN-Zr sample was 
mounted in cross-section in conductive bakelite resin, ground then polished according to the 
micropreparation regime detailed in Chapter 2, Section 2.1, and finally cleaned using isopropanol and 
acetone and dried under warm flow of air before being carbon coated (to dissipate charge build-up of 
the insulating nitrided layer). Figure 3.12(a) illustrates the region where the nitride compound layer 
and nitrogen diffusion was expected to form (which was expected to be several microns thick), 
however, no visible nitride layer was observed in back-scattered electron (BSE) mode or detected 
using EDX analysis (Figure 3.12(b)). A plausible explanation for why the nitride compound layer was 
challenging to detect using SEM/EDX spectroscopic analysis could be due to: (i) high surface roughness 
of the nitride compound layer, (ii) the nitride compound layer being too thin (<1 μm) to resolve 
sufficiently using SEM to obtain high resolution micrographs of the treated layers.  
 
 
 
 
(a) (b) 
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Figure 3.12: (a) SEM micrograph of the cross-section of the 4h nitrided Zr and (b) EDX spectrum 
showing where nitride layer was expected to be detected. 
One route investigated to better observe the TPN diffusion-treated layers was to etch the samples. 
This was carried out to highlight the nitride layer which appeared to be unobservable after mechanical 
polishing. An etchant regime comprising of HF (10 ml): HNO3 (45 ml): H2O (45 ml) [253], for 1 minute 
at room temperature was used, however, this was unsuccessful in revealing the diffusion-treated layer 
or the microstructure of the bulk HCP α-Zr.   
Furthermore, with thin layers, rounding at the edges of the sample can limit the observation and 
detection the nitrided layer. To get around this, a strategy is put forward whereby two diffusion-
treated samples should be cross-sectionally mounted face to face, which can then be coated with 
carbon/gold (to allow charge dissipation during SEM analysis) as shown in the schematic in Figure 
3.13. Configuration of the TPN-treated samples in this way would avoid ‘edge rounding’ effects during 
the grinding and polishing process and this may help ease the identification of the nitrided layer during 
SEM analysis.  
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Figure 3.13: Schematic to prevent edge-rounding during grinding and polishing. 
 
3.5 The Use of Ion Polishing to Observe the Nitrogen Diffusion Zone   
 
The use of conventional mechanical polishing technique alone was demonstrated to be insufficient to 
detect the nitride compound layer or nitrogen diffusion zone when analysed in cross-section using 
optical microscopic analysis or SEM. A novel approach was developed, whereby an automated argon 
ion polishing machine (Gatan PECS II) was used to obtain a finer degree of polishing (via etching) of 
the TPN-treated Zr sample in cross-section after mechanical polishing (see Chapter 2, Section 2.3 for 
details). To the best of my knowledge, this preparation technique for analysis of diffusion-treated 
layers has not been reported in the literature. This successful attempt resulted in the observation of 
the nitrogen diffusion zone using optical microscopic analysis as shown in Figure 3.14. 
This technique yielded three important outcomes:  
1. The HCP α-Zr microstructure could clearly be observed.  
2. The microstructure of the nitride diffusion zone was observed.  
3. The thickness of the nitrogen diffusion zone could be measured. 
The cross-sectional optical micrograph of the 2 hr, 3 hr and 4 hr TPN-treated samples in Figures 3.14(a), 
(b) and (c) shows the thickness of the nitrogen diffusion zone was measured to be 23 ± 1 μm. In 
addition, a uniform dark layer of 3 ± 1 μm could be observed just below the nitrogen diffusion zone. 
This was attributed to ‘shadowing’ effects arising from the etching regime used during ion polishing 
resulting in some surface damage. However, the nitride compound layer was not observed from the 
optical micrograph in Figure 3.14 as the thickness of this layer is significantly less than 1 µm, which 
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No edge-rounding at 
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was also difficult to identify using SEM. Techniques such as Glow Discharge Optical Emission 
Spectroscopy (GDOES) or TEM analysis could be used to determine the thickness of the compound 
layer and this is suggested as a recommendation in Chapter 6. GDOES is a spectroscopic method for 
the quantitative analysis of samples which are used as a cathode in a d.c. plasma. Atoms of the sample 
are removed by sputtering with argon ions. The sputtered atoms are pass into the plasma by diffusion. 
Photons are emitted with excited waves that have characteristic wavelengths which are recorded by 
a spectrometer. A spectrum of the concentration in atomic percent as a function of depth would 
enable the determination of the thickness of the treated layer.  
Observation of the cross-section shows that the nitrogen diffusion zone is of uniform thickness, 
suggesting a homogenous treatment across the surface area. Small variations in depth across the 
section may be due to presence of impurities. Interestingly, Leyland et al [156] reported occasional 
inconsistencies in the depth and quality of the nitrided layer case depth in Triode Plasma Nitriding 
treatments of stainless steel when no hydrogen was employed (for substrate cleaning) - particularly 
at low voltages. But in this case, the use of hydrogen for surface cleaning could not be considered due 
to the extent of interaction of hydrogen with zirconium and the associated formation of zirconium 
hydride precipitates which may lead to severe embrittlement (as discussed in Chapter 1, Section 1.8.7) 
[133].  
The optical micrographs in (Figure 3.14) clearly demonstrates that ion polishing is a successful 
complimentary technique (in addition to mechanical polishing) that can be used to obtain a surface 
finish that would adequately allow the observation of the nitrogen diffusion zone without the need to 
use HF for etching, and can, by extension could be used for films and coatings. Nevertheless, the 
differentiation between the nitride compound layer and nitrogen diffusion zone proved to be 
challenging using ion polishing alone. However, the use of EBSD may provide answers by providing 
information about crystal orientation and phases in a material. It does this by differentiating grain 
orientation and/or sizes of the stoichiometric ZrN of the nitride compound layer and the Zr grains of 
the bulk metal represented as different colours in a colour-coded map, thereby an indirect 
measurement of the nitride compound layer thickness might be obtained. Scanning Transmission 
Electron Microscopy (STEM) with Electron Energy Loss Spectroscopy (EELS) is another technique that 
could be used to infer nitride compound layer thickness. EELS technique uses the energy distribution 
of electrons that pass through a thin sample to analyse the content of the sample and create images 
with unique contrast effects. High energy electrons (60 – 300 kV) are used to interrogate the sample. 
EELS data typically consists of either detailed, energy loss spectral information from the sample 
(spectroscopy) or images that have contrast created by the energy loss properties of the distribution 
99 
 
of material in the sample which tend to work best for elements with low atomic numbers so this would 
be ideal for detecting nitrogen of the nitride compound layer. 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Figure 3.14: Cross-sectional optical micrographs of the (a) 2 hr (b) 3 hr and (c) 4 hr TPN-treated Zr 
sample shows the nitrogen diffusion zone after ion polishing. 
The next section discusses results obtained from GAXRD to determine the crystallographic phase 
structure of the TPN-treated surface. 
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3.6 Determining Crystallographic phases Using Glancing-Angle XRD  
 
The TPN-treated zirconium samples were characterised using GAXRD in order to study the phase 
composition of the diffusion-treated layer formed on the surface of the metal. GAXRD studies were 
performed using a Philips X’Pert3 (Panalytical) diffractometer and monochromated Cu Kα1 X-rays, with 
data collected over a 2θ range of 25o to 80o with a step size of 0.02o, and incident angles of 2o, 4o and 
6o for the TPN-treated samples. Directing the X-ray beam at low incident angles allowed the X-ray 
Penetration Depth to be reduced and controlled, thereby increasing the signal-to-noise ratio of the 
diffusion-treated layer relative to the underlying zirconium substrate i.e. focusing on the diffusion-
treated region of the material. The tube acceleration voltage and current used were 40 kV and 30 mA, 
respectively.  
GAXRD patterns of the 4 hr TPN-treated surface in Figure 3.15 reveal the presence of two zirconium 
nitride phases: stable stoichiometric Face-Centred Cubic (FCC) zirconium nitride (ZrN) [263] (PDF no. 
01-078-1420) and metastable Zr3N4 [178]. The peaks indexed to the ZrN phase was found to be highest 
at an incident angle of 2o and was found to decrease with increased angle of incidence (i.e. ‘deeper’ 
into the TPN-treated layer towards the substrate). The main peak for the ZrN phase was detected at 
the (111) reflection at a 2θ angle of 34.1o which is the primary peak for ZrN (as ICDD card confirms). 
Other peaks associated with ZrN included (002) 39.4o, (022) 56.9o, 66.9o (113) and 71.3o (222). For the 
ZrN phase, a slight peak shift to lower angles of 2θ can be seen for the (111), (002) and (022) planes 
when compared against the ICDD standard for ZrN [263]. The ZrN phase obtained in this study was 
found to be in good agreement with literature [129, 263].  
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Figure 3.15: GAXRD of the 4 hr plasma-treated Zr at incident angles 2, 4 and 6o showing the presence 
of ZrN phase [263] (PDF no. 01-078-1420) and nitrogen-containing Zr phase [59]. 
The Penetration Depth of X-rays for the TPN-treated zirconium surface at a given incident angle is 
presented in Table 3.3. These values were determined using AbsorbDX phase analysis software where 
the Penetration Depths are derived using the Beer-Lambert law (Appendix 1). Table 3.3 shows that at 
an incident angle of 2o, the X-ray Penetration Depth at the (111) reflection is 1.09 μm into the 
specimen. The peak intensities for the ZrN phase are highest at 2o incident angle and can be seen to 
be negligible at an incident angle of 4o. From the earlier discussion in Chapter 1 Section 1.9.7, a fully 
stoichiometric ZrN compound is expected to form. For the GAXRD pattern at 2o angle of incidence (i.e. 
shallow depth into the TPN-treated layer), dominant peaks attributed to the nitrogen-containing Zr 
phase were detected which suggests the detection of the nitrogen diffusion zone and thus indicating 
that the thickness of the nitride compound layer is likely to be significantly lower than 1 μm (i.e. than 
that derived in Table 3.3) – possibly a few hundreds of nanometers thick.  
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Table 3.3: X-ray Penetration Depths for ZrN at 2, 4 and 6o incident angles. 
  X-ray Penetration Depth (μm) 
2Theta hkl 2o 4o 6o 
33.83 111 1.091 3.265 5.385 
39.27 200 1.098 3.294 5.390 
56.74 220 1.111 3.346 5.407 
67.74 311 1.115 3.362 5.423 
71.18 222 1.126 3.366 5.431 
 
The nitrogen-containing Zr phase can be seen to feature prominently in the GAXRD pattern. This phase 
was found to closely resemble HCP α-Zr phase [59] (PDF no. 01-089-3045) in terms of the number of 
peaks and exhibited similar peak intensities. However, the peaks can be seen to be shifted to lower 
angles of 2θ indicating the incorporation of nitrogen in solid solution in the zirconium matrix (where 
nitrogen would be interstitially diffused at random interstitial sites of the Zr lattice), which in turn 
generated higher interplanar spacing. The peaks for this phase can also be seen to maintain similar 
intensities with increased angle of incidence which is consistent with the region of the nitrogen 
diffusion zone shown earlier from the cross-sectional optical micrograph in Figure 3.14. Furthermore, 
the Zr-N binary phase diagram (Figure 1.13) shows that, in thermodynamic equilibrium, the α-Zr lattice 
is limited to accepting only appreciable amounts of nitrogen (up to about 24 at%), but the lattice may 
be forced to accept more nitrogen atoms by plasma processing. Therefore, a supersaturated nitrogen 
interstitial solution may be formed, which distorts the Zr lattice and thus shifts the nitrogen-containing 
Zr peaks to lower angles of 2θ as seen from the GAXRD pattern in Figure 3.15. 
On closer inspection, the peak shifts of the nitrogen-containing Zr phase appear to be higher than for 
the ZrN reference phase. For instance, the peak shift of the nitrogen-containing Zr phase in the (002) 
reflection is about 0.7o relative to the reference Zr phase whereas the peak shift for the ZrN phase for 
the (111) reflection is about 0.4o (relative to the reference ZrN phase). The higher difference of the 
peak shifts to lower angles of 2θ for the nitrogen-containing Zr phase suggests greater severe lattice 
distortion of the nitrogen diffusion zone compared to the ZrN phase of the compound layer. This is 
because during TPN treatment, at low substrate bias (-200 V), nitrogen ion species arriving at the 
surface are able to interstitially diffuse at random sites in the HCP α-zirconium lattice, which results in 
an expansion of the lattice parameters of the Zr sites. However, with increased treatment time, the 
interstitial sites become saturated and a stoichiometric Face-Centred Cubic ZrN compound layer is 
formed which limits further nitrogen diffusion due to a lower diffusion coefficient of nitrogen in ZrN 
compared with nitrogen in pure zirconium and allowing the ZrN compound layer to increase in 
thickness with treatment time. On the balance of evidence, the detection of a nitrogen-containing 
zirconium phase and the slight shift to lower angles of 2θ of the peaks indexed to the ZrN phase 
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indicates that the nitride compound layer is thin - likely to be hundreds of nanometers in thickness. 
The severity of the lattice distortion can be determined using TEM analysis and this is commented on 
in Chapter 6 - Recommendations. 
To the best of my knowledge, TPN diffusion treatment of zirconium has never been reported in the 
literature. However, TPN treatment of titanium has quite extensively been investigated. Titanium has 
similar structural properties to zirconium, for instance they are both group IV transition metals; the α-
β transition is around 882oC [264]. One key difference however, is that titanium forms rutile 
(tetragonal), anatase (tetragonal) and brookite (orthorhombic) polymorphs upon oxidation whereas 
zirconium forms monoclinic, tetragonal and cubic polymorphs. Nonetheless, TPN treatments carried 
out on titanium would provide good comparisons for nitrogen diffusion zone and compound layer 
formation. In one study, Cassar et al [256] performed TPN diffusion treatments on Ti-6Al-4V alloy 
metal at -200 V substrate bias at 700oC for 4h which was the same parameters used in the TPN 
treatment of zirconium. The author reported a compound layer thickness of around 0.25 μm 
comprising of Face-Centred Cubic titanium nitride (TiN) phase and a nitrogen diffusion zone (just 
below the nitride compound layer) using TEM. The GAXRD patterns showed a shift to lower angles of 
2θ and this was attributed to an interstitial solid solution of nitrogen having distorted and expanded 
the Ti lattice. In a different study, Cassar et al [261] used Triode Plasma Oxidation to show that α-Ti 
peaks shifted to lower angles of 2θ, attributed to the dissolution of interstitial oxygen that resulted in 
an expansion of the Ti-metal lattice that formed an oxide compound layer and oxygen diffusion zone 
(oxygen-containing titanium phase).  
As mentioned earlier, Zr3N4 (Cubic) phase was one of the other minority nitride phases detected, with 
diffraction peaks at 2θ angles of 32.5o and 50.6o in the (112) and (123) reflections respectively. The 
intensities of these peaks can be seen to decrease with increasing incident angle and the phase was 
negligible at an incident angle of 6o, which suggests a thin layer of Zr3N4 (maybe less than 500 nm) had 
formed near the surface of the compound layer. There is little evidence in the literature that report 
the formation of Zr3N4 following TPN treatment, however, it would be interesting to further 
characterise this using TEM analysis. The formation of Zr3N4 using different fabrication routes has been 
previously reported by Fragiel et al [265], who used reactive magnetron sputtering to deposit ZrN onto 
AISI 316L-grade stainless steel and progressively increased the nitrogen concentration during 
deposition. It was reported that as the nitrogen concentration increases, the N/Zr ratio also increases, 
leading to the metastable Zr3N4 phase formation, when the ratio reaches a value of 1.4 [266].  
In a different deposition technique, Pichon et al [177] for example used ion beam assisted deposition 
(IBAD) to sputter deposit Zr onto silicon wafers and amorphous silica in a nitrogen/argon (50:50) 
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atmosphere. The author found that lower temperatures (500oC) favour the formation of metastable 
Zr3N4 whilst at higher temperatures (700oC) nitrogen can be implanted into the growing Zr film leading 
to the formation of stable ZrN. This would suggest Zr3N4 had formed initially at/near the substrate 
interface followed by ZrN formation. This appears to be in contradiction to the findings from this work, 
which show that Zr3N4 peak intensities are highest at an incident angle of 2o and decrease when 
approaching the substrate interface at higher incident angles. This discrepancy could be due to the 
fact that a different treatment technique and deposition parameters such as temperatures, pressures 
and durations were adopted in this work for fabrication of the TPN-treated layers which may have 
influenced its formation at these conditions. The beneficial properties of Zr3N4 include high hardness 
(around 26 GPa [267]) and good chemical and thermal stability, although the effect this has when the 
overall compound layer and diffusion zone thickness is considered is not well understood, but 
nonetheless is beyond the scope of this study.  
One method that might be used to increase the thickness of the nitride compound layer and nitrogen 
diffusion zone would be to carry out TPN treatments for a longer duration (i.e. 8 hr) at low substrate 
negative bias (i.e. 200 V) to achieve a sufficiently ‘deep’ nitrogen diffusion zone case depth. This should 
be followed by a higher substrate negative bias (i.e. 600 or 800 V) for a short duration (i.e. 1 hr) to 
achieve a thick nitride compound layer. This step could introduce greater surface defects due to higher 
energies of nitrogen ions bombarding the substrate so the short ‘burst’ durations may need to be 
adjusted. The study could investigate the optimum hardness and adhesion properties that could be 
obtained using TPN diffusion treatments and is further commented on in Chapter 6 – 
Recommendations.   
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3.7 Determining Vibrational Modes of the Plasma-Nitrided Zr Layer Using Raman 
Spectroscopy  
 
Raman spectroscopic analysis was performed on the 2 hr, 3 hr and 4 hr TPN-treated Zr samples and 
the spectra are presented in Figure 3.16. Raman spectroscopy was performed at room temperature 
using 514 nm wavelength green laser photons with a power of 20 mW and cosmic background 
inference removed.   
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Figure 3.16: Raman spectra of the plasma diffusion treated Zr showing evolution of ZrN bands with 
treatment time. 
The spectra of the TPN-Zr treated for 2, 3 and 4 hr durations can be seen to be dominated by five 
peaks at 198 cm-1, 248 cm-1, 512 cm-1, 700 cm-1 and 980 cm-1 attributed to ZrN. Given that the average 
depth of the 514 nm laser into the sample (which is dependent on composition, density etc.) is about 
300 nm [268], this is consistent with range for the detection of the ZrN compound layer (with an 
estimated thickness determined to be less than 1 μm from earlier discussions).  
What is interesting from the Raman spectra is the shift to higher frequencies from the 2 hr to 3 hr 
TPN-treated samples, but little or no shift from the 3 hr to 4 hr durations. The precise reason for this 
disparity has not been reported in the literature. However, from the AFM images in Figure 3.10, the 
surface morphology for the 2 hr sample is slightly different when compared to the 3 hr sample, and 
the GAXRD patterns suggests that the nitride compound layer is hundreds of nanometers in thickness. 
Since the Penetration Depth of the Raman laser into the sample is about 300 nm [268], the slight shift 
of the 2 hr TPN-treated sample might indicate the boundary of the ZrN compound layer and the 
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interstitial nitrogen diffusion zone. This would however, require further investigation to confirm this. 
The Raman spectra for the 3 hr and 4 hr TPN-treated samples is in excellent agreement with the Raman 
spectrum reported by Spengler et al [269] (shown in Figure 3.17) in which Raman bands were 
attributed to ZrN around 198 cm-1, 240 cm-1, 510 cm-1, 720 cm-1 and 1000 cm-1. The Raman spectrum 
in Figure 3.17 can also be seen to show a high degree of peak broadening, whereas in this work, the 
peaks for the TPN-treated surface exhibited narrower bands. An explanation for this disparity may lie 
in the difference in the treatment techniques used whereby a compound layer is created chemically 
using TPN diffusion treatment in this work, whereas a nitride film is deposited using PVD coating 
technique with different parameters (such as pressure, temperature, duration etc) used in the work 
of Spengler [269] to fabricate the nitrided layer.    
 
 
 
 
 
 
 
 
Figure 3.17: Raman scattering of ZrN [269]. 
 
In comparison, Chen et al [270], reported that ZrN peaks were dominant at 185, 230 and 497 cm-1 
frequency shifts which correlates well with the Raman data for the 3 hr and 4 hr TPN-treated sample 
carried out in this work. Constable et al [271] reported Raman bands attributed to FCC ZrN in the range 
200-300 and 500-800 cm-1 peak positions, which is in good agreement with Raman spectra of the 
diffusion-treated TPN-Zr samples presented in Figure 3.16. The Raman bands at the peak positions 
obtained in our work were also in good agreement those reported by Singh et al [272] in which 
magnetron sputtering was used to fabricate ZrN films onto austenitic stainless steel (D9-grade) at 
600oC (Figure 3.18). Although a different fabrication route was adopted, Figure 3.18 shows the Raman 
bands were identified in the 210 cm-1, 500 cm-1, 700 cm-1 and 980 cm-1 regions which is consistent with 
the ZrN peak positions obtained in this work. The author proposed that peak broadening and low 
intensity of the peaks exhibited in the Raman spectrum of magnetron sputtered ZrN films (Figure 3.18) 
is indicative of a tendency to amorphization [272] due to structural disordering and defect 
accumulation, however, to the best of my knowledge, this view is not reported elsewhere in the 
literature.  
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Figure 3.18: Raman Spectrum of ZrN coatings fabricated by magnetron sputtering at 600oC [272]. 
 
3.8 Hardness Measurements Using Nanoindentation  
Nanoindentation testing was carried out on the untreated pure zirconium and ZIRLOTM (Zr-1%Nb-
1%Sn-0.1%Fe) substrates to determine the baseline hardness of the metal substrate, which was then 
compared against hardness measurements carried out on TPN diffusion-treated samples. It should be 
noted that the late arrival of ZIRLOTM substrates as a result of commercial sensitivities surrounding the 
material and extensive downtime of the Tecvac machine (used to carry out the diffusion treatments) 
due to component failure meant it was not possible to carry out TPN treatments on ZIRLOTM 
substrates.  
3.8.1 Nanoindentation of Bulk Zr and ZIRLO Substrates  
HCP α-Zr and ZIRLOTM substrates were ground and polished according to the micropreparation regime 
detailed in Chapter 2 Section 2.1 prior to nanoindentation testing. A constant load of 4 mN was used 
and nine indents were made using a 3x3 grid array with a 10 μm spacing between each indent on the 
surface of the polished substrates, as shown in the AFM images Figure 3.19(a) HCP α-Zr and (b) 
ZIRLOTM. It was found that at a contact depth of 150 nm, the hardness of the bulk HCP α-Zr and ZIRLOTM 
substrates was determined to be 4.40 ± 0.20 GPa and 3.50 ± 0.20 GPa respectively.  
(a)                                                                                   (b) 
Figure 3.19: AFM image showing indents on (a) Zr and (b) ZIRLOTM substrates used to obtain 
hardness measurements.  
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Nanoindentation results revealed the hardness of ZIRLOTM was 25% less than that of the unalloyed 
pure zirconium. The load vs. displacement graphs in Figure 3.20 illustrate that the plastic (permanent) 
displacement is similar both the pure Zr and ZIRLOTM at 120-125 nm, however, the displacement at 
maximum load is clearly higher for the ZIRLOTM substrate (~250 nm) compared to pure Zr (~200 nm) 
indicating higher ductility. This could arise from two sources: The first is the technique used to 
manufacture the ZIRLOTM substrates which was cold-rolled and stress-relieved whereby the material 
is heated and held to a suitable temperature, prior to cooling the metal to a controlled rate, which is 
slow enough to allow the removal of crystal defects, internal stress and dislocations. This results in 
the material being ductile. The second is that the pure (unalloyed) zirconium was temper-annealed 
and work-hardened which had undergone slightly different process heat treatments which is likely to 
have contributed to the lower displacement at maximum load for the unalloyed pure zirconium 
compared to the ZIRLOTM substrate. 
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Figure 3.20: Load vs Displacement graphs showing nine indents for: (a) bulk Zr and (b) ZIRLOTM.  
Kuroda et al [273] carried out nanoindentation tests on pure zirconium (99.9% purity) with loads up 
to 1.5 mN. The average hardness obtained was 3.8 GPa. In the same study, the author showed that 
the average hardness obtained for pure zirconium with non-stoichiometric zirconium hydride (ZrH1.518) 
inclusions was slightly lower at 3.5 GPa.  Kese et al [274] carried out nanoindentation tests on Zircaloy-
2 (Zr-1.5Sn-0.15Fe-0.1Cr-0.05Ni in wt%) [275] and showed the average hardness of the bulk metal was 
3.0 GPa for a higher indentation load of 10 mN than the 4mN load used in this study. Lu et al [276] 
investigated hardness of Zr using molecular dynamics simulations of nanoindentation, and found that 
hardness values lie between 3.5-4.5 GPa. This is in good agreement with the results obtained in this 
study. To the best of my knowledge, nanoindentation hardness studies of ZIRLOTM have been scarcely 
reported. Rico et al [277] for instance measured the hardness of ZIRLOTM to be 1.9 GPa. The difference 
was attributed to zirconium hydride (ZrH2) inclusions in the ZIRLOTM bulk matrix in the author’s work 
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and is known to induce cracks and defects in the lattice via formation of zirconium hydride 
precipitates, making the structure more brittle resulting in a lower measured hardness than the 
ZIRLOTM matrix without (ZrH2) as was the case in this work. Overall, the results for hardness 
measurements for pure zirconium obtained in this work were found to be in good agreement with 
those reported in previous studies investigating hardness of pure zirconium.  
3.8.2 Nanoindentation of TPN-Treated Zr  
 
Nanoindentation tests were performed with the 2 hr, 3 hr and 4 hr TPN-treated Zr surface. Since the 
nitride layer comprises of the nitride compound layer (determined previously to be significantly less 
than 1 μm thickness) and the nitrogen diffusion zone (determined previously to be about 23 μm 
thickness), the hardness that is measured is likely to be a contribution of both and hence termed - 
‘composite’ hardness. As previously mentioned in Chapter 2 Section 2.10, a load of 4 mN was used 
and nine indents were made in a 3 x 3 array grid with a 10 μm spacing between each indent. The size 
of the contact impression was kept small relative to the film thickness, typically less than 10% of the 
nitride compound layer thickness – to ensure minimal contribution from the HCP α-zirconium 
substrate.  
The graph of the hardness (GPa) as a function of contact dept (nm) is presented in Figure 3.21. It can 
be seen that at a depth of 100 nm, the hardness of the 4 hr TPN-treated surface was measured to be 
12.2 ± 0.5 GPa and the highest hardness value obtained was is about 15.9 GPa ± 0.5 GPa at a contact 
depth of 85 nm. This is at least 2.5 times the hardness of the untreated pure Zr and the findings of this 
study suggests that TPN thermochemical diffusion treatment of pure Zr resulted in a significant 
improvement of the surface hardness compared to untreated pure Zr. As can be seen from Figure 
3.21, linear indents reveal a gradual decrease in hardness with contact depth. The maximum contact 
depth of the indenter into the treated zirconium sample was ~130 nm which is possibly 20-25% of the 
expected thickness of the nitride compound layer (and greater than 10% limit [244] for effects from 
the substrate or in this case nitrogen diffusion zone). Thus, the hardness that is measured is a 
‘composite’ hardness value from the nitride compound layer and the nitrogen diffusion zone - both of 
which contribute to the overall hardness measured (as mentioned previously).  
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Figure 3.21: Nanoindentation graph of the 2 hr, 3 hr and 4 hr TPN-treated samples show how 
apparent hardness of the nitride compound layer decreases with contact depth. 
The ‘composite’ hardness of the 4 hr TPN diffusion-treated surface can be seen to be slightly higher 
than the 3 hr sample at similar contact depths. This is because increased treatment time would result 
in a thicker nitride compound layer [278] (comprising of ZrN phase which has a FCC structure as 
determined earlier from GAXRD patterns and Raman spectra). The contribution to the overall 
measured hardness from the compound layer increases (due to increase in thickness with treatment 
time) and less so from the nitrogen diffusion zone (comprising of nitrogen at random interstitial sites 
in the Zr lattice) – hence, a higher ‘composite’ hardness was obtained for the 4 hr TPN-treated sample 
compared to the 3 hr TPN-treated sample. However, as the indenter penetrates further into the 
diffusion-treated layer, the ‘composite’ hardness values for the TPN-treated samples were found to 
decrease due to a decreased contribution from the nitride compound layer and an increased 
contribution to the measured ‘composite’ hardness from the nitrogen diffusion zone. Similarly, the 
‘composite’ hardness of the 3 hr TPN diffusion-treated surface was found to be higher than the 2 hr 
TPN-treated sample. This is an interesting finding as this indicates that treatment times at low 
substrate biases and high partial pressure of nitrogen (70:30 nitrogen:argon gas mixture) can be 
tailored to provide the desired nitride compound layer thickness relative to the nitrogen diffusion zone 
that can influence the overall measured ‘composite’ hardness of the diffusion-treated layer. This is 
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because longer treatment times result in a greater number of interstitial sites of the zirconium lattice 
being filled by the nitrogen ion species which forms the nitrogen diffusion zone. The saturated 
interstitial sites allow the formation of a nitride compound layer comprising of a stoichiometric ZrN 
phase that increases in thickness with increased treatment time whereby the nitrogen diffusion zone 
increases the load-bearing capacity of the nitride compound layer resulting in the higher ‘composite’ 
hardness values being obtained for the 4 hr TPN diffusion-treated sample. Furthermore, nitrogen 
interstitially diffused in the HCP α-Zr (resulting the formation of a nitrogen diffusion zone) acts to 
impede dislocation motion – thereby making the surface-treated region harder. The results from 
nanoindentation measurements suggests that TPN diffusion treatment of HCP α-Zr bulk metal 
resulted in a higher ‘composite’ hardness of the diffusion-treated layer (comprising of the nitride 
compound layer and nitrogen diffusion zone) compared to untreated bulk zirconium metal and 
ZIRLOTM. Due to technical issues and availability surrounding the nanoindentation equipment, multiple 
repeats of hardness measurements could not be performed on the same sample, thus, there may be 
a level of uncertainty in the hardness measurements obtained.  
It is difficult to compare the hardness values obtained in this study to the literature because the TPN 
diffusion treatment technique used produces a nitride compound layer with a thicker nitrogen 
diffusion zone underneath, whereas PVD techniques produce thick coatings typically with a columnar 
structure. Pilloud et al [279] deposited a 3.5 μm thick ZrN coating on stainless steel substrates using 
magnetron sputtering of a zirconium target in an argon-nitrogen mixture and reported a hardness 
value of 21.8 GPa. Qi et al [187] used magnetron sputtering to deposit 1.1 μm thick ZrN coatings on 
silicon Si (111) wafer and reported hardness values of 19.7 GPa. Wu et al [280] used DC magnetron 
sputtering to produce 2.2 μm ZrN coatings and reported an average hardness value of 22.3 GPa. This 
is rather interesting because as can be seen from this discussion, nanoindentation tests carried out on 
PVD coatings typically report coating thicknesses of several microns with hardness values ranging 19-
23 GPa, whereas TPN diffusion treatment resulted in a thin ZrN nitride compound layer (likely to be 
hundreds of nanometers) and a thick nitrogen diffusion zone with the maximum hardness value of 
15.9 GPa ± 0.5 GPa. This suggests that the nitrogen diffusion zone plays a role in enhancing the load 
bearing capacity of the nitride compound layer and contributing to the ‘composite’ hardness obtained.  
Overall, TPN diffusion treatment of zirconium was shown to significantly improve the hardness-depth 
profile of the treated Zr surface. This was attributed to the formation of a thick nitrogen diffusion zone 
which provides a high load-bearing capacity to the thin nitride compound layer. An avenue of further 
research would be to increase the TPN treatment duration (i.e. 4 hr, 8 hr and 12 hr) to obtain a thick 
nitride compound layer (of a few microns) as well as a thick nitrogen diffusion zone and investigate 
the changes in the ‘composite’ hardness profiles. This could also lead to an extension of a further study 
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that investigates varying substrate bias voltage (increase in ion bombardment energy) and how this 
affects the nitrogen diffusion case depth and the formation of the nitride compound layer as well as 
the role played in enhancing the ‘composite’ hardness of the TPN-treated surface. This is commented 
on in Chapter 6 – Recommendations. 
 
3.9 Scratch Adhesion of the TPN-treated Zirconium Samples 
 
Scratch adhesion tests on TiN diffusion-treated layers [256, 281] have been previously studied and 
have been reported to exhibit good adhesion properties. This is an important quality in the aerospace 
industry as coatings/treated layers on metal components are required to maintain their mechanical 
integrity when operating in high temperature environments. In nuclear reactors, it is crucial to have 
good adhesion properties of treated layers on components that can withstand the high-pressure 
coolant flow between fuel rods during operation and high-temperature oxidation of components 
during LOCA scenarios. To the best of my knowledge, adhesion properties of TPN diffusion-treated 
layers on zirconium have scarcely been reported in literature. This section aims to investigate adhesion 
properties of treated layers as a function of treatment duration. 
During scratch adhesion tests, the load applied by the stylus onto the sample (Normal Force - FN) and 
the force applied by the stylus parallel to the treated-surface (Tangential Force - FT) were used to 
determine the critical load of failure (LC). Acoustic Emission (AE) signals arising from damage events of 
the treated layer due to the stylus penetration into the sample (along with the Tangential Force) were 
used to elucidate cracking behaviour of the scratch track. The Penetration Depth into the TPN-treated 
surface were obtained from the Anton Parr scratch adhesion tester; these parameters are described 
in Chapter 2, Section 2.11 - Tables 2.2 and 2.3.  
Initially, the scratch adhesion tests were conducted with an applied Normal Force up to 30 N, to 
determine the optimum normal loading range suitable for identifying failure modes. The increase in 
Tangential Force measurements and Acoustic Emission (AE) signals indicated increased cracking along 
the scratch track, leading to layer failure and spallation. However, optical microscopy was also used 
to qualitatively determine and corroborate the LC values leading to a more accurate and reliable 
identification of layer failure.   
When progressive force up to 10 N was applied, cohesive failure was identified, however, it was found 
that the force was too low for noticeable ‘adhesive’ failure to occur. On the other hand, when a 
progressive load up to 50 N was applied, critical loads (cohesive, ‘adhesive’ failure and complete 
spallation) occurred at low loads in close proximity to each other. This led to an overlap of defects, 
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cracks and other failure modes making it challenging to suitably distinguish between cohesive or 
‘adhesive’ failures using optical microscopy or SEM. A series of trial and error tests conducted on the 
plasma-nitrided samples revealed that a progressive load ranging from 0 to 30 N was the appropriate 
range to identify failure modes. As the load was increased, the layer-substrate system was driven to 
failure which produced mechanical damage to the nitrided layer through a combination of 
elastic/plastic indentation stresses, frictional forces and residual internal stresses present in the 
layer/substrate system to induce failure modes.   
 
3.9.1 Adhesion of the 2 hr TPN-treated Zr Sample 
 
The 2 hr TPN-treated Zr scratch test loading profiles are presented in Figure 3.22. The optical 
micrograph in Figure 3.22(a) shows chipping damage on the sides of the scratch track indicating 
cohesive failure. The critical load (LC1) at which cohesive failure occurred was 6.0 N. The scratch profile 
revealed linearly increasing perturbations in the Tangential Force (FT(N)) as the normal applied force 
was increased, showing the different stages of behaviour as the tip penetrated the TPN-treated 
surface. It can be seen from the optical micrograph in Figure. 3.22(b), that as the Normal Force was 
progressively increased, the frequency of tensile cracks (shown as semi-circular arcs) along the track 
also increased. The magnitude of the AE signals (Figure 3.22(d)) can also be seen to increase leading 
up to adhesive failure of the TPN-treated layer which is a release of elastic energy during crack growth. 
The critical load (LC2) at which adhesive failure of the TPN-treated layer occurred was 11.1 N at a 
Penetration Depth of ~20 μm. This is consistent with the thickness of the nitrogen diffusion zone 
determined earlier in Figure 3.14.  
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Figure 3.22: Scratch test for the 2 hr TPN-treated Zr show optical micrographs of (a) cohesive failure; 
(b) adhesive failure (c) complete spallation of the treated layer and (d) loading profiles at the points 
at which LC1, LC2 and LC3 failure modes occur, identified using a combination of Tangential Force (FT), 
Acoustic Emission (AE) and Penetration Depth (Pd) data.  
A sharp increase in gradient of FT loading profile indicated complete spallation of the nitrogen diffusion 
zone and continues to be drawn over the zirconium substrate until the end of the scratch run. This can 
be seen to be represented by an increased erratic pattern of the FT loading profile (Figure 3.22(d)). 
The critical load (LC3) at which complete spallation of the TPN-treated layer occurred was 12.5 N. This 
is further evidenced from the AE profile that decreased significantly when the stylus was drawn along 
the zirconium substrate. The optical micrograph in Figure 3.22(c) shows cracks and defects on the 
50 µm 50 µm 50 µm 
(a) (b) (c) 
Chipping damage. Adhesive failure of 
the treated layer. 
Galling wear of Zr. 
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exposed HCP α-zirconium metal. This is probably a result of galling wear, which is caused by the friction 
and adhesion of metal surfaces that are in sliding contact with each other and results in the transfer 
of material between metallic surfaces [282]. In this case, the zirconium metal is transferred to the 
diamond stylus followed by tearing of the HCP α-Zr crystal structure. 
 
3.9.2 Adhesion of the 3 hr TPN-treated Zr Sample  
 
The 3 hr TPN-treated Zr scratch test loading profiles are presented in Figure 3.23. Cohesive failure was 
determined through identification of chipping damage on the sides of the scratch track shown in 
Figure. 3.23(a). The critical load (Lc1) at which cohesive failure occurred was 9.5 N. The increase in 
frictional force along the scratch track results in stress build-up and plastic deformation of the treated 
layer which is relieved through tensile cracking. As before, propagation of these cracks could be seen 
to increase in severity (from the optical micrograph in Figure. 3.23(b)) leading up to ‘adhesive’ failure 
of the treated layer and is corroborated by an increase in magnitude of the AE signals. The critical load 
(LC2) at which adhesive failure of the TPN-treated layer occurred was 15.0 N at a Penetration Depth of 
~22 μm. This is consistent with the thickness of the nitrogen diffusion zone determined earlier in 
Figure 3.14. It can be seen that the critical load to failure for the 3 hr TPN-treated sample is higher 
than the 2 hr sample (Table 3.4). This is likely because of the increased load-bearing capacity of the 
nitrogen diffusion zone due to higher number of lattice sites of the bulk zirconium metal that are filled 
by the interstitial nitrogen and a thicker nitride compound layer (compared to the 2 hr TPN-treated 
sample) with increased treatment duration which act to increase the load-bearing capacity of the 
treated layer - thereby increasing the critical load to failure.  
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Figure 3.23: Scratch test for the 3 hr TPN-treated Zr show optical micrographs of (a) cohesive failure; 
(b) adhesive failure (c) complete spallation of the treated layer and (d) loading profiles at the points 
at which LC1, LC2 and LC3 failure modes occur, identified using a combination of Tangential Force (FT), 
Acoustic Emission (AE) and Penetration Depth (Pd) data. 
A sharp increase in gradient of FT loading profile indicated complete spallation of the nitrogen diffusion 
zone. The critical load (LC3) at which complete spallation of the TPN-treated layer occurred was 17.0 
N. This was the region where the bulk zirconium metal had been exposed as can be seen from the 
optical micrograph in Figure 3.23(c). The AE profile could also be seen to decrease significantly which 
is consistent with the observation of the AE signal of the 2 hr TPN-treated sample Figure. 3.22(d). As 
50 µm 50 µm 50 µm 
(a) (b) (c) 
Chipping damage. Galling wear of Zr. 
Adhesive failure of 
the treated layer. 
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before, cracks and defects were prominently featured on the exposed HCP α-zirconium metal 
indicating galling wear.   
 
3.9.3 Adhesion of the 4 hr TPN-treated Zr Sample  
 
The 4 hr TPN-treated Zr scratch test loading profiles are presented in Figure 3.24. Cohesive failure was 
determined through identification of chipping damage which could be seen as a pile-up of material at 
the edges of the scratch track shown in Figure. 3.24(a). The critical load (LC1) at which cohesive failure 
occurred was 8.5 N at a Penetration Depth of about 11 μm (Figure. 3.24(d)) which is similar to the 
values obtained for the 2 hr and 3 hr TPN-treated samples. Following cohesive failure of the treated 
layer, tensile cracking along the scratch track was seen to an increase in severity leading up to 
‘adhesive’ failure (Figure 3.24(b)) and this is shown by an increase in magnitude of the AE signal in 
Figure 3.24(d). The critical load (LC2) at which adhesive failure of the TPN-treated layer occurred was 
15.5 N at a Penetration Depth of ~25 μm. This is consistent with the thickness of the nitrogen diffusion 
zone determined earlier in Figure 3.14 and in fairly good agreement with the Penetration Depths 
obtained at LC2 determined for the 2 hr and 3 hr diffusion-treated samples. The critical load to failure 
at LC2 was found to be highest for the 4 hr TPN-treated sample. This suggests that increased treatment 
duration results in an increased resilience to failure of the treated layer. This is likely due to a higher 
number of lattice sites at the bulk metal filled by interstitial nitrogen and a thicker nitride compound 
layer (compared to the 2 hr and 3 hr TPN-treated samples) which provides an increased the load-
bearing capacity of the treated layer allowing high critical loads to be reached before failure occurs. It 
would be useful to carry out scratch adhesion tests on samples subjected to longer TPN treatments 
(i.e. 8 hrs and 12 hrs) which would result in much thicker nitride compound layers and study what 
affect having a thicker nitride compound layer has on adhesion properties and the achieving a higher 
critical load to failure of the treated surface.  
It is interesting to note the slightly different pattern of the Tangential Force scratch loading profile 
compared to the previous samples. This could be due to accumulation of crack defects along the 
scratch track that may influence spallation of some regions of the treated layer compared to the 2 hr 
and 3 hr samples. 
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Figure 3.24: Scratch test for the 4 hr TPN-treated Zr show optical micrographs of (a) cohesive failure; 
(b) adhesive failure (c) complete spallation of the treated layer and (d) loading profiles at the points 
at which LC1, LC2 and LC3 failure modes occur, identified using a combination of Tangential Force (FT), 
Acoustic Emission (AE) and Penetration Depth (Pd) data. 
As the indenter load on the sample was progressively increased, a sharp increase in gradient and 
erratic fluctuations of the Tangential Force profile indicated complete spallation failure at Lc3. The 
critical load at which this occurred was 17.0 N.  
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Table 3.4: Summary of the critical load values for the 2 hr, 3 hr and 4 hr TPN diffusion-treated Zr 
samples. 
Sample LC1 (N) LC2 (N) LC3 (N) 
2 hr TPN Zr 6.0 11.1 12.5 
3 hr TPN Zr 9.5 15.0 17.0 
4 hr TPN Zr 8.5 15.5 17.0 
 
It is also interesting to note that the scratch test profiles for any of the treatment durations did not 
indicate the penetration of the nitride compound layer. This would have been expected to occur at 
low normal loads during the scratch test since the thickness of the nitride compound layer was 
determined to be significantly less than 1 μm (as mentioned previously). This is because the Rockwell 
C tip used (of 250 μm diameter) is too large to detect the point at which the tip penetrates the 
compound layer, much of which would have delaminated. It has been suggested that the Rockwell C 
indenter used provides reliable information on adhesion properties for surface-treated 
layers/coatings with thicknesses greater than 1 μm but becomes challenging below this limit.  
 
3.10 Summary  
 
In summary, the results presented in this chapter make several noteworthy contributions which 
increase our understanding of the effects of plasma-nitriding of zirconium substrates. Principally the 
findings show that TPN thermochemical diffusion treatment was successful in the fabrication of a 
nitride compound layer comprising of stoichiometric Face-Centred Cubic ZrN phase of thickness 
significantly less than 1 μm (likely to be hundreds of nanometers) and a ~23 μm thick nitrogen diffusion 
zone. From GAXRD patterns, the peak shift to lower angles of 2θ for peaks attributed to a nitrogen-
containing metallic-Zr phase when compared to HCP α-Zr peaks, indicated that nitrogen was in 
interstitial solid solution with the zirconium lattice.  
The ‘composite’ hardness of the treated layer was shown to be significantly improved after TPN 
treatment (ranging between 10 to 12 GPa) compared to untreated zirconium or ZIRLOTM substrates 
(4.5 and 3.5 GPa respectively). Increasing treatment time was shown to result in higher ‘composite’ 
hardness of the TPN-treated layer.  The scratch adhesion profiles demonstrated that increased plasma 
treatment duration resulted in an increased load-bearing capacity of the treated layer, owing to the 
use of low substrate bias and high partial pressures of nitrogen. The 4 hr TPN-treated sample showed 
higher resilience to failure before critical loads were reached compared to the 2 hr and 3 hr TPN-
treated samples. This indicates that overall, longer treatment times result in an improved load-bearing 
capacity of the TPN-treated layer.  
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Chapter 4 – Hydrothermal Oxidation Tests  
 
4.1 Background  
 
One of the most importance aspects of a successful layer or surface treatment intended to be used in 
the core of nuclear reactors is its stability in water at operating temperatures/pressures. In this regard, 
an attempt was made to investigate and analyse oxidation behaviour of TPN-treated Zr samples in 
simulated reactor conditions. Previous studies have focused on thermal oxidation behaviour of 
zirconium nitride coatings/layers in air [192, 283, 284], but a survey of the literature showed that 
hydrothermal oxidation studies of TPN surface-treatments have not been reported.   
Hydrothermal oxidation tests of the TPN-treated Zr samples were performed (at Westinghouse 
Pittsburgh, USA) with deionised water in an autoclave at 360oC for 3 days at a pressure of 18.7 MPa 
to investigate the oxidation behaviour and stability the of TPN-treated zirconium samples in 
pressurised water conditions (simulating reactor environments without neutron irradiation) according 
to the ASTM G2-06 method [104]. Further details of the experimental parameters can be found in 
Chapter 2, Section 2.12. The aim of this work was to test the hypothesis that TPN diffusion treatment 
could be used to improve the oxidation resistance of bulk zirconium metal in aqueous conditions via 
the formation of a zirconium nitride compound layer and nitrogen diffusion zone on the diffusion-
treated surface. In this study, Optical Microscopy, GAXRD and SEM/EDX techniques were used to 
determine phase formation and post-corrosion composition evaluation. Nanoindentation hardness 
measurements and scratch adhesion tests were used to analyse hardness and adhesion strength 
properties respectively, and these results were compared to the TPN-treated Zr samples previously 
discussed in Chapter 3.  
 
4.2 Hydrothermal Oxidation Testing in Water  
 
The morphology of the hydrothermally oxidised TPN-treated Zr sample diffusion-treated for 4 hr was 
analysed using SEM in BSE mode and presented in Figure 4.1. The micrograph revealed extensive 
cracking across the surface and exhibited interconnecting micro-cracks creating a network of diffusion 
pathways allowing for water and oxygen migration into the oxide scale. Similar cracking behaviour at 
the surface of the oxide scale was also seen for the 2 hr and 3 hr TPN-treated samples. The presence 
of microcracks at the surface of the oxide scale was found to be consistent with observations from 
SEM micrographs of Zircaloy-4 reported by Harlow et al [62] and Preuss et al [102] hydrothermally 
oxidised at 360oC. 
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Figure 4.1: SEM micrograph in BSE mode of the hydrothermally oxidised 4h TPN-treated sample 
showing micro-cracks on the oxide surface formed following hydrothermal tests at 360oC for 3 days. 
The dark artefacts present on the oxide surface were identified as aluminium- and oxygen-rich regions 
from EDX analysis (Figure 4.2). This was not detected for the TPN-treated samples from SEM/EDX 
analysis in Figure 3.9 or from GAXRD patterns presented in Figure 3.15 and is likely to be aluminium 
(possibly oxide) impurities inside the autoclave due to insufficient cleaning (of the autoclave) prior to 
hydrothermal oxidation tests.   
 20 μm 
Al impurities  
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Figure 4.2: SEM micrograph in BSE mode shows aluminium and oxygen contamination (highlighted in 
bright red and grey from EDX analysis) on the surface of the oxide scale following hydrothermal 
oxidation at 360oC for 3 days.  
The samples were weighed before and after hydrothermal oxidation tests and the difference was 
divided by the total area of each sample to determine the weight gain in mg/dm2. These are presented 
in Table 4.1.  
Table 4.1: Hydrothermally oxidised TPN-treated Zr samples showed slightly lower weight gains 
compared to pure Zr under the same conditions. 
Hydrothermal Corrosion Testing at 360oC for 3 days 
TPN Duration Reference Weight Gain (mg/dm2) 
2 hr A_TPN_2hr 131 
3 hr A_TPN_3hr 129 
4 hr A_TPN_4hr 126 
Untreated pure Zr A_Zr 150 
 
Zr 
Al O 
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Table 4.1 shows the 2 hr, 3 hr and 4 hr TPN-treated samples hydrothermally oxidised at 360oC for 3 
days showed similar weight gains of 131, 129 and 126 mg/dm2 respectively. The untreated pure 
zirconium had a weight gain of 150 mg/dm2 which is greater than the oxide weight gain formed on 
any of the TPN-treated samples. However, the oxide weight gain for the TPN-treated samples are on 
the similar order of weight gain as the untreated pure Zr. An interesting point to note is that although 
the TPN treatments show a slight improvement in oxide weight gain with time, the weight gain was 
found to decrease with increased TPN treatment time. Furthermore, the oxide scale formed on the 
TPN-treated Zr samples for all treatment durations was measured to be 10 ± 0.5 μm (discussed further 
in Section 4.2.1). This result is surprising for 2 main reasons. The first is that the oxidation rate for 
zirconium (as was mentioned in Chapter 1 Section 1.8.2) follows either parabolic or cubic kinetics. 
Even if a linear rate law for oxidation kinetics was considered, it would be expected that the oxide 
weight gain should be higher. The second is that the environment causing the conditions for oxide 
growth would still be present during hydrothermal oxidation (360oC, 18.7 MPa for 3 days) so the oxide 
scale should be thicker. But as just mentioned, the oxide scale thickness was similar for all TPN 
treatment durations. The cross-sectional SEM micrograph in Figure 4.3(a) shows the oxide scale to 
contain cracks and suggests that the oxide scale is brittle and ‘flaky’, where the oxide is likely to have 
undergone some material loss (indicating oxide spallation). Therefore, on the balance of evidence, 
from the comparisons of the weight gains following hydrothermal oxidation of TPN-treated samples 
and the untreated pure Zr substrates, the actual weight gain and the oxidation rate and thickness is 
likely to have been higher than measured because of the similar measured oxide scale thicknesses for 
these samples indicating oxide spallation at these conditions. Although the TPN treatments did not 
significantly improve the oxidation resistance of zirconium, it did not make it worse either.  
To the best of my knowledge, there have been no studies that have reported on hydrothermal 
oxidation of untreated pure zirconium at these conditions. A litany of studies investigating the 
oxidation resistance of zirconium alloys exist in the literature because of the wide commercial 
application as cladding and core components in nuclear reactors. As such, previous studies have 
primarily focussed on oxidation behaviour of Zr alloys such as Zircaloy-2, Zircaloy-4 and ZIRLOTM in 
different environments - including steam, low and high temperature water and neutron bombardment 
(to analyse radiation damage on cladding) [50, 90, 285, 286]. However, the latter introduces the added 
complexity of swelling and creep effects arising from neutron irradiation, which goes beyond the 
scope of this study. Following successful trials, neutron irradiation investigations should be carried out 
to gain an in-depth understanding of how the surface-treated layer will perform under neutron 
bombardment and this subject is commented on in Chapter 6 - Recommendations.  
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Analysis of the weight gains obtained in this work reveals important findings when compared to the 
reported figures in the literature. Hillner et al [47] for example, showed that hydrothermal oxidation 
tests of Zircaloy-4 specimens at 360oC in deionised water for 250 days resulted in a weight gain of 
~130 mg/dm2. The author identified that this falls within the pre-transition regime, characterised by 
the formation of an oxide scale that grows thicker in accordance with a cubic rate law, however, the 
author failed to mention the crystallographic structure of the oxide scale.  Similar weight gains were 
obtained for the TPN-treated samples investigated in this study but only in 3 days, indicating TPN-
treated Zr samples had undergone rapid oxidation at these conditions. Wei et al [88] demonstrated 
that untreated ZIRLOTM substrates showed a weight gain of only ~15 mg/dm2 in 10 days when tested 
in lithiated water (2 wt.ppm) at 360oC. In a different study, Yueh et al [287] hydrothermally oxidised 
untreated ZIRLOTM substrates at 360oC (with varying Sn content) and reported low oxide weight gains 
of 20-30 mg/dm2 after 25 days. Kim et al [288] reported that oxidation of Zircaloy-4 and ZIRLOTM 
substrates at 700oC (steam environment) resulted in oxide weight gain of less than 5 mg/dm2 when 
tested for one hour but a significant increase to 400 mg/dm2 was determined when tested at a 
temperature of 1200oC. From Table 4.1, untreated pure zirconium hydrothermally tested at 360oC 
showed an oxide gain of about 150 mg/dm2 after 3 days. Thus, when comparing oxide weight gains of 
pure Zr and the Zr alloys reported in the literature, it can be deduced that the pure zirconium substrate 
performs 10 to 30 times worse. This is because of the corrosion resistance offered by the elements 
that form intermetallic precipitates such as tin, iron and chromium [289]. As mentioned in Chapter 1 
Section 1.7.2, the low solubility of iron, chromium and tin generate intermetallic precipitates within 
the individual grains to give increased mechanical strength by hindering dislocation movement – but 
do not segregate to the boundaries. At reactor operating temperatures (300-330oC), the 
thermodynamic driving force is insufficient to allow these elements to segregate to the grain 
boundaries in the same way that interstitial elements such as nitrogen, carbon, oxygen and boron can 
migrate via a hopping mechanism [260] at interstitial sites of α-Zr lattice. For example, chromium 
(used in stainless steel) is a strong nitride former [290] and will travel a shorter distance towards the 
grain boundaries compared nitrogen. Both these elements prefer to migrate to the grain boundary 
because it is less dense than at the grains. For this reason, nitrogen or oxygen tend to produce 
precipitates with alloying elements that they are most reactive with and have the strongest affinity 
for, in or near the grain boundaries, which leads to a precipitation hardening effect for the reason 
described previously.  
In zirconium, the alloying elements involved cannot migrate nor segregate to the grain boundaries at 
these temperatures so they coalesce locally over a few atom lengths to produce a coherent phase that 
becomes large enough to precipitate out, because of the stress differences between the lattice 
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parameters of the growing intermetallic precipitate, and the parent HCP α-Zr metal it is growing out 
of. In zirconium alloys, the main function of the alloying elements is to generate precipitates (as 
intermetallic phases) within the grains of the HCP α-Zr metal to precipitation strengthen the zirconium 
metal – but does not lead to segregation at the grain boundaries that could cause chemical 
composition profiles that would otherwise lead to galvanic effects and intergranular corrosion [291], 
or create a multi-phased structure (i.e. via Zr polymorphs) that might damage the corrosion 
properties. The beneficial side-effects of this are two-fold:  
1. The intermetallic precipitates improve the mechanical strength of the alloy by hindering 
dislocation motion. Intermetallic precipitates within the zirconium lattice serve as pinning 
points creating physical blockades that act to halt dislocation movement, requiring a greater 
amount of stress to be applied to overcome the barrier. Impeding dislocation movement in 
this way will hinder the onset of plasticity and hence increase the yield strength and hardness 
of the material.  
2. The alloying elements that form the intermetallic precipitates play an important role in 
controlling and reducing the oxidation rate [42]. The low oxidation rate offered by 
intermetallic precipitates results in a pore-free, dense, stressed and elastically constrained 
oxide scale [292] that is durable during the early stages of oxidation of Zr alloys, and serves to 
protect the metal. Thus, the intermetallic phases being precipitated within the grains has a 
negligible deleterious effect on the corrosion of the alloy. This compared to thicker oxide 
scales (formed with increased oxidation treatment time) that exhibits diminishing 
compressive stress (with thickness), volume expansion and microcracks in the oxide scale 
resulting in the oxide scale being non-protective. 
It can be deduced therefore, that the precipitation hardening process that improves the corrosion 
resistance of zirconium alloys described previously is absent for the hydrothermally oxidised pure Zr 
presented in this study. The net benefit for zirconium alloys during oxidation is that the corrosion 
chemistry of the oxide is changed whereby the alloying elements are substituted at random Zr sites in 
the oxide scale that is changing the charge characteristics of the oxide.  
Despite the slight improvement in the oxidation performance of the TPN-treated Zr surface in aqueous 
conditions compared to pure Zr, the results show that TPN treatment did not worsen the oxide weight 
gain. The beneficial properties deduced in Chapter 3 such as improved surface hardness, good 
adhesion of the TPN-treated layers and good chemical and neutronic compatibility with Zr-alloy, 
suggests that it may be more promising to have a TPN-treated layer at the fuel/cladding internal 
interface, where hydrothermal oxidation is not an issue (as fuel cladding internals comprise of UO2 
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fuel pellets and are backfilled with helium gas. This subject would be an avenue of research worthy of 
further investigation. The next sub-section will analyse the crystallographic structure of the oxide layer 
to better understand the oxidation process and potential routes that could be taken to increase 
oxidation resistance.  
 
4.2.1 Cross-sectional SEM Analysis of the Oxide Scale formed on TPN-treated Zr and 
Untreated Pure Zr Following Hydrothermal Oxidation 
 
Cross-sectional SEM micrograph of the hydrothermally oxidised (4h) TPN-treated sample is presented 
in Figure 4.3(a) and revealed the oxide scale thickness to be 10 ± 0.5 μm. The thickness was found to 
be identical for the oxide scales formed following hydrothermal oxidation of samples that were TPN-
treated for 2 hr and 3 hr. This demonstrates that the TPN treatment duration did not significantly 
affect the thickness of the oxide scale developed following hydrothermal oxidation testing. EDX 
analysis on the oxide scale in Figure 4.3(b) revealed the oxide elemental composition to be 68.4 at% 
oxygen, 31.6 at% zirconium. The micrograph further revealed that the cracks formed in the oxide scale 
were perpendicular to the substrate surface and extend much deeper into the oxide layer - as far as 
the oxide/substrate interface. Interestingly, it was also found that crack formation increased in 
severity with distance away from the oxide/substrate interface.  
The relation of the oxide thickness and its weight gain is typically expressed in the following convenient 
formula: 1.5 mg/dm2 = 0.1 μm [50], which expresses that for every 0.1 μm Zr consumed results in a 
weight gain of about 1.5 mg/dm2. Using this simple relation (with the oxide weight gain of 126 mg/dm2 
from the A_TPN_4hr sample) to solve for the oxide thickness 𝑦 in this work for calculating the weight 
gain gives:  
𝑦 =  
0.1
1.5
 𝑋 126 (4.1) 
𝑦 = 8.4 𝜇𝑚 
The calculated oxide scale thickness obtained from the expression in 4.1 is slightly lower than the 
thickness of the oxide scale formed on the TPN-treated Zr (measured from the SEM micrograph in 
Figure 4.3). It is worth noting that the expression provides an estimation of the thickness and would 
vary depending on the conditions used during the oxidation test. For instance, this relation was found 
to be in reasonable agreement when Arima et al [50] tested this under flowing CO2 for Zircaloy-2, but 
may show differences under high pressure/temperature aqueous conditions.  
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Figure 4.3: (a) Cross-sectional SEM micrograph of the oxide scale formed on the hydrothermally 
oxidised TPN-Zr at 360oC, 3 days (A_TPN_4hr) and (b) EDX data show Zr and O elements present in 
the oxide scale. 
The thickness of the oxide scale following hydrothermal oxidation suggests that the ZrN compound 
layer (which was determined to be much less than 1 μm in Chapter 3 Section 3.6) had been entirely 
consumed and that the nitrogen-containing diffusion zone had been partially consumed by about 10 
± 0.5 μm into the TPN-treated layer. The literature investigating how this occurs is scarce. However, a 
closer look at the binding energies between zirconium, nitrogen and oxygen might offer some insight. 
The binding energy data for Zr-Zr obtained from X-ray Photoelectron Spectroscopic (XPS) data is 178.9 
eV; for Zr-N this is 179.6 eV and for Zr-O this is 182.3 eV [293]. This might suggest that the binding 
energy of nitrogen to zirconium is similar to zirconium itself, where the binding energy of oxygen to 
zirconium is higher than both. This would require further research, but it might explain how oxygen 
can readily replace nitrogen in ZrN and chemically convert it oxide. Unlike the a nitride (or oxide) 
Element Atomic% 
O  68.4 
Zr  31.6 
Total 100.0 
ZrO2 
10 μm 
Zr 
(a) 
(b) 
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compound, neither interstitial nitrogen that forms the nitrogen diffusion zone (or interstitial oxygen) 
are chemically bound to the zirconium metal itself, but the solubility of oxygen in zirconium is higher 
than that of nitrogen  – and this implies (but does not directly prove) that oxygen uptake in zirconium 
metal will be faster than that of nitrogen at any given temperature.  
The cross-sectional SEM micrograph in SE mode (presented in Figure 4.4) shows crack propagation 
and spallation near the outer pre-formed oxide scale (furthest away from the oxide/metal interface) 
– revealing crater-like features.  This is an indication that the oxide scale could be brittle and supports 
the argument that the oxide weight gain and thickness of the oxide scale may have been higher than 
measured following hydrothermal oxidation at 360oC for 3 days.  
The extensive crack defects and porosity present in the oxide scale increases its susceptibility to 
spalling and delamination and severely limits its overall load-bearing capacity under mechanical strain. 
Three main factors for this process have been attributed to the spallation process: (i) Lattice mismatch 
at the metal interface between the zirconia structure and the Zr substrate [294]; (ii) Differences in 
thermal expansion coefficient between the zirconium metal and the growing oxide [77], which 
generates compressive stress in the oxide and the tensile stress in the metal and (iii) gradual reduction 
of compressive stress within the growing oxide scale. This could lead to further migration of oxidative 
species into the Zr alloy cladding through cracks and pores resulting in an accelerated oxidation rate 
and reduced oxidation resistance of the Zr alloy.  
 
 
 
 
 
 
 
Figure 4.4: Cross-sectional SEM micrograph of (A_TPN_4hr) sample near the pre-formed outer oxide 
layer showing spallation of the oxide scale near the oxide surface. 
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The cross-sectional SEM micrograph of the oxide scale formed on the untreated pure zirconium 
substrate following hydrothermal oxidation is presented in Figure 4.5. The oxide scale thickness was 
measured to be 12.1 ± 0.5 μm which is greater than the oxide scale formed on the TPN-treated 
zirconium under the same oxidation conditions. This is in fairly good agreement with the oxide weight 
gain of 150 mg/dm2 determined for the untreated pure Zr in Table 4.1. The micrograph shows 
evidence of lateral microcracks which increase in severity with distance from the oxide/metal interface 
region. Oxide spallation near the pre-formed outer oxide scale was also observed. This shows how 
easily oxide material is lost through spallation which is likely to have occurred during hydrothermal 
oxidation. This supports the earlier proposition that the oxide weight gain and oxide scale thickness 
may have been higher than measured due to the spalling of the oxide scale during hydrothermal 
oxidation.  
 
Figure 4.5: Cross-sectional SEM micrograph of the oxide scale formed on the hydrothermally 
oxidised pure zirconium at 360oC, 3 days.  
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4.2.2 Phase Analysis of the Hydrothermally Oxidised TPN-Zr  
 
Glancing-Angle X-Ray Diffraction was used for the identification of phases formed on the 
hydrothermally oxidised 4h TPN-Zr sample (A_TPN_4hr) and is presented in Figure 4.6. This was 
performed using a Philips X’Pert3 (Panalytical) diffractometer (CuKα radiation) operated in glancing-
angle configuration (Seeman-Bohlin geometry) at incident angles ranging from 1o to 8o with a step size 
of 0.02 and a time step of 5 seconds in the 25o to 80o range of 2θ.  
 
It is apparent from the GAXRD patterns that monoclinic zirconia (m-ZrO2) was the predominant phase 
detected from incident angles ranging between 1 and 8o. Identical GAXRD patterns were also obtained 
for the hydrothermally oxidised 2 hr and 3 hr TPN-treated samples. The majority of the peaks were 
indexed to the monoclinic zirconia phase with the highest intesity peak of this phase detected (200) 
reflection at a 2θ angle of 34.1o. It can be seen from the GAXRD patterns that the peak intensities 
remain largely unchanged with increased angle of  incidence with the exception of the (1̅11) peak at 
2θ angle of 28.2o which shows a slightly decreasing intensity with lower angles of incidence. The 
monoclinic zirconia phase was found to be detected at an incident angle of 8o (i.e. deeper into the 
oxide scale) which corresponds to an X-ray Penetration Depth of about 8.5 μm into the ZrO2 layer22. 
The peak positions for the m-ZrO2 phase can be seen to be in good agreement when compared with 
Kudoh et al [56] (Figure 4.6) and are consistent with findings reported by Smith et al [295] and Hill et 
al [296]. Tetragonal zirconia was also identified in the (011) reflection at 2θ angle of 30.4o. This phase 
was detected at an incident angle of 8o and decreased with lower incident angles. This indicates that 
the tetragonal zirconia phase is present in higher concentrations closer to the metal/oxide interface 
region. At an incident angle of 5o (i.e. further away from the metal/oxide interface region), the peak 
intensity of the tetragonal phase is negligible. The GAXRD pattern in Figure 4.6 also shows a slight shift 
to lower angles of 2θ indicating an increase in lattice parameters due to interstitial diffusion of oxygen 
in the bulk metal. In addition, the oxide scale growth is further accelerated due to the rapid diffusion 
paths for oxygen through the oxide scale (e.g. column boundaries, grain boundaries) as well as oxygen 
ingress through the network of microcracks formed in the growing oxide scale shown in Figures 4.3 
and 4.4.  
 
22 X-ray Penetration Depth was calculated using AbsorbDX tool associated with PDF4+ phase analysis software.  
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Figure 4.6: GAXRD patterns of the 4 hr TPN-Zr sample following hydrothermal oxidation test at 360oC 
3 days show majority of the peaks are identified with the formation monoclinic zirconia. The phases 
formed and peak positions were compared with HCP α-Zr [59], m-ZrO2 [56], t-ZrO2 [57] and ZrH1.66 
[126].  
The volume fraction of the monoclinic and tetragonal zirconia polymorphs in the oxide layers was 
calculated using the Garvie-Nicholson formulae [106] in equations 1.6 and 1.7 (refer back to Chapter 
1, Section 1.8.5 for details) which is shown below. This was carried out using the intensity values from 
the GAXRD pattern obtained at an incident angle of 8o because this was the intensity of the tetragonal 
zirconia peak was recorded to be highest at this incident angle. The volume fraction of monoclinic 
zirconia in the oxide is: 
𝑋𝑚 =  [
𝐼002
𝑚 (281) + 𝐼−111
𝑚 (308)
𝐼002
𝑚 (281) + 𝐼−111
𝑚 (308) + 𝐼011
𝑡 (31)
] . 100          (4.2) 
𝑋𝑚 = ~95% 
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The volume fraction of tetragonal zirconia in the oxide is: 
𝑋𝑡 = [
𝐼011
𝑡 (31)
𝐼002
𝑚 (281) + 𝐼−111
𝑚 (308) + 𝐼011
𝑡 (31)
] . 100          (4.3) 
𝑋𝑡 = ~5% 
The volume fraction measurements of tetragonal zirconia for zirconium oxide scale comprising of a 
monoclinic/tetragonal-zirconia mixture near the zirconium alloy metal/oxide interface region have 
been widely reported in the literature. Lin et al [78] reported tetragonal zirconia content of about 8 
vol% at the metal/oxide interface following hydrothermal oxidation at 350oC in water and found that 
the volume fraction decreased with oxide thickness. Yilmazbayhan et al [63] measured the tetragonal 
zirconia volume fraction to be 14 vol%, and decreasing to 7 vol% with increased distance away from 
the substrate interface. Polatidis et al [70] reported similar findings of 10-15 vol% tetragonal zirconia 
near the interface region. Petigny et al  [77] used in-situ XRD to measure the tetragonal volume 
fraction of Zircaloy-4 and reported values of 10-15 vol% near the metal/oxide interface region, 
decreasing to about 5 vol% in the oxide scale located more than 3 μm away from the interface region.  
As can be seen, the volume fraction of tetragonal zirconia (Equation 4.3) is slightly lower than the 
values reported in the literature. One reason for this could be because the maximum operating 
incident angle on the diffractometer is 8o. The X-ray Penetration Depth at this angle corresponds to 
an oxide thickness of about 8.5 μm. When comparing the measured oxide scale thickness of ~10 ± 0.5 
μm to the GAXRD pattern presented in Figure 4.6, the SEM micrograph (Figure 4.3(a)) confirms that 
that the oxide scale thickness is greater than that determined from attenuation depth of X-rays at an 
incident angle of 8o (which was 8.5 μm). This means that the metal/oxide interface is not detected 
when the highest incident angle of 8o is used where the X-ray Penetration Depth is also greatest. If the 
interface region was detected, then a few of the peaks of the GAXRD pattern obtained may have 
shown α-Zr peaks indicating the detection of the bulk zirconium metal. It is apparent therefore, that 
the oxide scale detected at 8o incident angle (from the GAXRD patterns in Figure 4.6) is a few microns 
away from the interface region. Furthermore, if 8-16 vol% t-ZrO2 content - widely reported in the 
literature is to be believed, this would indicate that the volume fraction of 5 vol% for t-ZrO2 is not at 
the oxide/metal interface but rather some distance away from the interface region.  
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The average crystallite size was calculated using the Scherrer Formula [297]:  
𝐷 =  
𝐾𝜆
𝛽 cos 𝜃
 (4.4) 
Where,  
D = crystallite size (nm) 
K = 0.9 (Dimensionless shape factor, Scherrer constant) 
λ = 0.15406 nm (wavelength of X-ray source) 
β = FWHM (in radians) 
θ = peak position (in radians) 
Peak fitting of the diffraction pattern (of the 8o incident angle) was performed to determine the 
zirconia crystallite size. The fitting was performed manually using Origin software package and the 
background ‘noise’ was removed using a built-in linear model. The required parameters used to 
calculate the average crystallite size are shown in Equation 4.4 and the results are shown in Table 4.2:  
Table 4.2: Average zirconia crystallite size calculated using the Scherrer equation. 
Peak Position 
(2Theta) 
FWHM 
Crystallite 
Size D (nm) 
28.19 0.17 46.43 
30.27 0.18 44.27 
34.08 0.17 47.08 
35.79 0.20 39.96 
40.75 0.18 45.66 
45.51 0.18 46.69 
49.11 0.19 45.02 
50.65 0.21 42.79 
55.44 0.20 44.56 
57.17 0.19 45.53 
58.37 0.20 44.11 
60.11 0.22 40.78 
61.90 0.21 42.26 
64.17 0.20 45.12 
71.29 0.21 45.07 
Average Crystallite Size (nm) 44.36 
 
The average of the m- and t-ZrO2 phases at an incident angle of 8o was calculated to be ~44 nm. This 
falls within the expected crystallite grain size range of 40-60 nm reported by Yilmazbayhan et al [63] 
from X-ray synchrotron radiation results of hydrothermally oxidised Zircaloy-4 at 360oC. In a different 
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study, Garner et al [76] carried out TEM and EBSD analysis on hydrothermally oxidised Zircaloy-4 
samples and reported crystallite grain size ranging 10-50 nm. This is also in fairly good agreement with 
the calculation presented in this work.   
It is worth noting that peaks for the FCC ZrN compound layer - identified in Figure 3.15 following TPN 
diffusion treatment were not detected from the GAXRD pattern in Figure 4.6. The primary peak 
positions for the ZrN phase would have been expected in the (111) reflection at 2θ angle of 34.1o or 
(200) reflection at 2θ angle of 39.3o. Furthermore, peaks attributed to the nitrogen-containing Zr 
phase which would have been identified as Zr peak shifts to lower angles of 2θ, were also not identified 
from the GAXRD pattern. This suggests that the ZrN compound layer and part of the nitrogen diffusion 
zone had been consumed by the oxide scale. 
The GAXRD pattern in Figure 4.6 shows none of the peaks match the peak positions for the detection 
of the zirconium hydride phase. As previously mentioned in Section 1.8.7, once the solubility limit for 
hydrogen absorption is exceeded, hydrogen is typically found in solid solution in the α-Zr matrix and 
as the cladding cools (i.e. during maintenance or periodic shutdown of the reactor), the hydrogen 
present in the bulk metal precipitates as zirconium hydride [48]. However, the oxide scale thickness 
formed following hydrothermal oxidation was 10 μm (Figure 4.3(a)) and from the GAXRD pattern in 
Figure 4.6, at 8o angle of incidence, the X-ray Penetration Depth into the oxide scale is 8.5 μm which 
is 1.5 μm away from the interface region. Therefore, the presence of zirconium hydride precipitates 
cannot be discounted since the X-ray Penetration Depth is too low for the detection of zirconium 
hydride which would be present in the bulk metal and by extension it cannot be concluded at this 
stage whether the nitride compound layer and nitrogen diffusion zone (developed using TPN diffusion 
treatment of bulk HCP α-Zr substrate) was successful in impeding the diffusion of hydrogen or the 
formation of zirconium hydride precipitates upon cooling.  
In the literature, Moya et al [75] reported zirconium hydride (ZrH2) phase (from XRD peaks) beneath 
the monoclinic oxide scale after hydrothermal oxidation tests of Zirclaoy-4 at 360oC for 5 days. A 
dominant peak attributed to ZrH2 was exhibited at 2θ angle of ~33o. As a recommendation for future 
work, it would be worth configuring the diffractometer to allow GAXRD to be performed at higher 
incident angles to analyse the interface region (particularly the outer bulk metal surface) where 
zirconium hydride is expected to form. Neutron diffraction is another technique that could be used to 
detect the presence of zirconium hydride in the bulk metal [298]. This investigation would be useful 
since neutrons have a comparatively higher Penetration Depth into the sample to X-rays and the 
contribution to the diffracted intensity of atoms with low Z atomic number is strong even the in the 
presence of higher Z (atomic number) elements which would be ideal for the detection of zirconium 
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hydride. Furthermore, as an extension to this study, it would be worth carrying out hydrothermal 
oxidation treatments for longer period of time (i.e. 50 days) to investigate if hydrothermal treatment 
time increases the probability of  hydride formation in bulk zirconium which has been reported for 
zirconium alloys in the literature [96, 299]. Despite the onset of oxidation of the TPN-treated samples, 
this is an encouraging result to emerge from the data, since bulk the zirconium does not show obvious 
signs of cladding embrittlement (largely due to the distribution and orientations of ZrH2 precipitates 
in the Zr alloy cladding) which is considered to be a major problem in the nuclear industry.  
On the balance of evidence presented in this study, a benefit of the ZrN compound layer is that it 
increases the overall ‘composite’ hardness of the TPN-treated layer (Chapter 3, Section 3.8.2). But 
once the ZrN compound layer is entirely consumed by the oxide scale, the benefit of having a nitrogen-
containing diffusion zone is that the nitrogen in the interstitial sites of the zirconium lattice suppresses 
oxygen migration into the diffusion zone - thereby delaying oxidation compared to pure zirconium.  
As mentioned previously, the oxide scale thickness of 10 ± 0.5 μm shows that the nitrogen diffusion 
zone was partially consumed by about 10 μm with ~13 μm of the diffusion zone remaining (since the 
thickness of this layer was determined to be about 23 ± 1 μm - see Figure 3.14). Since the weight gain 
and the thickness of the oxide scale formed on the TPN-treated surface is lower compared to pure 
zirconium. This shows that there is evidence of sustained resistance to oxygen ingress by the nitrogen 
diffusion zone compared to untreated pure zirconium. But it is not known to what extent the sustained 
resistance to oxygen ingress would be. This would require further investigation and is commented on 
in Chapter 6 – Recommendations.  
On the balance of the evidence presented, the results suggest that the first few oxide layers formed 
generate a high level of stress because of the of the Pilling-Bedworth ratio effect. The oxide grows by 
inward diffusion of oxygen so that in forming a new layer of oxide, the metal-oxide interface is 
elastically constrained. Tensile stress is generated in the HCP α-Zr metal substrate as a reaction to the 
compressive stress created by the P-B ratio of the tetragonal zirconia to the substrate. Thus, tensile 
stress in the substrate may have a tendency to expand the metal lattice structure and enhance the 
inward diffusion of oxygen through the oxide scale and into the metal.  
The compressive stress in the oxide therefore, is highest at the Zr-ZrO2 interface and decreases with 
distance from the oxide/metal interface [102] and diminishes to the point where the (metastable) 
tetragonal zirconia phase is no longer elastically constrained and therefore reverts back to monoclinic 
zirconia phase. As new t-ZrO2 forms at the interface and the pre-formed t-ZrO2 moves further away 
from the interface, the compressive stress in the oxide continues to diminish and is associated with a 
volume expansion of about 3-5 vol% [64, 108] of the oxide. This is likely the main cause of the network 
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of cracks observed in the oxide scale (from SEM micrograph in Figures 4.3(a) and 4.5) as it continues 
to grow from the metal during oxidation. This provides an explanation for why cracks appear less 
frequently near the metal-oxide interface and more cracks observed near the outer oxide scale 
providing pathways for the compressive stress to be relieved. The volume expansion would cause any 
existing cracks within the oxide scale to grow or multiply and creates additional compressive stress 
that would lead to the oxide scale to spall. A similar compressive stress gradient is present in the oxide 
scale formed on the TPN-treated layer due to similar oxide growth mechanism. Qi et al [300] analysed 
the oxidation behaviour of magnetron sputtered ZrN films on Si wafers using high temperature X-ray 
diffraction (HT-XRD) and concluded that the volume expansion of the oxide was responsible for the 
compressive stress - originating from the P-B ratio effect, giving rise to the martensitic transformation 
from the tetragonal phase to the monoclinic phase (whereby t-ZrO2 is no longer constrained due to 
diminishing compressive stresses that are insufficiently stabilise the t-ZrO2 phase). This results in the 
presence of defects such as cracks that are interconnected across the porous oxide scale that allow 
further migration of oxidative species into the bulk Zr metal through cracks and pores resulting in an 
accelerated oxidation rate and reduced oxidation resistance of zirconium. 
In zirconia-toughened alumina, (metastable) t-ZrO2 (~20 wt%) [301] is induced into the alumina matrix 
which is hot-pressed to compact the structure at high temperature and is then cooled. There is a 
propensity for t-ZrO2 to transform back to m-ZrO2 but is prevented from doing so because the 
tetragonal zirconia is constrained by the alumina. As the cracks propagate through the alumina, it 
reaches a tetragonal zirconia particle that is constrained by compressive stress which can be relieved 
as the oxide continues to grow – allowing the t-ZrO2 to transform to m-ZrO2. This expands the 
aluminium matrix and causes cracks in the oxide scale because of its inability to accommodate the 
volume expansion. The stress associated with the expansion due to the phase transformation acts in 
opposition to the stress that promotes the crack propagation [302]. As the crack approaches a critical 
size where the material could fail, it reaches a tetragonal zirconia particle that allows the constrained 
stress of the matrix to be relieved and transforms the crack into several smaller cracks – each of which 
require energy to grow into a critical size again. This counterintuitive mechanism of inducing more 
cracks makes the material tougher, because the energy associated with crack propagation is dissipated 
both in the tetragonal to monoclinic transformation and in overcoming the compressive stress due to 
volume expansion [303]. The physical mechanism described is analogous to the growing oxide in this 
study. The cracks present in the oxide prior to reaching a critical size approach tetragonal zirconia that 
is no longer elastically constrained and transforms to monoclinic zirconia allowing compressive stress 
to be relieved through the generation of new smaller cracks. But in this case, this makes the oxide 
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more ‘friable’ at the surface and so the severity of the cracks is greater at the pre-formed outer oxide 
scale.    
4.2.3 Raman Spectroscopy of the Hydrothermally Oxidised Sample  
 
Although some qualitative studies and research have been carried out on zirconia using Raman 
spectroscopy [90, 304], information about the zirconia polymorphs formed on TPN-treated zirconium 
after hydrothermal oxidation is rather scarce. In this work, Raman measurements were collected using 
a Renishaw inVia Raman microscope with 514 nm laser and the frequency shift acquisition was taken 
from 0 to 1000 cm-1 with the spectrum adjusted to minimise the effects of cosmic background 
radiation. This was carried for the A_TPN_4hr sample (hydrothermally oxidised 4 hr TPN-treated) at 
360oC for 3 days and compared against the 4 hr TPN-treated sample (discussed previously) and the 
Raman spectra are presented in Figure 4.7.  
The Raman spectrum of the TPN-treated Zr sample hydrothermally oxidised at 360oC for 3 days 
exhibited multiple Raman bands which ranged from 100 to 700 cm-1, all of which are attributable to 
m-ZrO2 (confirming that the oxide scale was detected). This was found to be in good agreement with 
Kurpaska et al [305], who showed Raman bands corresponding to m-ZrO2 in similar peak positions to 
those of the results presented in this study. It is interesting to note that the Raman spectrum for the 
A_TPN_4hr sample exhibited no peaks that could be attributed to t-ZrO2 phase. The average depth of 
the 514 nm laser into the sample (which is dependent on composition, density etc.) is about 300 nm 
[268] which is close to the surface of the oxide scale. This is consistent with the findings from the 
GAXRD patterns presented in Figure 4.6 which show no t-ZrO2 peaks were detected at an incident 
angle of 1o – near the preformed outer oxide layer. Taken together, the results confirm earlier findings 
that tetragonal zirconia concentration is highest at the metal/oxide interface and decreases with 
increased distance from the interface region as t-ZrO2 phase is no longer elastically constrained and 
therefore reverts to the thermodynamically favourable monoclinic zirconia. Thus, it is unsurprising 
that t-ZrO2 is not found near the oxide scale surface. Furthermore, the Raman spectrum for the (4 hr) 
TPN-treated sample (Figure 4.7(a)) can be seen to be dominated by two strong peaks at 238 cm-1 and 
498 cm-1 attributable to ZrN which is within the range for the detection of the nitride compound layer 
- determined to be significantly less than 1 μm (Figure. 3.15). However, the A_TPN_4hr sample did not 
exhibit any ZrN peaks and given that the Raman sampling depth is about a few hundred nanometers 
[268] (as mentioned earlier), this suggests that the ZrN compound layer was consumed at these 
conditions.   
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Figure 4.7: Raman spectra showing comparisons of (a) TPN-treated Zr; (b) A_TPN_4hr sample. 
 
4.2.4 Surface Roughness Measurements of the Hydrothermally Oxidised Samples  
 
The average surface roughness (Ra) of the TPN-treated Zr samples hydrothermally oxidised at 360oC 
for 3 days were determined from optical profilometry measurements from five locations chosen on 
the surface. The results in Figure 4.8 indicate that there is a significant increase in the surface 
roughness (more than 2x) of the oxide scale following hydrothermal treatment of the A_TPN_2hr, 
A_TPN_3hr and A_TPN_4hr samples with Ra measured to be 2.14 ± 0.05 μm, 2.25 ± 0.05 μm and 1.93 
± 0.05 μm compared to the TPN-treated Zr of 0.45 ± 0.05 μm, 0.67 ± 0.05 μm and 0.87 ± 0.05 μm, 
respectively. The differences in the Ra values obtained for the hydrothermally oxidised TPN-treated 
samples could be due to the presence of defects i.e. cracks and pores that were identified earlier from 
SEM micrographs of the cross-section and of the surface of the oxide scale. Another likely source might 
be from the effects of oxide spallation mentioned earlier that resulted in a rough and uneven surface 
topology that might account for the higher surface compared to TPN-treated Zr.    
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Figure 4.8:  Surface roughness (Ra) of the hydrothermally oxidised TPN-treated samples was 
measured to be much higher (more than 2x) compared to TPN-treated samples. 
4.3 Nanoindentation Hardness Measurements of Oxide Scales following Hydrothermal 
Oxidation of Plasma Nitrided Diffusion-Treated Layers  
 
Nanoindentation measurements were performed to determine the hardness of the oxide scale 
formed on the hydrothermally oxidised TPN-Zr samples diffusion-treated for 2, 3 and 4 hours. A load 
of 4 mN (as for the TPN-treated samples) was applied and nine indents were made in a 3x3 array grid.  
The size of the contact impression was kept small relative to the film thickness, typically less than 10% 
of the oxide scale thickness in order to ensure there was minimum influence from the substrate when 
the hardness and elastic modulus of the oxide scale was measured.  
 
4.3.1 Hardness Measurements of Hydrothermally Oxidised Samples  
 
The hardness vs. depth profile in Figure 4.9 shows that at a contact depth close to 200 nm, the 
hardness of the oxide scale formed on the A_TPN_2hr, A_TPN_3hr and A_TPN_4hr samples were 
determined to be 3.1 ± 0.2 GPa, 3.3 ± 0.2 GPa and 3.5 ± 0.2 GPa respectively. This shows that the oxide 
scales for the different diffusion treatments exhibited similar hardness values following hydrothermal 
oxidation test at 360oC for 3 days. It has been established earlier in Figure 4.3(a) that the thickness of 
the oxide scale formed on each of these samples was measured to be 10 ± 0.5 μm which could explain 
why similar hardness values were obtained. The slight variation of the hardness values for the oxide 
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scales might be due to the variation in the number of crack defects or severity of oxide spallation 
particularly near the pre-formed outer oxide scales as was observed from the cross-sectional SEM 
micrograph in Figures 4.3(a) and 4.4. In addition, the hardness values are much lower than the TPN-
treated Zr samples (~12 GPa) and lower than the untreated pure Zr which exhibited a hardness value 
of 4.40 ± 0.12 GPa (Figure 3.20). This is not surprising due to the porous structure of the monoclinic 
oxide scale which is considered to be brittle [75]. Due to technical issues and availability surrounding 
the nanoindentation equipment, multiple repeats of hardness measurements could not be performed 
on the same sample, thus, there may be a level of uncertainty in the hardness measurements 
obtained. 
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Figure 4.9: Hardness (GPa) vs. contact depth (nm) plot shows the hardness of the oxide scale formed 
on each of the TPN-treated samples decreases with contact depth. 
Literature investigations revealed that nanoindentation hardness of zirconium oxide was scarce. 
Cheng et al [306] demonstrated that the ZrO2 films produced by plasma electrolytic oxidation (PEO) 
on Zircaloy-4 resulted in oxide layer thicknesses of ~25 µm and measured hardness values ranging 
from 2 to 6 GPa. Varying levels of defects such as cracks and porosity (due to the different PEO 
treatment parameters applied) were proposed as a likely explanation for the hardness disparity 
between the oxidised samples.  The range of values however, is in good agreement with the hardness 
values obtained in this study for oxide scales formed on untreated bulk Zr [307] as well as oxide scales 
formed on TPN-treated Zr samples. Furthermore, the possibility of substrate contribution to hardness 
141 
 
measurements of the oxide scale is considered low due to the small contact depth of the indenter into 
the oxide scale of ~300-400 nm compared to the oxide thickness (measured to be ~10 ± 0.5 µm).  
One route to confirm how brittle and loosely adhered the oxide scale is, would be to use AFM or 
optical profilometry to generate 3D topographical images to analyse the indents. An indication that 
the oxide scale would be brittle is if the oxide layer had spalled at or around the region of the oxide 
where indent impressions have been made. In this work, this could not be identified due to the high 
surface roughness of the oxide scale which made it difficult to image by AFM. Notwithstanding, scratch 
adhesion tests were also performed to highlight this point, and these are presented and discussed in 
the following section.  
 
4.4 Scratch Adhesion of Oxide scales following Hydrothermal Oxidation of Plasma 
Nitrided Diffusion-Treated Layers 
 
In this study, scratch adhesion tests were performed on the oxide scales formed on the TPN-treated 
Zr samples following hydrothermal oxidation at 360oC for 3 days. A higher load of up to 35 N was 
required to penetrate the thick oxide scale (~10 ± 0.5 μm) compared load applied on the TPN-treated 
Zr samples. The results and findings from the scratch adhesion tests hydrothermally oxidised TPN-Zr 
samples are discussed in this section. Details of the failure mode descriptions are discussed in Chapter 
2, Section 2.11. For simplicity, the diffusion-treated TPN-Zr samples hydrothermally oxidised are 
referred to the designations provided in Table 4.1. 
 
4.4.1 Scratch ‘Adhesion’ Testing of Hydrothermally Oxidised 2h TPN-treated Zr Samples 
(A_TPN_2hr) 
 
The scratch test loading profiles of the A_TPN_2hr sample are presented in Figure 4.10. The optical 
micrograph in Figure 4.10(a) shows irregular half-crested cracks and chipping damage, identified as 
dark spalled regions at the sides of the scratch track which indicate cohesive failure of the oxide scale. 
The chipping damage of the oxide scale can be seen to be more extensive than the chipping damage 
of the TPN-treated layers diffusion-treated Zr 2hr as shown in Figure. 3.22(a). The critical load (Lc1) at 
which cohesive failure of the oxide scale occurred was determined to be 11.5 N. Tensile cracking could 
also be observed on the scratch track following the failure mode at LC1 which occurs due to the stress 
generated in the oxide as a result of the force of the stylus being drawn across the surface. Such 
defects detected at low loads are an indication that the oxide scale is very brittle. This is in good 
agreement with earlier observations of the surface and cross-sectional morphology from SEM 
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micrographs (in Figure 4.3(a) and Figure 4.4 respectively) which show extensive interconnecting 
microcracks in the oxide scale. As mentioned previously, this would tend to make the oxide porous to 
oxidative species (and thus lead to spallation failure at low loads).  
It can be seen from the optical micrograph in Figure. 4.10(b), that as the Normal Force was 
progressively increased, the frequency of tensile cracks along the track also increased. The magnitude 
of the AE signals (Figure 4.10(d)) can also be seen to increase leading up to adhesive failure of the 
oxide which is a release of elastic energy during crack growth. The critical load (LC2) at which adhesive 
failure of the oxide occurred was 16.4 N. This is the penetration of the oxide scale by the indenter 
whereby the TPN-treated Zr is first exposed (Figure 4.10(b)) at a Penetration Depth (Pd) of 12.5 μm 
which would be within the region of the nitrogen diffusion zone. The Penetration Depth value 
determined from the scratch adhesion profiles is in fairly good agreement to the thickness of the oxide 
scale of 10 ± 0.5 μm presented in Figure 4.3(a).  
A noteworthy observation from optical micrograph in Fig. 4.10(b) is that oxide material could be seen 
on the scratch track after the TPN-treated Zr sample was first exposed. A possible explanation for this 
could be that the oxide had spalled as a result of ploughing and built up at the leading edge of the 
indenter and was eventually ‘flattened’ underneath the indenter as the scratch test progressed. This 
is evidenced from the optical micrograph (Figure. 4.10(b)) which shows that residual ‘ploughed’ oxide 
appears to have been re-deposited and flattened several microns along the scratch trail after LC2 
failure mode had been reached.  Thus, it is important to verify microscopic imaging with scratch 
loading profiles to ensure correct interpretation of results can be deduced.   
A steep increase in gradient of the Tangential Force FT curve indicated that complete spallation (LC3) 
of the oxide occurred at a load of 18.3 N (Figure. 4.10(d)). This is shown in the optical micrograph in 
Figure. 4.10(c) that revealed only the TPN-treated Zr surface following spallation of the oxide scale. 
The Penetration Depth of ~35 μm at which LC3 occurs exceeds the region of the nitrogen diffusion zone 
case depth and is therefore, likely to be the exposed HCP α-Zr.  
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Figure 4.10: Scratch test for the A_TPN_2hr show optical micrographs of (a) cohesive failure; (b) 
adhesive failure (c) complete spallation of the oxide scale and (d) loading profiles at the points at 
which LC1, LC2 and LC3 failure modes occur, identified using a combination of Tangential Force (FT), 
Acoustic Emission (AE) and Penetration Depth (Pd) data. 
 
It is interesting to note that the FT signal decreases after failure at Lc3 followed by a slanting erratic 
pattern before a second much larger peak is observed (at a distance of 7.5 mm from the start of the 
scratch track). This could be due to the failure of the HCP α-Zr metal as shown in the micrograph in 
Figure 4.11 in which a large crack (perpendicular to scratch track) was exhibited on the Zr metal that 
extended the entire width of the scratch track. This is probably a result of galling wear. Galling is 
caused by friction and adhesion of metal surfaces that are in sliding contact with each other and results 
(a) (b) (c) 
50 µm 50 µm 50 µm Chipping damage 
Adhesive failure 
of the oxide scale.  
Complete spallation 
of the oxide scale.  
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in the transfer of material between metallic surfaces [282]. In this case, the zirconium metal is 
transferred to the diamond stylus followed by tearing of the HCP α-Zr crystal structure.  
 
Figure 4.11: Optical micrograph of failure of the HCP α-Zr substrate showing a large crack (galling 
wear) resulting from the indenter load applied. 
4.4.2 Scratch ‘Adhesion’ Profiles of Hydrothermally Oxidised 3h TPN-treated Zr Samples 
(A_TPN_3hr)  
 
The scratch test loading profiles of the A_TPN_3hr sample and associated optical micrographs are 
presented in Figure 4.12. As before, chipping damage was identified (optical micrograph in Figure 
4.12(a)) as dark spalled regions at the sides of the scratch track which indicate cohesive failure of the 
oxide scale. The critical load (LC1) at which cohesive failure of the oxide scale occurred was determined 
to be 12.4 N which is in fairly good agreement with the A_TPN_2hr sample. Analysis of the optical 
micrograph in Figure 4.12(b) showed that the scratch track exhibited tensile cracking which was more 
predominant and occurred at a higher frequency compared to the A_TPN_2hr sample. This is 
consistent with the increase in AE signals (Figure. 4.12(d)) following cohesive failure which indicates 
increased cracking behaviour – probably from tensile cracking observed on the scratch track. As the 
Normal Force was progressively increased, the magnitude of AE signals could also be seen to increase 
leading up to adhesive failure of the oxide. The critical load (LC2) at which this occurred was 17.5 N at 
a Penetration Depth of 11.5 μm. This is consistent with the oxide scale thickness determined earlier 
(Figure 4.3(a)) in and falls within the region of the nitrogen diffusion zone. 
 
 
 
 
 
50 µm 
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Figure 4.12: Scratch test for the A_TPN_3hr show optical micrographs of (a) cohesive failure; (b) 
adhesive failure (c) complete spallation of the oxide scale and (d) loading profiles at the points at 
which LC1, LC2 and LC3 failure modes occur, identified using a combination of Tangential Force (FT), 
Acoustic Emission (AE) and Penetration Depth (Pd) data.  
The differences in the values obtained for Normal Force and Penetration Depths for the A_TPN_2hr 
and A_TPN_3hr samples could be due to the slightly different load-bearing capacity of the oxide scale 
due to variations in crack propagation that would follow along the path of least resistance [308], and 
the volume of oxide spallation that takes place as the indenter is drawn across the oxide. For instance, 
some regions of the oxide may have undergone a slightly higher severity of oxide spallation due to 
pre-existing defects such as microcracks that may have propagated in directions that would be more 
(a) (b) (c) 
50 µm 50 µm 50 µm 
Chipping damage 
Adhesive failure 
of the oxide scale.  
Galling wear.  
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susceptible to oxide spallation during scratch testing, or regions of oxide that had already spalled 
following hydrothermal oxidation at 360oC for 3 days. This may explain why oxide scales for the 
A_TPN_2hr and A_TPN_3hr samples exhibited different crack behaviour and frequency (as identified 
from optical micrographs) under the same load which is reflected in the Tangential Force curves (FT) 
obtained for the A_TPN_2hr and A_TPN_3hr samples. As the Normal Force is further increased (for 
the A_TPN_3hr sample), the critical load at which complete spallation at LC3 occurred was determined 
to be 22.5 N at a Penetration Depth of 27 μm. This could possibly be the HCP α-Zr substrate, since this 
is beyond the region of the nitrogen diffusion zone (thickness of ~23 μm from Figure 3.14) and the 
optical micrograph in Figure 4.12(c) shows galling wear which as mentioned earlier typically occurs as 
a result of friction between the Zr metal in sliding contact with the stylus resulting in material transfer 
from the from the former to the latter. 
 
4.4.3 Scratch Adhesion Profiles of Hydrothermally Oxidised 4h TPN-treated Zr Samples 
(A_TPN_4hr) 
 
The scratch test loading profiles of the A_TPN_4hr sample and associated optical micrographs are 
presented in Figure 4.13. The graph shows that cohesive failure occurred at a critical load (LC1) of 14.0 
N which was observed (from optical micrograph in Figure. 4.13(a)), identified as the onset of chipping 
damage on the sides of the scratch track and the presence of tensile cracks leading up to LC1. As the 
load was progressively increased, the frequency of tensile cracks along the scratch track also 
increased, which is consistent with observations of the A_TPN_2hr and A_TPN_3hr samples, and this 
was shown by an increase in AE signals (Figure. 4.13(d) indicating increased cracking behaviour).  
Crack propagation increases through the oxide scale as the stylus is drawn across the surface (with 
increasing normal force) leading to more severe tensile cracks (Figure. 4.13(b)) and spallation of the 
oxide scale. The critical load (LC2) at which adhesive failure occurred was determined to be 27.0 N at a 
Penetration Depth of ~15 μm. The extensive damage and ploughing of the oxide as well as microcracks 
along the scratch track observed from optical micrographs is indicative that the oxide scales are brittle 
and porous. It is interesting to note that the oxide scale in Figure. 4.13(b) at the sides of the scratch 
appears blurred. This is likely due to the oxide in this region had spalled from the extensive chipping 
damage resulting in oxide ‘craters’ which makes it difficult to resolve using optical microscopy due to 
the differences in the depth of field.  
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Figure 4.13: Scratch test for the A_TPN_4hr show optical micrographs of (a) cohesive failure; (b) 
adhesive failure (c) complete spallation of the oxide scale and (d) loading profiles at the points at 
which LC1, LC2 and LC3 failure modes occur, identified using a combination of Tangential Force (FT), 
Acoustic Emission (AE) and Penetration Depth (Pd) data. 
Table 4.3: Summary of the critical load values for the hydrothermally oxidised 2 hr, 3 hr and 4 hr TPN 
diffusion-treated Zr samples. 
Sample LC1 (N) LC2 (N) LC3 (N) 
A_TPN_2hr 11.5 16.4 18.3 
A_TPN_3hr 12.4 17.5 22.5 
A_TPN_4hr 14.0 27.0 28.0 
50 µm 50 µm 50 µm 
(a) (b) (c) Adhesive failure 
of the oxide scale.  
Galling wear.  
Chipping damage 
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The critical load (LC3) at which complete spallation of the oxide scale occurred was determined to be 
28.0 N at a Penetration Depth of about 35 μm, before the HCP α-Zr substrate was completely exposed 
(Figure 4.13(c)). For all three failure modes, the A_TPN_4hr oxide scale was seen to exhibit a higher 
load-bearing capacity before failure compared to the A_TPN_2hr and A_TPN_3hr samples (Table 4.3), 
despite the TPN-treated Zr samples being subjected to the same hydrothermal test conditions - 
forming similar oxide thicknesses of about 10 ± 0.5 μm (Figure 4.3(a)). The Tangential Force curves (FT) 
resulted in slightly different patterns for all three treatment times. A plausible explanation for these 
findings as alluded to earlier is that, as the load is progressively increased, the brittle oxide scale 
promotes a build-up of material at the leading edge of the indenter resulting in spallation, and the 
spalled oxide at the front of the indenter is pressed beneath the tip giving an inaccurate impression 
that it is the adhered oxide layer, thus increasing the critical load to failure. This can occur at different 
regions along the scratch track depending on the volume of spalled material that is pulled beneath 
the Rockwell diamond scratch tip. 
 
4.5 Summary 
 
On the balance of evidence presented in this study, it was found that the hydrothermal oxidation (at 
360oC, 18.7 MPa for 3 days) of TPN-treated zirconium slightly improved the oxidation resistance 
compared to untreated pure zirconium. Since the oxide scale formed on the TPN-treated samples was 
measured (from cross-sectional SEM micrograph in Figure. 4.3(a)) to be 10 ± 0.5 μm and exhibited 
similar weight gain for all TPN-treated samples, it is likely that the thickness of the oxide scale and 
oxidation rate of the TPN-treated samples and the untreated pure Zr may have been higher than 
measured. The SEM micrographs also show the oxide scale to contain microcracks, which increase in 
severity with distance away from the oxide/metal interface. Taken together, this indicates that the 
oxide scale is likely to have undergone material loss due to spallation during hydrothermal oxidation. 
Although the TPN treatments did not significantly improve the oxidation resistance of zirconium when 
compared to untreated zirconium, it did not make it worse either.  
The hydrothermal oxidation of pure zirconium was found to offer poor oxidation resistance when 
compared to the oxidation performance of Zr alloys under similar conditions reported in the literature. 
This is because the elements that form intermetallic precipitates such as tin, iron and chromium in 
zirconium alloys play an important role in controlling and reducing the oxidation rate [42]. The low 
oxidation rate offered by intermetallic precipitates results in a pore-free, dense, stressed and 
elastically constrained oxide scale [292] that is durable during the early stages of oxidation of Zr alloys, 
and serves to protect the metal. However, this precipitation hardening mechanism which is absent in 
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pure zirconium results in thicker oxide scales that exhibits diminishing compressive stress (with 
thickness); volume expansion (of the oxide scale) and microcracking in the oxide scale which is non-
protective. 
The GAXRD patterns and Raman spectroscopic results (of the hydrothermally oxidised TPN-treated Zr 
samples) presented in this work showed that the highest volume fraction of the tetragonal phase is at 
the oxide/metal interface region. It has been widely reported in the literature that compressive stress 
is highest at this region and is responsible for the partial stability of this phase. As the oxidation process 
continues and the oxide scale grows thicker, the (metastable) tetragonal zirconia is no longer 
elastically constrained and is destabilised due to the diminishing compressive stress with distance 
away from the interface. The breakdown of the t-ZrO2 allows the transformation to the m-ZrO2 with 
an associated volume expansion of the oxide scale which was shown to be porous and brittle [87].  
During hydrothermal oxidation, the ZrN compound layer is entirely consumed and as the oxide grows 
into the nitrogen-containing diffusion zone, the interstitial nitrogen is replaced by the oxygen from 
the dissociation of water. Oxygen interstitially diffuses at vacancy sites and causes the lattice of the 
bulk substrate to expand [192] which was deduced from XRD peaks showing a peak shift to lower 
angles of 2θ for the m-ZrO2 phase. The evidence presented suggests that the nitrogen diffusion zone 
provides a sustained resistance to oxygen ingress whereby the nitrogen in the interstitial sites 
suppresses oxygen migration into the diffusion zone as quickly as it otherwise might. This is a 
promising finding that allows surface treatment strategies to be developed for improved oxidation 
resistance. Scratch adhesion loading profiles and associated micrographs of the oxide scale formed on 
TPN-treated Zr samples revealed extensive chipping damage and tensile cracking along the scratch 
track indicating that the oxide layer is brittle which supports the findings from SEM micrographs of 
the surface and cross-section of the oxide scale.   
On the balance of evidence presented in this study, it can be deduced that the monoclinic polymorph 
of the zirconia does not offer suitable oxidation resistance, necessary for the stabilisation of the oxide 
layers formed in high pressure autoclave conditions and hence, unsuitable for reactor environments. 
One method to potentially increase the stability of the oxide would be to allow the oxide to form in 
the ‘natural’ oxidation process during high temperature conditions and incorporate a third element 
to stabilise the tetragonal or cubic zirconia phase over a wide range of temperatures as the oxide 
grows - thereby increasing oxidation resistance.  
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Chapter 5 – Sputter-deposited Zirconium-Magnesium Coatings 
5.1 Fabrication of Zr-Mg Coatings using Magnetron Sputtering  
 
Zr-Mg PVD coatings were produced using an unbalanced magnetron sputter PVD rig. The aim of this 
study was to determine to what extent magnesium and zirconium would be soluble in each other, in 
a Zr-Mg alloy coating. Details of the experimental setup are described in Chapter 2, Section 2.5. 
Magnesium and zirconium targets were used for sputtering because it was important to try to obtain 
a Zr-Mg alloy coating to promote the required coating oxidation behaviour. Following the discussion 
with regards to the benefit of stabilising the tetragonal zirconia phase over a wide temperature range 
(Chapter 1, Section 1.12); the Hume-Rothery rules for substitutional solid solution for Mg and Zr 
(Chapter 1, Section 1.13) and the growth of columnar structures following magnetron sputtering 
(Chapter 1, Section 1.14), the objective of this part of the study was to investigate whether adding 
magnesium (via substitutional diffusion) would be in solid solution with zirconium and whether this 
might induce a magnesium-stabilised tetragonal zirconia phase during oxidation.  
 
5.1.1 Targets with Applied 600W Power  
 
The first iteration of sputter deposition experiments was carried out with 600 W power supplied to 
both Zr and Mg targets. The stainless steel substrates (dimensions: 2 cm x 2 cm) were negatively biased 
with 150 V at a fixed working distance of 15 cm between targets and substrate holder (to which the 
substrates were mounted). The substrates were mounted at the top, middle and bottom of the 
substrate holder – see schematic in Chapter 2, Section 2.5, Figure 2.3 and the substrates were sputter 
co-deposited with magnesium and zirconium for a duration of 2 hours. Camera images of the coated 
substrates are presented in Figure 5.1. The region around the drilled holes (1.5 mm diameter) at the 
corner of each coated substrate exhibited discoloured lines which is where the fixtures were placed 
that held the substrate to the sample holder during sputter deposition. All the substrates showed they 
were partially coated, irrespective of their location on the substrate holder. Visual inspection of the 
coated sample in Figure 5.1(a) (that was located near the bottom of the substrate holder during 
sputter deposition) appears to show a ‘graded’ deposition. The associated SEM micrograph of the 
morphology appears to show grain-like features that are likely to be columns with a diameter of the 
order of about 1 μm. EDX analysis of one area of the graded region revealed a zirconium-rich elemental 
composition comprising of Zr, Mg and O in approximate concentrations of 88.2 at%, 7.8 at% and 4.0 
at% respectively. Figure 5.1(b) (which was fixed near the middle of the substrate holder during sputter 
deposition) showed about half of the substrate was coated. Figure 5.1(c) (which was fixed near the 
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top of the substrate holder during sputter deposition) showed majority of the substrate was coated. 
The associated SEM micrograph (for Figure. 5.1(c)) of the morphology appears to show grain-like 
features that are likely to be columns with a diameter of the order of about 1 μm which is similar to 
that of the Zr-rich graded-composition sample (Figure 5.1(a)). The EDX analysis for Figure 5.1(c) 
revealed a magnesium-rich elemental composition of the coating comprising of Mg, Zr and O in 
approximate concentrations of 89.5 at%, 8.6 at% and 1.9 at% for Mg, Zr and O respectively. The grains 
appear to be more well-defined for the coating with high Mg content (Figure 5.1(c)) compared to the 
coating with high Zr content (Figure 5.1(a)). A possible explanation for why the substrates were not 
fully coated might be due to re-sputtering effects whereby high substrate bias results in higher energy 
ions bombarding the target which leads to higher energy atoms being sputtered. This could lead to 
the re-sputtering of coated regions leading to coating non-uniformity that can be seen in the camera 
images.   
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Figure 5.1: Camera images of sputter co-deposited Zr-Mg coatings on stainless steel substrates (2cm 
x 2cm) carried out at 600 W at target-substrate distance of 15 cm and negative substrate bias 
voltage of 150 V which show (a): graded deposition; (b) mostly coated and (c) partial coating of the 
substrates. SEM micrographs shows the morphology and EDX spectra shows Zr-rich and Mg-rich 
regions in Figure 5.1(a) and (c) respectively. 
One possible method to obtain full coating coverage might be to increase the applied substrate 
negative bias which could likely result in an increase in the bombardment intensity of coating atoms 
(from the target) onto the substrate. But a higher potential difference would result in a similar flux of 
zirconium and magnesium atoms arriving at the substrate with a higher kinetic energy. This may have 
the negative effect of increasing the re-sputtering of the coating at the sample edges, leading to poor 
Coated regions. 
Uncoated 
substrate. 
Graded deposition. (a) (b) (c) 
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thickness uniformity – as was previously observed from the images in Figure 5.1(a), (b) and (c). Thus, 
the substrate negative bias was kept constant at 150 V for the following sputter deposition run.  
In the next sputter deposition run, both zirconium and stainless steel substrates (dimensions: 2 cm x 
2 cm) were used and positioned on the sample holder in the same configuration mentioned previously 
(i.e. zirconium and stainless steel substrates (one of each) near the top, middle and bottom of the 
substrate holder). Sputter cleaning of the substrate was carried out for 10 minutes. The substrate 
negative bias was kept constant at 150 V but the power supplied to both the Zr and Mg target 
segments was increased to 700 W and the coating deposition was carried out for a duration of 2 hours. 
Following deposition, a cooling period of 5 minutes was awaited before the chamber door was 
opened. The camera image of the sputter co-deposited Zr-Mg coating on Zr substrate is presented in 
Figure 5.2. It was apparent that some regions of the coating had undergone severe spallation after the 
samples were taken out of the deposition chamber. Visual observation of some regions of the coating 
(Figure 5.2) could be seen to have ruptured - leading to the rapid debonding, flaking and the eventual 
delamination of the coating revealing the polished substrate underneath. One reason for this might 
be due to the high levels of compressive growth stress in the coating that may be amplified by 
differential thermal contraction upon cooling. The curvature of the partially spalled coating flakes is 
also indicative of high levels of stress in the coating. However, there is also the suggestion of 
insufficient sputter cleaning prior to coating deposition - and/or cross contamination of remaining 
oxygen-rich material re-sputtered from the target surfaces in the early stages of the coating run 
(shown in Figure 2.3) - creating a thin, brittle interlayer (between the substrate and the co-deposited 
coating). This could result in poor coating/substrate interfacial adhesion leading to rupture, spallation 
and delamination of the coating from the substrate.  
 
Figure 5.2: Camera image showing spallation of the Zr-Mg coating on zirconium substrate when the 
sample was taken out of the deposition chamber following 5 min cooling time. 
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Further sputter deposition runs were carried out with an applied power to the target of 700 W, 
substrate bias of -150 V and a target-substrate distance of 15 cm. Both the zirconium and stainless 
steel substrates (dimensions: 2 cm x 2 cm) were positioned on the sample holder in the configuration 
shown in the schematic in Figure 5.3 below. Sputter cleaning of the substrates was increased to 25 
minutes and the coating duration was increased to 3 hours with the cooling time extended to 1 hour, 
prior to being taken out of the deposition chamber. The approximate magnesium concentration for 
each of the samples were determined from EDX analysis of the coated surface and is also shown in 
the schematic relative to the position on the sample holder. Time limitations meant that only 2 
samples could be analysed. These were the coatings containing: (i) 25 at% magnesium, 70 at% Zr and 
5 at% oxygen – referred to as Zr-rich coatings and (ii) 53 at% magnesium, 35 at% Zr and 12 at% oxygen 
– referred to as Mg-rich coatings (the positions of these samples on the substrate holder is shown in 
the schematic in Figure 5.3). The camera images of the two of the Zr-rich and Mg-rich sputter co-
deposited samples are presented in Figure 5.4. 
 
Figure 5.3: Schematic of the configuration of substrates on the substrate holder during sputter 
deposition at 700 W target power, 3 hours coating duration and one hour cooling time, along with 
approximate EDX elemental compositions. The Zr-rich (Mg: 25 at%) and Mg-rich (Mg: 53 at%) 
samples were taken forward for SEM analysis. 
15 cm 
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Table 5.1: EDX elemental composition of the sputter co-deposited Zr-Mg samples. The Zr-rich (Mg: 
25 at%) and Mg-rich (Mg: 53 at%) samples highlighted in grey were taken forward for detailed 
characterisation. 
Mg Concentration 
(at%) 
Zr Concentration 
(at%) 
Oxygen Concentration 
(at%)  
8 88 4 
10 87 3 
15 79 6 
25 70 5 
35 58 7 
45 47 8 
53 35 12 
56 34 10 
60 26 14 
 
The Zr-rich sample in Figure 5.4(a) was located near the bottom half of the sample holder (opposite 
the zirconium target segments) and the Mg-rich sample in Figure 5.4(b) was located near the top half 
of the sample holder (opposite the magnesium target segment). The dark-grey regions at one of the 
corners of each sample is where the fixtures were placed that held the substrate to the sample holder 
during sputter deposition as mentioned previously. The sputter deposition run was successful in that 
a full coating coverage of the sample was achieved compared to previous deposition runs (see Figures 
5.1 and 5.2). What is also apparent is the distinct colour differences of the coatings following sputter 
deposition. The coated substrate in Figure 5.4(a) exhibited a dark-grey colour whilst Figure 5.4(b) 
exhibited a light-grey/whitish complexion. Visual inspection of the coated substrates revealed that 
there were no obvious signs of coating spallation, surface debris or foreign artefacts on the coated 
surface. 
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Figure 5.4: Camera images of the sputter co-deposited Zr-Mg coatings on Zr substrates that were 
located on (a) lower half and (b) top half of the substrate holder (shown in the schematic 
configuration in Figure 5.3). The differences in the surface colour is likely to be due to the 
differences in Mg and Zr concentrations in the coating. 
5.1.2 SEM/EDX Spectroscopy Analysis of Zr-Mg Coatings  
 
SEM analysis of the Zr-rich sample was carried out and presented in Figure 5.5. The SEM micrograph 
of the surface in Figure 5.5(a) shows irregularly-shaped grain-like features giving a faceted 
appearance. According to the Structure Zone Model described earlier in Chapter 1, Section 1.14, 
Figure 1.15, the faceted morphology is consistent with Zone 2. This is indicative of the columnar 
structure of the coating, which evolves as a result mostly of the line-of-sight deposition (shadowing 
effects). In Zone 2, surface diffusion is the dominant process during film growth leading to the 
formation of wider columns and well defined grain boundaries compared to Zone 1 or Zone T. 
Interestingly, the diameter of the columnar grains ranged from a few microns to about 15 μm which 
suggests competitive grain growth during film formation. Messier et al [232] proposed a revised 
structure zone model whereby the microstructure and nanostructure of germanium coatings (with  𝑇ℎ 
reported to be ~0.5) were investigated using TEM. The author reported column diameters of thick 
coatings (10 to 30 μm) to be of the order of hundreds of nanometers. Given that the 𝑇ℎ for Mg-
containing coating on Zr substrate was calculated to be 0.54 (Chapter 1, Section 1.14), it is likely that 
the actual column diameters are hundreds of nanometers in width. As a point for future work, it would 
be useful to perform cross-sectional TEM analysis to determine the columnar diameter of the coating. 
EDX analysis of the coated surface carried out previously and shown in Figure 5.5(b) confirmed a 
zirconium-rich coating which comprised approximately 70 at% - zirconium, 25 at% - magnesium and 5 
at% - oxygen (summarised in Table 5.1). The high zirconium content detected in the coating in Figure 
(b)  (a) 
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5.5(b) could be explained by considering the position of the substrates on the substrate holder. In this 
case, the substrates were positioned near the bottom half of the substrate holder (opposite the two 
Zr target segments). During the deposition run, a higher concentration of sputtered zirconium atoms 
were deposited on the substrates resulting in a Zr-rich coating, compared to sputtered magnesium 
atoms (where the Mg target segment is located above the Zr target segments (see Figure 5.3 for 
schematic configuration of setup). The low oxygen content detected in the coating (from EDX 
spectroscopy) may have initially formed on the magnesium or zirconium target segments (and cross-
contaminated some regions of the zirconium target segments) from residual oxygen in the chamber 
during the sputter deposition run. The oxygen may well have sputtered off the target segments, 
together with the zirconium and magnesium atoms, which were then incorporated in the coating and 
may form an oxide if there is sufficient quantities of oxygen in the coating.  
 
 
 
 
 
 
 
 
Figure 5.5: (a) SEM surface morphology of the Zr-rich sample shows column sizes ranged from 2 μm 
to about 15 μm in diameter and (b) EDX spectrum of the coated surface revealed a zirconium-rich 
coating (Mg content 25 at%). 
SEM analysis of the Mg-rich sample was carried out and presented in Figure 5.6. EDX analysis of the 
coated surface carried out previously and shown in Figure 5.6(b) confirmed the coating was 
magnesium-rich comprising approximately: 53 at% - magnesium, 35 at% - zirconium and 12 at% - 
oxygen (summarised in Table 5.1). The SEM micrograph of the surface morphology in Figure 5.6(a) 
shows a faceted microstructure similar in appearance to that of the Zr-rich coating. Again, according 
to the Structure Zone Model described earlier in Chapter 1, Section 1.14, Figure 1.15, the faceted 
morphology and the well-defined grain boundaries are consistent with Zone 2 whereby surface 
diffusion effects dominate film formation. The morphology is also indicative of a columnar structure 
(a) (b) 
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whereby the column widths could be seen ranging from 2 μm to about 12 μm in diameter. This is likely 
because of competitive grain growth. Another factor that is likely to affect the smaller diameter 
coating columns observed for the Mg-rich coating is the higher 𝑇ℎ value for Mg (0.54) compared to Zr 
(0.23) (calculated in Chapter 1, Section 1.14) which suggests a higher surface diffusivity of Mg adatoms 
during film growth. The columnar structure appears to be more pronounced and protruded compared 
to the Zr-rich coating which could arise from shadowing effects [169]. As mentioned previously, the 
actual column diameters may well be hundreds of nanometers, but this would require further 
investigation at higher magnification using SEM or possibly TEM analysis.  
On closer inspection of the SEM micrograph in Figure 5.6(a), it can be seen that the surface 
morphology Mg-rich coating appears to be more porous (between columns) than that of the Zr-rich 
coating in Figure 5.5(a). This might be because of a combination of high nucleation and growth rates 
that will tend to promote an open columnar structure (with inter-columnar voids) – and the presence 
of more inter-columnar (porous) volume in the Mg-rich coating (due to its higher number of smaller 
diameter columns) is likely a natural consequence of the (comparatively) higher nucleation rate for 
the Mg-rich coating. Luthier and Levy [309] reported performed SEM and TEM analysis to investigate 
the microstructure and nanostructure of magnetron sputtered TiAlON coatings. The author showed 
that the microcolumns (column diameter greater than 1 μm) were separated by voided regions of 
about 0.1 μm. This was attributed to the low adatom mobility (𝑇ℎ <0.5) of the sputtered atoms on the 
substrate surface that produced intercolumnar porosity. 
The high magnesium content detected in the coating from the EDX spectrum in Figure 5.6(b) could be 
explained by considering the sputtering yield23 of both magnesium and zirconium. The sputtering yield 
for magnesium is 1.4 whereas for zirconium this is 0.7. This means that an energetic argon ion arriving 
and bombarding the magnesium target will result in more Mg atoms being sputtered (roughly double) 
compared to Zr atoms (from the Zr target segments) at a given argon ion energy. Hence, a greater 
concentration of sputtered magnesium atoms were sputtered onto the zirconium and steel substrates 
that are positioned near the top of the sample holder (opposite the Mg target segment) compared to 
the substrate positioned near the bottom of the sample holder (opposite the two Zr target segments) 
where a greater concentration of sputtered Zr atoms were deposited onto the substrates resulting in 
a Zr-rich coating seen in Figure 5.5. The EDX spectrum in Figure 5.6(b) also shows the oxygen content 
detected in the Mg-rich coating (Mg: 53 at%) was higher (12 at%) compared to the oxygen content of 
5 at% detected for the Zr-rich (Mg: 25 at%) coating for similar reasons described previously whereby 
 
23 Sputtering yield refers to the number of atoms ejected from a target with respect to momentum transfer 
per argon ion bombarding the target. 
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oxygen contamination from the target segments (arising from residual gases in the chamber) may 
have been sputtered onto the substrate and incorporated into the growing coating during deposition.  
 
 
 
 
 
 
 
 
Figure 5.6: (a) SEM surface morphology shows column sizes ranged from 2 μm to about 12 μm in 
diameter and (b) EDX spectrum of the coated surface revealed a magnesium-rich coating (Mg 
content 53 at%). 
Cross-sectional SEM analysis of the Zr-rich (Mg: 25 at%) and Mg-rich (Mg: 53 at%) samples was 
performed to determine the thickness of the coatings following sputter co-deposition and the 
micrographs are presented in Figure 5.7. This was carried out in back-scattered electron (BSE) mode 
because the features in the coating and the contrast between the coating and the substrate could be 
easily distinguished. The thickness was measured from five locations along the coating and the 
average was taken. Figure 5.7(a) shows that the average thickness of the Zr-rich coating (Mg: 25 at%) 
was measured to be 25.2 ± 0.5 μm. The coating thickness was found to be uniform and appeared to 
be dense along the length of the coating. Figure 5.7(b) shows that the average thickness of the Mg-
rich coating (Mg: 53 at%) was measured to be 26.5 ± 0.5 μm which is not too dissimilar to the thickness 
of the Zr-rich coating and was also found to be uniform and dense along the length of the coating 
(parallel to the substrate).  
 
(a) (b) 
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Figure 5.7: Cross-sectional SEM micrographs of the coatings in BSE mode of (a) Zr-rich (25 at%) and 
(b) Mg-rich  (53 at%) samples revealed coating thicknesses of 25.2 μm and 26.5 μm respectively. 
The surface of the Mg-rich coating (Mg: 53 at%) (coating/bakelite interface region) in Figure 5.7(b) can 
be seen to show evidence of coating spallation whereas this was seen to a lesser extent for the Zr-rich 
coating (Mg: 25 at%). Evidence of microcracks could also be seen to extend from the substrate/coating 
interface to the outer surface region where spallation of the coating was observed. Furthermore, the 
SEM micrograph shown in Figure 5.8 of one of the regions of the Mg-rich coating surface exhibited 
microcracks, and crack propagation could be seen to extend tens of microns mainly along the edges 
of the columns (where they appear to have coalesced) but also across columns. However, microcracks 
on the Zr-rich coating surface was not seen. This may be because the inclusion of magnesium at high 
concentrations such as in the Mg-rich coating could result in the coating being highly stressed. The 
difference in the co-efficient of thermal expansion (CTE) of the zirconium (5.7-7.0x10-6 K-1) and 
magnesium (25-26 x 10-6 K-1) elements that form part of the coating [310] could also mean that at a 
sufficiently high magnesium concentration (such as the Mg-rich sample), the coating suffers tensile 
25.2 μm 
Zirconium substrate  
Bakelite mount  (a) 
26.5 μm 
Zirconium substrate  
Spallation of coating  Bakelite mount  
Microcracks  
(b) 
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cracking on cooling (due to the CTE mismatch) which is manifested as microcracks in the coating which 
can lead to coating spallation.  
 
Figure 5.8: SEM micrograph of the magnesium-rich coating (Mg content 53 at%) show microcracks 
on the surface. 
 
5.1.3 Glancing-Angle XRD Analysis of the Sputter Co-deposited Coatings  
 
The GAXRD patterns of the sputter co-deposited Zr-Mg coatings on stainless steel substrates with 
magnesium concentrations that ranged from 8 at% to 60 at% (summarised in Table 5.1) are presented 
in Figure 5.9. GAXRD experiments were performed on sputter co-deposited coatings on stainless-steel 
substrates (rather than pure zirconium substrates) to avoid the potentially confounding influence of 
zirconium lattice reflections (from the underlying Zr substrate) on the diffraction patterns obtained. 
This was performed using a Philips X’Pert3 (Panalytical) diffractometer (CuKα radiation) operated in 
glancing-angle configuration (Seeman-Bohlin geometry) at an incident angle of 4o with a step size of 
0.02 and a time step of 5 seconds in the 25o to 80o range of 2θ. 
For the Zr-Mg coating containing 8 at% Mg content, a broad raised profile was observed over a 2θ 
range of 30-35o, followed by a broad peak at a 2θ angle of 35.4o. The GAXRD trace also shows a shift 
to lower angles of 2θ indicating an expansion of lattice parameters [311] and shows that the broad 
peak could be attributable either to Zr or Mg due to the close proximity of the peaks in the (011) 
reflection for both. This is likely due to a combination of Mg and Zr being in substitutional solid solution 
with each other and the development of compressive stress in the coating. On closer inspection of the 
Mg: 8 at% GAXRD trace in Figure 5.9, the MgO phase at a 2θ angle of 37.0o appears to be in close 
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proximity to the Zr and Mg phases (in the (011) reflection). The primary lattice peak for MgO is in the 
(002) reflection at a 2θ angle of 43.3o as shown in Figure 5.11. However, the MgO peak at a 2θ angle 
of 37.0o which is in the (111) reflection has a much smaller peak intensity and therefore can be 
discounted as a candidate phase.  
Another phase which was analysed as a candidate phase which might be attributable to the broad 
peak was zirconium oxide. This was a consideration because of (a) possibility of residual oxygen inside 
the chamber during deposition and (b) the process temperature inside the vacuum chamber is about 
225oC [224] at the substrate holder which may create the conditions for oxide formation, if sufficient 
quantity of oxygen is present. As was established in Chapter 1, Section 1.8.1, the most likely polymorph 
of zirconia to form under the process temperatures used during deposition was the monoclinic 
zirconia phase which is stable from room temperature up to 1170oC. But no other m-ZrO2 peaks were 
identified that could be attributable to the peaks of the GAXRD trace of the Mg: 8 at% coated sample. 
Thus, it is unlikely that the 2θ peak position of ~36.5o could be attributable to m-ZrO2.  
Lawal et al [224] produced aluminium-based (Al-Ni-Ti-Si-B) coatings using magnetron sputter 
deposition on stainless steel substrates at low pressure (0.3 Pa) and presented GAXRD patterns that 
showed a raised broad peak in the 35o < 2θ < 55o range. The author reported difficulty in indexing the 
broad XRD peak which could be populated by many of the reflections attributable to the metallic 
phases of the aluminium-based coating. The broad peak which initially may have been thought of as 
the formation of an amorphous structure was concluded to be an ultrafine nanocrystalline Al3Ni 
intermetallic phase following TEM analysis.  
To the best of my knowledge, literature investigating intermetallic phase formation resulting from the 
mixing of Zr and Mg is scarce. One of the beneficial effects of zirconium inclusion in magnesium alloys 
is that it acts as a grain refiner [223]. The addition of small amounts of zirconium (0.4-0.8 wt%) to Mg-
based alloys such as Mg-Zr-RE24 have been reported to reduce the as-cast grain size of the Mg alloy by 
at least two orders of magnitude compared to without Zr addition [312] - producing a near equiaxed 
and more uniform microstructure and thereby improving the mechanical properties of the alloy. It 
does this by bonding with the Rare Earth element to form intermetallic precipitates. Reducing the 
grain size decreases the amount of possible ‘pile up’ of dislocations at the grain boundaries – thus a 
higher stress is necessary to move dislocations across grain boundaries resulting in a higher yield 
strength of the alloy. The intermetallic precipitates formed create stress fields within the alloys and 
creates a physical blockade through which dislocations cannot pass. Therefore, dislocations require 
greater energy or greater stress to be applied to overcome the energetic barrier for diffusion across 
 
24 RE is a Rare Earth element.  
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the boundary. This precipitation strengthening mechanism increases the overall yield strength of the 
alloy. In this study, combining Zr and Mg might lead them to want to form an intermetallic phase 
possibly in the form of ZrMg2 precipitates [223]. But the low sputter deposition temperature of (225oC) 
prevents this from happening and there do not seem to be any peaks in the GAXRD data that would 
clearly indicate that an intermetallic phase had formed. The formation of an intermetallic phase 
cannot be completely discounted as the precipitates may either be very small or sparsely distributed 
in the coating. However, if intermetallic compounds were trying to form (but unable to do so), this 
might lead to stresses in the coating that would change the HCP lattice parameters and result in the 
shift to lower angles of 2θ seen in the GAXRD patterns. TEM and XPS techniques could be used to 
provide more evidence and is noted as a recommendation for future work. Due to technical issues 
surrounding the TEM machine resulting in significant downtime, TEM analysis could not be carried out 
for the Zr-Mg coatings produced in this study but would be useful to further investigate the potential 
reasons for why a broad raised profile was seen for the Mg 8 at% sample in this case.  
It can be seen from the Mg: 8 at% GAXRD pattern that the close proximity of the Mg and Zr peaks in 
the (010), (011), (012) and (112) reflections mean that either of these phases could serve as potential 
candidates attributable to these peaks as they are almost indistinguishable and this makes it 
challenging to conclusively determine whether the peak is Mg or Zr – particularly as the peaks are 
broad. The main peak in the (011) reflection can be seen to be shifted to lower angles of 2θ by about 
2.1o, and a shift to lower angles of 2θ was identified for the (110) and (112) peaks indicating an 
increase in lattice parameters.  
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Figure 5.9: GAXRD pattern of the sputter-deposited Zr-Mg coating on stainless-steel substrates. The 
patterns are compared to peak positions found in literature: Mg [213], Zr [195], MgO [313] and m-
ZrO2 [56].  
The GAXRD pattern for the Mg: 10 at% sample also exhibited broad peaks, majority of which were 
attributable to either the Mg or Zr phases. The peaks did not exhibit a raised broad profile and could 
be seen to be sharper and more defined compared to the Mg 8 at% sample, whereby some of the 
peaks could be indexed to the Mg phase in the (002) and (013) reflections. The Zr (011) reflection 
could again be seen to shift to lower angles of 2θ but to a lesser extent (by 0.5o 2θ) compared to the 
Mg: 8 at% sample. As before, the broad peaks obtained for the Mg: 10 at% GAXRD pattern were 
difficult to definitively index to Mg and Zr phase - especially in the (011), (012) and (112) reflections 
due to the close proximity of these peak positions for the Mg and Zr phases on the 2θ scale. However, 
if there were separate Zr and Mg phases, there would be evidence of ‘peak-splitting’ which would 
indicate phase separation. For instance, in the (002) or (013) reflections - seen more clearly in Figure 
5.10, there is a noticeable difference in the 2θ angle between Mg and Zr, so if there was phase 
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separation, there would have been two peaks – one indexed to Zr and the other to the Mg phase. 
However, the GAXRD pattern for the Mg: 10 at% sample did not show any evidence of ‘peak-splitting’ 
that would indicate phase separation. 
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Figure 5.10: XRD reference patterns of Zr [195] and Mg [213] Phases show slight differences in the 
peak positions for some of the peaks such as the (002) and (013). If there was evidence of peak-
splitting (in Figure 5.9), separate peaks would have been exhibited which might been indexed to Zr 
or Mg phases indicating phase separation. However, this was not seen from the GAXRD patterns in 
Figure 5.9. 
Thus, it is not clear using the GAXRD patterns alone to determine which phase these broad peaks are 
attributed to, which could indicate solid solution of Mg and Zr with each other. However, one potential 
route to help identify reflections that may be either be Mg or Zr phases (or a solid solution of both) 
would be to conduct electron microscopic analysis i.e. EBSD, or FIB with TEM. This would enable the 
determination of lattice parameters which could then be compared to lattice parameters of Mg or Zr 
reported in the literature.  
Interestingly, MgO peak was identified at a 2θ angle of 43.3o in the (002) reflection for the Mg: 10 at% 
sample. As mentioned previously during SEM/EDX analysis of the Mg: 25 at% sample, low oxygen 
content was detected in the Zr-Mg coatings (but MgO or m-ZrO2 peaks were not detected for this 
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GAXRD pattern – possibly because of the low oxygen content of 5 at% in the coating). Following 
sputtering, a black loosely-adherent powder (which could be magnesium oxide) formed on the Mg 
target segment with a surface coverage of about 20% and was also observed on the Zr targets. But it 
is unlikely that MgO (which is a compound) would be re-sputtered onto the zirconium or stainless 
steel substrates since sputter deposition is an atomistic process. It is possible however, that residual 
oxygen in the deposition chamber may have initially formed on the magnesium and zirconium target 
segments during the sputter deposition run which may well have sputtered off the target segments, 
together with the zirconium and magnesium atoms, which were then incorporated in the coating and 
from the GAXRD pattern of the Mg: 10 at% sample, the peak at a 2θ angle of 43.3o in the (002) 
reflection suggests MgO may have formed. For the Mg: 56 at% sample, where oxygen content of 10 
at% was detected from EDX analysis, a small peak in the (002) reflection indexed to MgO could be 
seen. It is likely that the peak at 2θ angle of 43.3o is the MgO phase because this is the primary MgO 
reflection (that has the highest peak intensity) in the reference MgO pattern [313] which is presented 
in Figure 5.11.  
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Figure 5.11: MgO peak reflections. 
   
The Mg: 15 at.% GAXRD pattern shows that the peak intensity in the (002) reflection at a 2θ angle of 
34.3o to be almost negligible in this pattern whereas the peak intensity is high or forms the dominant 
peak in other GAXRD patterns at the same reflection. The GAXRD trace for the Mg: 15 at% sample 
shows similar broad peaks to that of the GAXRD traces of the Mg: 8 at% and Mg: 10 at% samples, 
whereby the (010), (011), (110) and (112) reflections could be attributable to either the Zr or Mg 
phase. The (010) reflection at a 2θ angle of 31.9o shows this peak to have the highest intensity for the 
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Mg: 15 at% pattern, but at higher Mg concentrations (see Figure 5.9), this peak appears to be of low 
intensity or negligible. The limited available literature on sputter co-deposition of Mg-containing 
coatings do not provide a clear answer for this disparity. It would be worth repeating this set of 
experiments several times to confirm this finding. Unfortunately, technical issues and breakdown of 
the Nordiko PVD rig meant that the coating deposition runs could not be repeated at the time. The 
peaks were seen to be broad and shifted to lower angles of 2θ (similar to the previous GAXRD traces) 
which would indicate an increase in lattice parameters high levels of compressive stress in the 
coatings. As before, no evidence of ‘peak-splitting’ was identified where Zr and Mg peaks may be 
distinguishable such as at the (002), (110), (013) or (021) reflections which would otherwise indicate 
phase separation.   
The GAXRD pattern for the Mg: 25 at% sample exhibited slightly narrower peaks compared to the 
previous Mg: 8 at.%, Mg: 10 at% and 15 at% GAXRD patterns. The peaks show a shift to lower angles 
of 2θ and the peaks in the (002), (011), (012) and (112) reflections can be seen to be broad enough to 
accommodate both the Zr and Mg peaks (similar to the previous GAXRD traces) due to the close 
proximity of the Zr and Mg phases to the peaks seen in the GAXRD pattern. The GAXRD pattern shows 
that magnesium inclusion at 25 at% shows no evidence of unmixing into separate phases. The GAXRD 
pattern for the Mg: 35 at% sample shows a very similar pattern to the Mg: 25 at% trace in terms of 
peak positions and the same shift to lower angles of 2θ could be seen especially for the (011) and 
(012) reflections. Interestingly, the GAXRD pattern for the Mg: 45 at% sample shows an increase in 
the intensity of the peak in the (011) reflection which appears to exhibit identical intensity to the (002) 
reflection at a 2θ angle of 34.3o – possibly due to the increase in magnesium content in the coating. 
Again, the peaks were seen to be broad could accommodate both the Zr and Mg phases in the (010), 
(011), (012), (013) and (112) reflections – supporting the view that magnesium and zirconium could 
be in substitutional solid solution with each other. 
These findings are interesting because magnesium and zirconium do not typically co-exist (i.e. as an 
alloy) as the GAXRD data for the magnesium-containing zirconium coatings appears to suggest. A 
possible explanation for this might be derived when considering the Hume-Rothery rules for 
substitutional solid solution (see Chapter 1, Section 1.13 for details). Both magnesium and zirconium 
adopt a HCP crystal structure and have similar outer electron orbital configurations and therefore 
inherently quite compatible. The electronegativity of both Mg and Zr are 1.31 and 1.33 [227] 
respectively which means electrons will be more equally shared. Both magnesium and zirconium also 
have fairly similar atomic sizes – 150 picometers and 155 picometers [314] respectively, and partly as 
a consequence of this, their HCP crystal lattice parameters are also quite similar (as XRD ICDD cards 
confirm), thus, they are ‘dimensionally’ compatible having a favourable atomic size factor of 3.2% 
168 
 
which is within the 15% limit for solid solubility. It is recognised however, that since the atomic size of 
Mg and Zr are very similar, the shift to lower angles of 2θ (seen from the GAXRD patterns) is likely due 
to a combination of Mg and Zr being in substitutional solid solution with each other and the 
development of compressive stress in the coating due to increased Mg inclusion in the Zr-Mg coating. 
However, magnesium is in Group II with a valency of 2 and zirconium is a transition metal in Group IV 
with a valency of 4. As the differences between the solute and solvent atoms become more unequal, 
solid solutions become more restricted and there is a greater tendency to form intermetallic 
compounds. Therefore, zirconium has an unfavourable valence for solid solution in magnesium. 
Another argument would be consider that the ionic radii of both Mg and Zr (150 pm and 155 pm 
respectively) relate to the Mg-Mg and Zr-Zr bonding of the pure elemental metals. Thus, mixing two 
elements of different valency may result in changes to the effective inter-atomic spacing (i.e. a shift 
to lower angles of 2θ suggests larger lattice parameters) possibly resulting in lower bond strength 
between Mg-Zr compared to Zr-Zr or Mg-Mg. It is not fully understood why this might be the case 
without conducting TEM investigations and XPS binding energy measurements. Since Zr is a transition 
metal (with partially-filled d-orbitals) and Mg is alkaline-earth metal, transition metals can adjust their 
d-orbital electron fill - and take up different valency in compounds (ie. Zr is not necessarily always 4+, 
whereas Mg is usually 2+). Therefore, if there are any adjustments are required, it could be due to the 
inclusion of Zr and the differences in the valency between these two elements might contribute to the 
build-up of compressive stress in the coating, but this would require further research. One method to 
measure compressive stress would be use the Sin2(ψ) method. This is performed by measuring the 
diffraction angle 2θ with different tilting angles ψ and generating a graph of 2θ as a function of Sin2(ψ) 
to determine the compressive stress [300].  
There is also the indication that magnesium and zirconium are possibly in solid solution with each 
other. In one example of (FCC) copper (Cu) and nickel (Ni) (as two elements with complete solid 
solution compatibility with each other across the entire composition range), their melting points (Tm) 
are different. Both Cu and Ni have are identical in atomic size (35 pm) [314]. Nickel has a much higher 
Tm of 1455oC compared to the Tm for copper of 1085oC [216]. Both Ni and Cu can therefore, co-exist in 
the liquid state since the boiling point (TB) of Cu is 2562oC which is much higher than the Tm of Ni. The 
key difference in the case of Mg and Zr is that the TB of Mg is 1090oC which is far below the Tm of Zr 
(1855oC [216]), so they cannot co-exist in the liquid state – and cannot therefore, be cast as an alloy. 
However, since sputter PVD permits direct conversion from solid, to (ionised) gas, to solid (avoiding 
the liquid state), it is possible to co-deposit atomistically, the two elements in solid solution with each 
other, whereby they might be expected to co-exist in the solid state. Furthermore, taking the example 
of Zr and Ti (transition metals in the same periodic table group, with similar electron configurations), 
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they are both HCP metals, with complete solid state solubility with each other [315] and (again) their 
melting points are different (1668 oC for titanium compared to 1855 oC [216]), but the difference is 
close enough for them to co-exist in the liquid state as well. However, their atom sizes are surprisingly 
different (Zr is about 11% bigger than Ti (155 pm compared to 140 pm respectively [216])), yet they 
are still structurally compatible. Thus, even if Mg and Zr were quite different in atom size, it probably 
would not have a big effect on their inherent solubility in each other, since their electronic structures 
are in any case compatible. 
In contrast to the previous GAXRD patterns, the GAXRD pattern for the Mg: 53 at% sample exhibited 
much narrower peaks. This enabled a few of the peaks to be indexed to either the Zr or Mg phase such 
as the peaks in the (002), (013) and (021) reflections, since the Zr and Mg peaks at these 2θ positions 
could be distinguished more easily. The highest peak intensity could be attributable to the Zr phase at 
a 2θ angle of 36.5o in the (011) reflection. The GAXRD pattern for the Mg: 56 at% sample showed 
similar pattern to the Mg: 53 at% sample with a noticeable increase in the (013) peak which could be 
attributable to the Mg phase. The increase in peak intensity of the (013) reflection suggests an 
increased number of grains oriented in this reflection which suggests an increased magnesium 
concentration in the coating. 
The GAXRD pattern of the Mg 60 at% content is interesting in that there are three main peaks that 
were identified from the pattern with the dominant peak being in the (002) reflection at a 2θ angle of 
34.3o which is attributable to the Mg phase. Similar to the Mg: 53 at% and Mg: 56 at% samples, the 
peak in the (002) reflection can be seen to be narrow indicating larger crystallite size compared to the 
Zr-rich coatings. The two other (much smaller) peaks – one which is attributable to the Zr phase in the 
direction of the (011) plane, and the other was attributable to the Mg phase in the direction of the 
(013) plane. It is interesting to note that the peaks in the direction of the (011) and (013) planes were 
much smaller for the Mg: 60 at% sample than for the Mg: 53 at% and Mg: 56 at% samples. The exact 
reason for this is not yet known and to the best of my knowledge, this has not been reported in the 
literature. Unfortunately, due to technical issues surrounding the Nordiko PVD rig, this set of coating 
deposition runs could not be repeated but it would be worth however, carrying out multiple repeats 
and then determine if similar GAXRD patterns are obtained.    
The average crystallite size (of magnesium and zirconium of the coating) was calculated for each of 
the GAXRD patterns using Scherrer’s equation (as was previously demonstrated in Chapter 4, Section 
4.2.2). Peak fitting of the diffraction patterns was performed manually using Origin software package 
and the background ‘noise’ was removed using a built-in linear model. The required parameters used 
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to calculate the average crystallite size are shown in Equation 4.4 and the results are presented in 
Table 5.2.  
Table 5.2: Average crystallite size determined from GAXRD patterns using Scherrer’s equation. 
 
Mg Concentration 
(at%) 
Crystallite Size D 
(nm) 
8 8.2 
10 8.3 
15 9.5 
25 9.8 
35 10.4 
45 10.7 
53 28.9 
56 29.3 
60 30.1 
  
The GAXRD patterns in Figure 5.9 show that as the magnesium content in the Zr-Mg coating was 
increased, the peak intensities exhibited narrower peak widths. For the GAXRD patterns showing 8 
at% to 45 at% magnesium concentration range, the average crystallite size increased from 8.2 nm to 
10.7 nm. However, for 53 at% to 60 at% magnesium concentration range, the peaks are noticeably 
narrower; and the average crystallite size increased from 28.9 nm to 30.1 nm. This is most likely 
occurring due to the much higher surface diffusivity of Mg compared to Zr resulting in competitive 
grain growth of smaller diameter columns (of hundreds of nanometers) during coating growth. 
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5.1.4 Nanoindentation Hardness of Zr-Mg Coatings  
 
Nanoindentation measurements were performed on the Zr-rich (Mg: 25 at%) and Mg-rich (Mg: 53 
at%) sputter co-deposited samples using a Hysitron Inc. TriboscopeTM equipped with a Berkovich 
triangular-pyramidal diamond indenter. A number of indents were carried out on the surface of the 
coated samples at a load of 4 mN with a 10 μm spacing between each indent. The hardness vs contact 
depth profiles of the Zr-rich and Mg-rich coatings are presented in Figure 5.12.  
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Figure 5.12: Hardness vs displacement graphs of (a) Zr-rich and (b) Mg-rich sputter-deposited 
coatings. 
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It can be seen from Figure. 5.12(a) that at a contact depth of 120 nm, the hardness value for the Zr-
rich coating is approximately 4.32 ± 0.10 GPa. This is slightly lower than the hardness obtained for 
pure untreated zirconium substrate of 4.40 ± 0.12 GPa determined in Chapter 3, Section 3.8.1. At the 
same contact depth of 120 nm, the hardness of the Mg-rich coating in Figure. 5.12(b) was determined 
to be significantly lower than the Zr-rich coating at 0.81 ± 0.09 GPa. This suggests that the inclusion of 
magnesium in the sputter co-deposited coatings influences the hardness properties of the Zr-Mg 
coating and shows that the hardness of the Zr-Mg coating system decreased with increased 
magnesium content. Furthermore, the SEM image of the surface of the Mg-rich coating in Figure 5.6(a) 
appears to show inter-columnar voids and the presence of more inter-columnar (porous) volume in 
the Mg-rich coating (due to higher number of smaller diameter columns compared to the Zr-rich 
coating (as mentioned previously) may also contribute to the lower hardness of the Mg-rich coating. 
Furthermore, magnesium is generally considered to be a ‘soft’ metal compared to zirconium. Although 
nanoindentation hardness values for magnesium was not found in the literature, the Brinell hardness 
of magnesium is about 260 MPa which is much lower than 650 MPa for zirconium [216]. It would be 
worth determining the hardness of magnesium metal using nanoindentation so that comparison with 
pure zirconium could be made. Due to technical issues and availability surrounding the 
nanoindentation equipment, multiple repeats of hardness measurements could not be performed on 
these samples, but would be useful to carry out including on other sputter-deposited samples to 
corroborate this finding. 
 
5.1.5 Scratch Adhesion Tests of Zr-Mg Coatings  
 
Scratch adhesion tests was performed to measure the adhesion of the Zr-rich (Mg: 25 at%) and Mg-
rich (Mg: 53 at%) sputter co-deposited coatings (on zirconium substrates). A normal load of 40 N was 
used and the sample was traversed at a speed of 10 mm/min for a distance of 10 mm. Three scratch 
adhesion tests were carried out for each sample and the Tangential Force profiles were compared to 
ensure that similar scratch behaviour was observed. The scratch profiles presented in this section are 
from the third scratch test for each sample. The sample surface and diamond tip of the stylus were 
cleaned with isopropanol prior to each scratch to minimise cross-contamination. As previously 
mentioned in Chapter 2, section 2.11, optical microscopic analysis, Acoustic Emission (AE), Tangential 
Force (FT) and Normal Force (FN) measurements were used to determine critical loads to failure (LC1, 
LC2 and LC3) of the coatings. 
The scratch test profile for the Zr-rich (Mg: 25 at%) coating is presented in Figure 5.13. The onset of 
chipping damage was identified on the edges of the scratch track from the optical micrograph in Figure 
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5.13(a) which indicated cohesive failure of the coating. This was corroborated from the FT profile in 
Figure 5.13(b) that showed an increased gradient and an enhanced erratic pattern. The critical load 
(LC1) at which cohesive failure of the Zr-rich coating occurred was determined to be 16.5 N. An 
encouraging result from the optical micrograph (Figure 5.13(a)) is that material damage at the edges 
of the scratch track did not appear to be extensive with increased applied Normal Force (FN). 
Furthermore, defects such as tensile cracking (which typically occur following the onset of chipping 
damage) was not observed from the optical micrographs. The higher hardness of the Zr-rich coating 
(compared to the Mg-rich coating determined in Figure 5.12(a)) and the appearance of a dense 
uniform coating from the cross-sectional SEM micrograph in Figure 5.7(a) (whereby the microcracks 
in the coating were not as extensive as the Mg-rich coating) also supports this proposition.  
The scratch profile shows a sharp increase in the gradient of the Tangential Force curve (FT) as the 
normal applied load was progressively increased. The critical load (LC2) at which adhesive failure of the 
Zr-rich coating occurred was determined to be 33 N and was identified where the indenter had 
penetrated the coating which could be seen from the optical micrograph in Figure 5.13(a). This 
corresponds with the Penetration Depth of ~27 μm which is consistent with the thickness of the Zr-
rich coating (25.2 μm) determined from cross-sectional SEM analysis in Figure 5.7(a). The high loads 
required to penetrate the coating is a indication of increased resistance to cracking defects and a high 
load-bearing capacity of the coating. Exposure of the underlying zirconium substrate could be seen 
from the optical micrograph in Figure 5.13(a) which indicated complete spallation of the coating from 
the substrate underneath.  The critical load (LC3) at which this failure occurred was determined to be 
35 N.  
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Figure 5.13: Scratch adhesion test of the Zr-rich (Mg: 25 at%) coating showing (a) optical micrograph 
of scratch track and (b) scratch adhesion profiles and the critical loads (LC) to failure. 
The scratch test profile for the Mg-rich (Mg: 53 at%) coating is presented in Figure 5.14. The optical 
micrograph in Figure 5.14(a) shows the early occurrence of severe chipping damage demarcated by 
dark regions at both edges of the scratch track which was found to increase in severity as the load was 
increased. It can also be seen that chipping damage was found to more extensive for the Mg-rich 
coating (compared to the Zr-rich coating) whereas the chipping damage for the Zr-rich coating can be 
seen to be constrained closer to the scratch track. This suggests that the Mg-rich coating could be 
more brittle than the Zr-rich coating. Figure 5.14(b) shows that chipping damage of the coating 
occurred about three millimetres from the beginning of the scratch track and an increase in the AE 
L
C2
 LC1 LC3 200 μm 
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signals indicating cracking of the coating. However, observation of the cracking could not be resolved 
at higher magnification using optical microscopy due to the high roughness of the coating.  
The critical load (LC1) at which cohesive failure of the coating occurred was 12 N which is much lower 
than the LC1 value of 16.5 N determined for the Zr-rich (Mg: 25 at%) coating. As the load was 
progressively increased, the Tangential Force curve (FT) exhibited an increased gradient and erratic 
perturbations until adhesive failure was reached at a critical load (LC2) of 23 N. This is much lower than 
the 33 N critical load for adhesive failure of the Zr-rich coating which indicates a lower load-bearing 
capacity for the Mg-rich coating. The Penetration Depth at which adhesive failure occurred was about 
~28 μm which is consistent with the thickness of the Mg-rich coating of (26.5 μm) determined from 
cross-sectional SEM analysis in Figure 5.7(b). The scratch adhesion profiles show that increased 
magnesium content and higher oxygen contamination of the coating lead to a lower load-bearing 
capacity of the Mg-rich coating (compared to the Zr-rich coating) and this is consistent with the low 
hardness of the coating determined in Figure 5.12(b). Furthermore, the higher concentration of 
microcracks in the Mg-rich coating (seen in Figure 5.7(b)) would facilitate crack propagation as the 
indenter is penetrated with a progressively increasing load resulting in a lower load-bearing capacity 
of the coating.    
As the normal applied load (FN) was progressively increased further, the Tangential Force curve can be 
seen to show an enhanced erratic profile. It was difficult to identify whether the critical load (LC3) had 
been reached using the optical micrograph in Figure 5.14(a) alone due to the high roughness of the 
Mg-rich coating mentioned earlier. Based on the evidence presented in the previous scratch adhesion 
profiles presented in Chapter 3, Section 3.9 and Chapter 4, Section 4.4, it is reasonable to assume that 
this is galling wear of the underlying zirconium substrate. This indicates complete spallation of the 
coating from the substrate and the critical load (LC3) for this failure was determined to be ~27 N.   
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Figure 5.14: Scratch adhesion test of the Mg-rich (Mg: 53 at%) coating showing (a) optical 
micrograph of scratch track and (b) scratch adhesion profiles and the critical loads (LC) to failure. 
Overall, the scratch adhesion profiles of the Zr-rich (25 at%) coatings demonstrate higher load-bearing 
capacity and improved failure characteristics compared to Mg-rich (53 at%) coatings. These findings 
suggest that Zr-rich coatings show higher critical loads to failure and offer higher resistance to defects 
generated along the scratch track without significant spallation of the material from the underlying 
zirconium substrate compared to Mg-rich coating.  
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5.2 Hydrothermal Oxidation of Zr-Mg Coatings  
 
Hydrothermal oxidation tests of pure zirconium (dimensions 2 cm x 2 cm) substrates, Zr-rich (Mg: 25 
at%) and Mg-rich (Mg:53 at%) coatings that were sputter co-deposited on both zirconium and stainless 
steel substrates were performed with deionised water in an autoclave at 360oC for 3 days at a 
saturation pressure of 18.7 MPa in accordance with ASTM G2-06 [104] (performed at The University 
of Manchester). The pure zirconium substrates were polished according to the micropreparation 
regime described in Chapter 2, Section 2.1 prior to hydrothermal oxidation and were used as control 
reference samples which were compared to the hydrothermally oxidised Zr-rich and Mg-rich coatings. 
After 3 days, the autoclave was cooled (at a rate of 10oC per minute) and then the samples were 
removed. Another set of sputter co-deposited samples (that had similar elemental composition as the 
Zr-rich and Mg-rich coatings previously mentioned) were placed in the autoclave with hydrothermal 
oxidation performed under the same conditions but the duration was extended to 7 days. This was 
performed to analyse oxidation behaviour of the coatings at these conditions and to determine if the 
inclusion of magnesium in the coatings was successful in driving the formation of a stabilised 
tetragonal or cubic phase zirconia that might stabilise the coating over a wide temperature range 
during normal operating conditions and a loss of coolant accident in a nuclear reactor. Due to time 
limitations, only the hydrothermally oxidised Zr-rich and Mg-rich coatings were analysed.  
 
5.2.1 SEM Analysis of Hydrothermally Oxidised Zr-rich and Mg-rich Coatings  
 
The SEM micrographs of the pure zirconium substrates hydrothermally oxidised for 3 and 7 days are 
presented in Figure 5.15. The SEM micrograph of the pure Zr substrate hydrothermally oxidised for 3 
days in Figure 5.15(a) shows mostly a smooth surface and no evidence of microcracks or porous 
regions. EDX spectrum of the surface shows a high zirconium and oxygen content suggesting that the 
surface had oxidised.  The SEM micrograph also shows scattered artefacts which could be redeposited 
material on the oxidised surface. The SEM micrograph of the pure Zr substrate hydrothermally 
oxidised for 7 days in Figure 5.15(b) shows a coarser morphology and scratch defects as well as greater 
concentration of redeposited material on the oxidised surface (compared to the 3 days sample in 
Figure 5.15(a)) which suggests material spallation had taken place. Evidence of material spallation 
could be seen upon closer observation from the micrograph of the dark regions which were identified 
as craters where material had spalled. EDX spectrum of the surface shows predominantly zirconium 
but also significant magnesium and oxygen content which could be spalled material from the Mg-rich 
coating.  
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Figure 5.15: SEM micrographs and the associated EDX spectra of the surface of pure Zr following 
hydrothermal oxidation after (a) 3 days and (b) 7 days.  
The SEM micrographs of the Zr-rich (Mg: 25 at%) samples (on zirconium substrates) hydrothermally 
oxidised for 3 and 7 days are presented in Figure 5.16. The SEM micrograph of the Zr-rich sample 
hydrothermally oxidised for 3 days in Figure 5.16(a) shows a few long scratch defects on the oxidised 
surface - probably as a result of residual scratches from the original sample polishing process rather 
than loose material or debris interaction with the sample in the autoclave under high pressure. EDX 
spectroscopic analysis of the surface showed a significant oxygen peak from the spectrum in Figure 
5.16(a) whereby the elemental composition comprised approximately of zirconium: 50 at%, 
magnesium: 10 at% and oxygen: 40 at%. Furthermore, the morphology of the Zr-rich coating which 
showed irregularly-shaped grains (from the SEM micrograph in Figure 5.5(a) following sputter co-
deposition is not evident and can be seen to show a largely smooth morphology following 
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hydrothermal oxidation. The oxidised surface also does not appear to show indications of spallation, 
porous regions, microcracks or craters.  
 
Figure 5.16: SEM micrographs and EDX spectra of the surface of the Zr-rich coatings (Mg: 25 at%) 
following hydrothermal oxidation after (a) 3 days and (b) 7 days.  
The SEM micrograph of the Zr-rich sample hydrothermally oxidised for 7 days in Figure 5.16(b) shows 
many regions where foreign artefacts could be seen on the surface. EDX spectrum on one of these 
artefacts in Figure 5.16(b) revealed a high magnesium, silicon and oxygen content. Since the Mg-rich 
coating and the Zr-rich coating were placed in the same autoclave, this would suggest that the Mg-
rich coating and possibly some regions of the growing oxide that had formed on the Mg-rich sample 
may have spalled and redeposited onto the oxidised surface of the Zr-rich sample. A similar 
observation was noted for the hydrothermally oxidised pure zirconium samples in Figure 5.15(b) 
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which showed redeposited material on the oxidised surface and EDX spectrum that showed a high 
magnesium and oxygen content for the redeposited material. Other than the possible cross-
contamination of the spalled Mg-rich coating and oxide from the Mg-rich samples, the oxidised surface 
of the Zr-rich samples did not exhibit defects such as microcracks or porous regions. 
The SEM micrographs of the Mg-rich (Mg: 53 at%) samples (on zirconium substrates) hydrothermally 
oxidised for 3 and 7 days are presented in Figure 5.17. The SEM micrograph of the Mg-rich sample 
hydrothermally oxidised for 3 days in Figure 5.17(a) exhibited mostly a smooth surface with a few 
scratch defects (similar to the findings of the oxidised Zr-rich coatings in Figures 5.16(a)). EDX spectrum 
of the redeposited material (inset spectrum of Figure 5.17(a)) which (again) revealed a high zirconium, 
magnesium and oxygen content suggesting that this is the spalled coating and possibly oxide material.       
 
Figure 5.17: SEM micrographs of the surface of the Mg-rich coatings (Mg: 53 at%) following 
hydrothermal oxidation after (a) 3 days (with the EDX spectrum of the redeposited material) and (b) 
7 days.  
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It is likely that hydrothermal oxidation of the Zr-rich and Mg-rich coatings, even after 3 days could 
have resulted in spallation of material of some regions which may have redeposited on another area 
of the same sample. This was previously evidenced from the SEM micrographs in Figures 5.15(b) and 
5.16(b) which showed redeposited material on the oxidised surface. The Mg-rich coating 
hydrothermally oxidised for 7 days in Figure 5.17(b) shows a very different morphology compared to 
the Zr-rich coating hydrothermally oxidised for the same duration. The surface can be seen to be 
rough, coarse and porous, and showed craters where spallation of material had taken place. The 
concentration of redeposited material can also be seen to be greater compared to the Zr-rich coating 
hydrothermally oxidised for the same duration (Figure 5.16(b)). 
The extent of material spallation of the Mg-rich coating hydrothermally oxidised for 7 days can be 
seen from the SEM micrograph in Figure 5.18. The micrograph shows extensive cracking across the 
oxidised surface and severe spallation revealing another layer underneath. The region where material 
had spalled could be seen to exhibit globular-like artefacts (measuring approximately 30 μm in 
diameter) that appear to have been redeposited on the oxidised surface. These artefacts are likely to 
be spalled coatings or oxide. Furthermore, numerous regions where material had spalled could be 
clearly identified from the hydrothermally oxidised Mg-rich sample (in Figure 5.17(b)) which may 
indicate there could have been a higher volume of redeposited material from the spalled regions of 
the oxidised Mg-rich sample.   
 
Figure 5.18: SEM micrograph of the Mg-rich coating hydrothermally oxidised for 7 days showing 
regions of spallation, microcracks are redeposited material on the oxidised surface.  
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Cross-sectional SEM micrographs of the pure zirconium substrate, Zr-rich (Mg: 25 at%) and Mg-rich 
(53 at%) coatings hydrothermally oxidised for 3 and 7 days are presented in Figure 5.19. The 
hydrothermally oxidised pure zirconium (which as mentioned earlier was used as a control reference 
sample) after 3 days in Figure 5.19(a) shows an oxide scale thickness of 13.1 ± 0.5 μm. However, the 
thickness of the oxide scale can be seen to increase significantly to 19.0 ± 0.5 μm following 
hydrothermal treatment for 7 days (Figure 5.19(b)). What is also evident from these micrographs is 
the presence of lateral microcracks which increased in severity with distance from the oxide/metal 
interface region. Evidence of oxide spallation near the pre-formed outer oxide scale was also observed 
which indicates that the oxide scale is highly stressed and/or brittle. Importantly, this shows how easily 
oxide material is lost through spallation, and so the actual oxide scale thickness may have been higher 
than measured due to the spallation of the oxide scale at the conditions used during hydrothermal 
oxidation. A similar finding was observed in Chapter 4, Section 4.2.1. Furthermore, the oxide scale at 
the interface region was characterised as a wavy undulating appearance - possibly indicating a cyclic 
oxide growth pattern [94]. 
The Zr-rich (Mg: 25 at%) sample hydrothermally oxidised for 3 days in Figure 5.19(c) shows an oxide 
scale thickness of 3.2 ± 0.5 μm which is significantly less than the oxide scale grown on pure Zr (13.1 
μm) at the same duration. It was deduced earlier from the cross-sectional SEM micrograph in Figure 
5.7 that the thickness of the Zr-rich (Mg: 25 at%) coating was measured to be 25.2 ± 0.5 μm. This 
suggests that much of the coating had spalled. There is likely to have been some regions of the coating 
that may have completely spalled resulting in the oxidation of the underlying pure Zr substrate as 
suggested in Figure 5.19(c), however the EDX spectrum in Figure 5.16(a) shows the detection of Zr and 
Mg which suggests that there are regions of the coating that remain and had not completely spalled. 
Thus, the oxidation of the sputter co-deposited Zr-Mg coating cannot be entirely ruled out, but this 
would require further research. Furthermore, the fact that the oxide scale developed was 3.2 ± 0.5 
μm (compared to the thickness of the oxide scale of 13.1 μm for pure Zr after 3 days) suggests a 
gradual spallation of the coating within 3 days and the start of the growth of an oxide scale on the 
zirconium substrate which continues to grow with increased duration. Furthermore, the oxide scale 
at the oxide/metal interface region exhibited an undulating ‘wavy’ appearance which is similar to the 
oxide scales formed (at the interface) on the pure zirconium substrates seen from the micrographs in 
Figure 5.19(a) and (b). Evidence of material spallation could also be seen at various regions along the 
preformed outer oxide scale. The cross-sectional SEM micrograph in Figure 5.19(d) of the 
hydrothermally oxidised Zr-rich coated sample after 7 days revealed an oxide scale thickness of 7.7 
μm. As before, regions where material had spalled could be seen near the preformed outer scale 
which suggests that the oxide scale formed could have been higher than was measured due to the 
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spallation of the oxide during the hydrothermal oxidation test. The thickness of the oxide scale 
developed after 7 days for the Zr-rich sample was found to be much less when compared to the 
thickness grown on the oxide scale of pure Zr substrate (19.0 ± 0.5 μm) at the same duration. This 
supports our earlier proposition that spallation of the Zr-rich coating during hydrothermal oxidation 
was a gradual process. Even though much of the Zr-rich coating had undergone spallation, the coating 
appears to have been successful in delaying the onset of oxidation of the zirconium substrate (via 
gradual spallation of the Zr-rich coating) and subsequent corrosion of the metal when compared to 
pure zirconium. 
The sectional SEM micrograph of the Mg-rich (Mg: 53 at%) sample hydrothermally oxidised for 3 days 
is presented in Figure 5.19(e) and shows an oxide scale thickness of 7.4 ± 0.5 μm. This is more than 
double the thickness of the oxide scale grown on the Zr-rich coated sample (3.2 ± 0.5 μm) but slightly 
more than half (~56%) of the oxide scale thickness of the pure Zr substrate at the same duration. As 
with the Zr-rich coated sample, the Mg-rich coating following hydrothermal oxidation was not 
observed. Furthermore, the oxide scale at the oxide/metal interface region exhibited an undulating 
‘wavy’ appearance which is consistent with the oxide scales formed (at the interface) on the pure 
zirconium substrates seen from the micrographs in Figure 5.19(a) and (b). The severity of the lateral 
microcracks for the oxide scale grown on the Mg-rich coated sample appeared to be similar to the 
oxide scale on the pure Zr substrate but was found to be higher when compared to the oxide scale on 
the Zr-rich coated sample.  
Upon closer inspection, regions of the preformed outer oxide scale were found to have spalled 
indicating that the oxide is highly stressed and/or brittle. One potential method to confirm this would 
be to perform indents at several points of the oxide surface and then carry out AFM imaging to observe 
if there is cracking of the oxide where the indents have been made. The oxide scale grown on the Mg-
rich sample hydrothermally oxidised for 7 days in Figure 5.19(f) showed a significant increase in 
thickness of 19.2 ± 0.5 μm. This is comparable to the oxide scale thickness of the pure Zr substrate at 
the same duration. The micrograph of the oxide scale showed extensive microcracks which may 
facilitate easier diffusion pathways for the ingress of oxygen to the zirconium substrate resulting in 
further oxidation. Furthermore, the severe spallation of the oxide that was seen from both the 
micrographs in Figure 5.19(e) and (f) indicates that the actual oxide scale thickness may have been 
higher than measured which is consistent with previous findings for the oxide scale formed on pure 
zirconium substrate and the Zr-rich coated sample. Overall, the high magnesium content of the Mg-
rich coating does little to impede spallation of the coating during hydrothermal oxidation (compared 
to the Zr-rich coating) for the reasons mentioned previously. These results suggest that increased 
magnesium content in the Mg-rich coating may have accelerated the spallation of the coating during 
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hydrothermal oxidation resulting in an oxide scale forming earlier on the zirconium substrate of the 
Mg-rich coated sample compared to the Zr-rich coated sample. This finding is further corroborated 
from nanoindentation hardness and scratch adhesion tests performed earlier in Sections 5.1.4 and 
5.1.5 respectively that showed a lower hardness of (0.81 ± 0.12 GPa) and lower critical loads to failure 
(determined from scratch adhesion tests) for the Mg-rich (Mg: 53 at%) coating compared to the Zr-
rich (Mg: 25 at%) coating (which showed a much higher hardness of 4.32 ± 0.10 GPa). Magnesium 
inclusion of 25 at% within the Zr-rich coating shows evidence of a higher resistance to spallation 
compared to the Mg-rich coating (with magnesium inclusion of 53 at%) during hydrothermal 
oxidation. For future work, it would be useful to perform hydrothermal oxidation for the other 
magnesium-containing Zr coatings with a range of Mg concentrations to study the resistance to 
spallation at these conditions.  
On closer inspection of the cross-sectional micrographs showing the hydrothermally oxidised Zr-rich 
and Mg-rich samples in Figures 5.19(c) to (f), the evidence suggests extensive spallation of areas of 
the Zr-Mg coating, possibly leading to the oxidation of the zirconium substrate. For instance, the 
undulating ‘wavy’ appearance at the interface region is similar to the interface of the oxide scale 
formed on pure Zr in Figure 5.19(a) and (b) whereas the interface of the Zr- and Mg-rich coatings (in 
Figure 5.7) following sputter co-deposition did not exhibit this feature. The presence of lateral 
microcracking which appears to increase in severity with distance away from the interface region is 
consistent with the characteristics of a growing oxide scale deduced earlier in Chapter 4 (Figure 4.3(a) 
and 4.4) as well as the hydrothermally oxidised pure Zr presented in Figure 5.19(a) and (b). 
Interestingly, the irregularly-shaped columnar morphology of the Zr- and Mg-rich coating identified 
from SEM micrographs of the surface in Figure 5.5(a) and 5.6(a) was not observed from the SEM 
micrographs of the surface following hydrothermal oxidation. However, as mentioned previously, 
there are regions of the sample where the coating had not completely spalled as shown by the EDX 
spectrum in Figure 5.16(a) of the Zr-rich sample which shows that significant Mg content persists. On 
the balance of the evidence presented in this study, the SEM micrographs and EDX analysis would 
suggest that there are regions of the coating that remain adhered to the substrate (and possibly had 
oxidised) - and regions where the coating had spalled resulting in the oxidation of the underlying 
zirconium substrate.  
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 Figure 5.19: Cross-sectional SEM micrographs of hydrothermally-oxidised (a) pure Zr after 3 days; 
(b) pure Zr after 7 days; (c) Zr-rich coating after 3 days (d) Zr-rich coating after 7 days; (e) Mg-rich 
coating after 3 days and (f) Mg-rich coating after 7 days. 
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5.2.2 GAXRD Analysis of the Hydrothermally Oxidised Zr-rich and Mg-rich Sputter-deposited 
Coatings  
 
The phase determination of the pure Zr, Zr-rich (Mg: 25 at%) and Mg-rich (53 at%) Zr-Mg coatings 
following hydrothermal oxidation with deionised water in an autoclave at 360oC for 3 and 7 days were 
performed using X-ray diffraction study using a Philips X’Pert3 (Panalytical) diffractometer (CuKα 
radiation), operated in glancing-angle configuration (Seeman-Bohlin geometry) at incident angles of 
2o, 4o and 6o with a step size of 0.02 and a time step of 5 seconds in the 20o to 80o range of 2θ. The 
results are presented in this section.  
 
5.2.2.1 Glancing-Angle XRD Analysis of the Hydrothermally Oxidised Pure Zr Samples  
 
The GAXRD patterns of the pure zirconium sample (used as a control reference sample) 
hydrothermally oxidised at 360oC for 3 and 7 days are presented in Figure 5.20. The patterns show 
that monoclinic zirconia (m-ZrO2) phase was the predominant phase detected indicating that a 
zirconium oxide scale had formed following hydrothermal oxidation. Some of the m-ZrO2 peaks such 
as those in the (1̅11), (002), (202̅) and (221) reflections exhibited lower intensity peaks with 
increased incident angle whilst others showed strong intensities even at 6o incident angle. The cross-
sectional SEM micrograph of the pure zirconium sample hydrothermally oxidised for 3 days in Figure 
5.19(a) shows that the thickness of the oxide scale to be 13.1 μm which is ‘deeper’ than the X-ray 
Penetration Depth of 6.24 μm (see Table 5.3) into the oxide layer at an incident angle of 6o. Thus, the 
X-rays do not penetrate to the zirconium substrate (at this incident angle) and only the oxide scale is 
detected. A similar pattern was observed for the 7 day hydrothermally oxidised pure Zr sample. One 
peak indexed to tetragonal zirconia was detected at an incident angle of 2o in the (020) reflection at a 
2θ angle of 50.5o which could be seen to decrease with increasing incident angle and at 6o incident 
angle, this phase can be seen to be negligible. On closer inspection of the peaks, the m-ZrO2 peaks for 
both the 3 and 7 days samples show a slight shift to lower angles of 2θ indicating an increase in the 
lattice parameters of the monoclinic zirconia structure due to interstitial diffusion of oxygen during 
hydrothermal oxidation.   
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Figure 5.20: GAXRD patterns of pure zirconium hydrothermally oxidised for (a) 3 days and (b) 7 days. 
The phases formed and peak positions were compared with HCP α-Zr [59], m-ZrO2 [56] and t-ZrO2 
[57]. 
Table 5.3: X-ray Penetration Depths into ZrO2 at incident angles 2, 4 and 6o determined from 
AbsorbDX software. 
ZrO2 
Incident angle 
(o) 
X-ray Penetration Depth 
(μm) 
2 2.01 
4 4.11 
6 6.24 
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5.2.2.2 Glancing-Angle XRD Analysis of the Hydrothermally Oxidised Zr-rich Coated Samples  
 
The GAXRD patterns of the Zr-rich (25 at%) coated sample after hydrothermal oxidation at 360oC for 
3 and 7 days are presented in Figure 5.21. The Zr-rich coated sample hydrothermally oxidised for 3 
days in Figure 5.21(a) shows that the monoclinic zirconia (m-ZrO2) phase was the predominant phase 
detected which confirms that a zirconium oxide scale had formed following hydrothermal oxidation. 
The highest peak intensity for m-ZrO2 at the incident angle of 2o was in the (200) reflection. Other 
peaks attributable to the m-ZrO2 phase in the (1̅11), (202̅) (2̅11), (202̅), (221) and (203̅) reflections 
can be seen to decrease with increased incident angle (i.e. greater depth into the oxide layer), 
indicating that the highest concentration of m-ZrO2 is found near the outer preformed oxide layer. At 
an incident angle of 6o, where X-ray Penetration Depth into ZrO2 is 6.2 μm (Table 5.3), peaks 
attributable to the α-Zr phase (for the 3 days sample) were found to exhibit high peak intensities in 
the (200) and (013) reflection. Since the X-ray Penetration Depth at an incident angle of 6o is ‘deeper’ 
than the thickness of the oxide scale of 3.2 μm formed after 3 days (shown in Figure 5.19(c)), this 
would suggest the X-rays are starting to penetrate the bulk zirconium substrate.  
The GAXRD pattern for the Zr-rich coated sample hydrothermally oxidised for 7 days in Figure 5.21(b) 
revealed a similar pattern to the 3 days sample in Figure 5.21(a). Monoclinic zirconia was found to be 
the predominant phase with the highest intensity in the (200) reflection. At an incident angle of 6o, 
peaks attributable to the m-ZrO2 phase could still be seen in the pattern. Given the knowledge that 
the X-ray Penetration Depth at an incident angle of 6o is 6.2 μm (Table 5.3), this falls within the range 
of the oxide scale thickness of 7.7 μm determined from cross-sectional SEM micrograph in Figure 
5.19(d). Peaks attributable to α-Zr phase could also be seen at an incident angle of 6o which suggests 
the detection of the zirconium substrate. Indeed, the oxide formed after 7 days (from Figure 5.19(d)) 
can be seen to be characterised by a wavy undulated appearance at the oxide/substrate interface 
region, so it is reasonable to deduce that given the thickness of the oxide, that the peaks indexed to 
the α-Zr phase would indicate the detection of the bulk zirconium metal.  Careful observation of the 
m-ZrO2 peaks for the 3 and 7 days exposed samples reveals a slight shift (~0.4o) to lower angles of 2θ 
compared to the ICDD standard m-ZrO2 phase positions, [56] indicating an increase in lattice 
parameters of the monoclinic zirconia structure due to interstitial diffusion of oxygen in the Zr-lattice 
during hydrothermal oxidation.  
The GAXRD patterns also showed three peaks indexed to tetragonal zirconia (t-ZrO2) phase in the 
(011), (020), (110) and the (004) reflections. The peak intensities for the tetragonal phase was shown 
to be highest at an incident angle of 2o and decreased with increasing angle of incidence. This suggests 
that the highest concentration of the tetragonal phase was detected near the pre-formed outer oxide 
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scale. This is an interesting finding because the concentration of the tetragonal phase is typically 
highest near the metal/oxide interface region where it is stabilised by the compressive stresses and is 
lowest near the pre-formed outer oxide scale. This is due to the diminishing compressive stress with 
increased distance away from the interface whereby the t-ZrO2 phase to no longer be elastically 
constrained - allowing the transformation to monoclinic zirconia. However, the results presented in 
this study suggest that the inclusion of magnesium is possibly having an effect in elastically 
constraining the tetragonal phase as the oxide scale grows during hydrothermal oxidation and this is 
likely stabilising the tetragonal zirconia phase across the oxide scale that is shown by the detection of 
tetragonal zirconia peaks at higher angles of incidence. This is a promising result but would need 
further investigation since the tetragonal zirconia peaks are small.  
As a recommendation for future work, it would be useful to carry out hydrothermal oxidation of the 
coatings with the range of Mg concentrations (Table 5.1) for 3 and 7 days and to perform GAXRD on 
the samples over a range of angles of incidence (i.e. 1-8o) to see if t-ZrO2 phase could be detected. The 
volume fraction of t-ZrO2/m-ZrO2 could then deduced to investigate the extent to which the t-ZrO2 
phase could be stabilised with the growing oxide scale thickness. As a further extension to this study, 
hydrothermal oxidation of the Zr-Mg coatings should be performed for much longer treatment times 
(i.e. 50 days) to determine the weight gain which could be used to measure corrosion resistance when 
compared to corrosion of Zr alloys reported in the literature.  
It is interesting to note that from the GAXRD trace of the Zr-rich coatings (Mg: 25 at%) shown earlier 
in Figure 5.9 from which broad peaks were identified (which indicated that zirconium and magnesium 
in the coating were in substitutional solid solution with each other as mentioned in Section 5.1.3) were 
not detected from the GAXRD pattern of the hydrothermally oxidised Zr-rich sample at 2o or 4o angle 
of incidence. Furthermore, despite the X-ray Penetration Depth at an incident angle of 6o being 
‘deeper’ than the thickness of the oxide scale of 3.2 μm formed on the Zr-rich sample following 
hydrothermal oxidation for 3 days, peaks attributable to the Zr and Mg phases (which would otherwise 
have again been characterised by several broad peaks) were not detected from the GAXRD pattern in 
Figure 5.21(a). This finding is consistent with the earlier proposition of oxidation of the coating as well 
as a gradual spallation of the Zr-rich coating and the formation of zirconium oxide on the substrate 
during hydrothermal oxidation which grows with treatment time.     
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Figure 5.21: GAXRD patterns of Zr-rich coatings hydrothermally oxidised for (a) 3 days and (b) 7 days. The phases formed and peak positions were compared 
with HCP α-Zr [59], m-ZrO2 [56] and t-ZrO2 [57], Mg [213] and MgO [313]. 
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5.2.2.3 Glancing-Angle XRD Analysis of Mg-rich Coatings  
 
The GAXRD patterns of the Mg-rich (53 at%) coated sample after hydrothermal oxidation at 360oC for 
3 and 7 days are presented in Figure 5.22. The Mg-rich coated sample hydrothermally oxidised for 3 
days in Figure 5.22(a) shows that the monoclinic zirconia (m-ZrO2) phase was the predominant phase 
detected at incident angles of 2, 4 and 6o which confirms that a zirconium oxide scale had formed 
following hydrothermal oxidation. The highest peak intensity for m-ZrO2 at the incident angle of 2o 
was in the (200) reflection at a 2θ angle of 35.1o. Other peaks attributable to the m-ZrO2 phase in the 
(1̅11), (002), (2̅11), (202̅), (221) and (213̅) reflections can be seen to decrease with increased 
incident angle (i.e. greater depth into the oxide layer), whereas peaks attributable to the m-ZrO2 phase 
in the (200), (102̅), (022), (311) and (132) reflections show strong intensity peaks with increased 
incident angle. A similar pattern was seen for the Mg-rich coated sample hydrothermally oxidised for 
7 days in Figure 5.22(b).  
Tetragonal zirconia peaks were also identified (for the samples oxidised for 3 and 7 days) at the (011), 
(020) and (121) reflections up until an incident angles of 4o where the X-ray Penetration Depth is 4.11 
μm. At an incident angle of 6o, the t-ZrO2 phase can be seen to be negligible. The GAXRD trace of the 
Mg-rich coatings (53 at%) shown earlier in Figure 5.9 from which broad peaks were identified (which 
indicated that zirconium and magnesium in the coating might be in substitutional solid solution with 
each other as mentioned in Section 5.1.3) were not detected from the GAXRD pattern of the 
hydrothermally oxidised Mg-rich sample at 2o or 4o angle of incidence (as was the finding from the 
GAXRD patterns of the hydrothermally oxidised Zr-rich coated sample in Figure 5.21). 
On closer inspection of the GAXRD patterns for the hydrothermally oxidised Mg-rich samples, the m-
ZrO2 peaks for both the 3 and 7 days samples show a slight shift to lower angles of 2θ by ~0.4o possibly 
indicating an increase in the lattice parameters of the monoclinic zirconia structure due to interstitial 
diffusion of oxygen in the Zr-lattice during hydrothermal oxidation. The Mg-rich coating also exhibited 
significant spallation (compared to the Zr-rich coating) during hydrothermal treatment resulting in 
oxidation of the zirconium substrate (where regions of the coating that had spalled off), resulting in 
the formation of an oxide scale comprising predominantly of monoclinic zirconia detected in the 
patterns (Figures 5.22(a) & (b)). However, since the oxide scale formed on the Mg-rich sample was 
thicker (7.4 μm after 3 days and 19.2 μm after 7 days as shown in Figures 5.19(e) and (f)) than the X-
ray Penetration Depth of X-rays at an incident angle of 6o (6.2 μm), the region that is detected is still 
the oxide layer – as the X-rays do not penetrate to the bulk zirconium substrate and hence no peaks 
are indexed to the α-Zr phase. The available evidence presented in this study suggests that the 
conditions used during hydrothermal oxidation results in the oxidation and gradual spallation of the 
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Zr-rich (Mg: 25 at%) coating and the complete spallation of the Mg-rich (Mg: 53 at%) coating from the 
substrate. 
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Figure 5.22: GAXRD patterns of Mg-rich coatings hydrothermally oxidised for (a) 3 days and (b) 7 days.  The phases formed and peak positions were 
compared with HCP α-Zr [59], m-ZrO2 [56] and t-ZrO2 [57], Mg [213] and MgO [313]. 
Hydrothermal oxidation of the co-deposited Zr-Mg coating results in the oxidation and gradual 
spallation of the Zr-rich coating and a significant spallation of the Mg-rich coating. In both instances, 
the results indicate that the coating remains adhered to the substrate. It was determined that the Mg-
rich coating was found to have undergone spallation at a faster rate compared to the Zr-rich coating. 
This is shown by the thicker oxide scales developed on the Mg-rich coated sample on the Zr substrate 
in Figure 5.19(c) to (f). On the balance of evidence presented in this section, the Zr-rich coatings had 
a higher resistance to spallation during hydrothermal oxidation compared to the Mg-rich coatings. 
Nanoindentation results showed the Zr-rich coating (25 at%) exhibited a much higher hardness of 4.32 
± 0.10 GPa compared to 0.81 ± 0.09 GPa for the Mg-rich coating. Scratch adhesion tests showed that 
the Zr-rich coating exhibited higher critical loads to failure compared to the Mg-rich coating – the 
latter was shown to have undergone a greater degree of spallation (via chipping damage) indicating 
that the Mg-rich coating is more brittle. Furthermore, the cross-sectional SEM micrographs of the Zr-
Mg coatings in Figure 5.7 showed that the Mg-rich coating exhibited a greater concentration of 
microcracks and intercolumnar voids (compared to the Zr-rich coating) which facilitates crack 
propagation and oxygen migration through the coatings during hydrothermal oxidation (at 360oC for 
3 and 7 days). Based on these results, the Zr-rich sample exhibited a higher resistance to spallation 
during hydrothermal oxidation compared to the Mg-rich coating.  
The growth of the zirconium oxide layer during the oxidation process is described in Chapter 4, Section 
4.2.2 but a brief summary is presented here. In addition to oxidation of the coatings, regions where 
the coating that had completely spalled results in oxide growth by inward diffusion of interstitial 
oxygen and the resulting oxide layer at the metal-oxide interface is elastically constrained. Majority of 
the oxide is composed monoclinic zirconia (by volume fraction) but a small fraction (~5 vol% - see 
section 4.2.2) is comprised of (metastable) tetragonal zirconia which was detected from the GAXRD 
patterns in Figures 5.21 and 5.22. Tensile stress is generated in the HCP α-Zr metal substrate as a 
reaction to the compressive stress created by the P-B ratio of the tetragonal zirconia to the substrate. 
Thus, tensile stress in the substrate may have a tendency to expand the metal lattice structure and 
enhance the inward diffusion of oxygen through the oxide scale and into the metal. The compressive 
stress in the oxide is therefore, highest at the Zr-ZrO2 interface and continues to be elastically 
constrained with distance from the oxide/metal interface [102] due to the addition of magnesium that 
acts to stabilise the tetragonal zirconia phase with increased oxide thickness. The monoclinic zirconia 
phase that forms is still the predominant phase since the temperature and pressure conditions used 
is thermodynamically favourable allow for its formation (i.e. below 1170oC). The compressive stress 
generated as a result of the co-deposition of Mg and Zr to form a PVD coating and the indications of 
Mg and Zr being in substitutional solid solution is likely to play an important role in stabilising the t-
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ZrO2 phase (seen in the GAXRD patterns in Figures 5.21 and 5.22) in the oxide scale but as stated 
previously this would require research and opens an avenue for further investigation.  
However, the volume fraction of t-ZrO2 formed is small compared to m-ZrO2 which is the main phase 
detected in the oxide scale. As oxide growth continues with treatment time, the compressive stress in 
the oxide continues to diminish and is associated with a volume expansion of about 3-5 vol% [64, 108] 
of the oxide. This is likely the main cause of the network of microcracks seen in the oxide scales from 
the cross-sectional SEM micrographs in Figure 5.19. The volume expansion results in existing 
cracks/pores present within the oxide scale to grow or multiply and creates additional compressive 
stress that would lead to the oxide scale to spall - severely limiting the overall load-bearing capacity 
of the oxide scale under mechanical strain.  
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5.3 Summary  
 
Magnesium and zirconium were sputter co-deposited onto stainless steel and zirconium substrates 
using unbalanced magnetron sputtering with a range of magnesium concentrations from 8 at% to 60 
at%. The microstructure and mechanical properties of Mg-containing Zr coatings – principally the Zr-
rich (Mg:25 at%) and Mg-rich (Mg: 53 at%) coatings have been characterised using optical microscopy, 
GAXRD, SEM/EDX, nanoindentation and scratch adhesion tests. The GAXRD patterns indicated that 
the inclusion of Mg and Zr to form a Zr-Mg coating resulted in a coating that is likely to be highly 
stressed and showed possible indications that they could be in a single mutual substitutional solid 
solution with each other (though this would require further investigation). The results show no 
evidence of phase separation or ‘unmixing’ of these phases for the range of Mg concentrations in the 
Zr-Mg coatings. This is an interesting result since magnesium and zirconium have widely different 
melting temperatures and so do not typically exist (as an alloy) as well as differences in co-efficient of 
thermal expansion.  
Nanoindentation hardness revealed the Zr-rich coating exhibited a higher hardness compared to the 
Mg-rich coating. Scratch adhesion tests showed that the Zr-rich coating exhibited a higher critical load 
to failure compared to the Mg-rich coating, indicating a higher load-bearing capacity for the Zr-rich 
coating (compared to the Mg-rich coating). The Mg-rich coating was shown to have undergone a 
greater degree of spallation (via chipping damage), indicating that the Mg-rich coating is more brittle.  
Cross-sectional SEM micrographs revealed oxidation of both the Zr-rich and Mg-rich coatings as well 
as material loss due to the effects of spallation. The Zr-rich coating showed indications of a gradual 
spallation of some regions of the coating, whereas the Mg-rich coating was found to have undergone 
spallation at a faster rate compared to the Zr-rich coating resulting in much thicker oxide scales on the 
Mg-rich coated sample. On the balance of evidence presented in this section, the Zr-rich coating had 
a higher resistance to spallation during hydrothermal oxidation compared to the Mg-rich coatings. 
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Chapter 6 – Conclusions and Recommendations for Future Work  
 
6.1 Conclusions  
Waterside corrosion of zirconium and its alloys was identified as one of the principal issues that led to 
the meltdown at Fukushima following a loss of coolant accident. Following the accident, the nuclear 
industry has focused much of its efforts into enhancing safety of its current fleet of reactors and 
improving safety of future designs. A promising approach that has generated considerable research 
interest is to fabricate a protective coatings or surface-treated layers that would improve/enhance 
the oxidation resistance of the Zr-alloy cladding to be more damage-tolerant during LOCA conditions, 
such cladding failure is delayed and the accident response time to allow external 
intervention/solutions is increased.  
In this study, Triode Plasma Nitriding treatments and sputter co-deposition on pure zirconium was 
performed to investigate whether oxidation resistance could be improved. Multiple characterisation 
tools permitted a comprehensive analysis of the surface-treated layers and coatings as well as 
performance following hydrothermal oxidation.  
Based on the experimental work and analyses carried out in this PhD study, the following conclusions 
can be drawn:  
o Triode plasma diffusion treatments of α-Zr at 700oC led to the formation of a surface-treated 
layer consisting of a thin nitrided compound layer consisting of a ZrN phase (likely to be 
hundreds of nanometers) and a much thicker nitrogen diffusion zone (~23 µm) comprising of 
interstitial nitrogen in solid solution. The finer degree of etching using Ion polishing was found 
to be an important micropreparation step which revealed the nitrogen diffusion zone when 
studied using an optical microscope. The use of ion polishing permits for a safer and efficient 
micropreparation method of the sample compared to using toxic HF etching methods. 
o Surface hardness values following TPN diffusion treatment were found to be significantly 
improved for all treatment durations (ranging between 10 to 12 GPa) compared to untreated 
bulk HCP α-Zr surface (4.40 ± 0.20 GPa). However, the hardness of the TPN-treated surface 
was found to decrease with contact depth into the nitrogen diffusion zone to the base of the 
zirconium substrate.  
o Scratch adhesion profiles revealed that increased TPN-treatment duration resulted in an 
increased load-bearing capacity of the treated layer. The 4 hr nitrided sample showed higher 
resilience to failure before critical loads were reached compared to the 2 hr and 3 hr nitrided 
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samples. This is due to the ‘deep’ nitrogen diffusion zone allowing sufficiently high loads to be 
reached before failure occurs.  
o Longer nitriding times were found to increase the surface roughness of the diffusion-treated 
layers. Results from AFM analysis revealed the growth of protuberances which generate a 
rougher topography with increased treatment times.  
o Hydrothermal oxidation tests of the TPN-treated samples revealed a slight improvement in 
the oxidation resistance compared to untreated pure zirconium. The oxide scale formed on 
the TPN-treated samples was measured to be 10 ± 0.5 μm and exhibited similar weight gain 
for all TPN-treated samples. However, the oxide scale was also shown to contain microcracks, 
which increase in severity with distance away from the oxide/metal interface, and the SEM 
micrographs appear to show material loss due to spallation during hydrothermal oxidation. 
This indicates that the oxide scale may have been thicker than measured.  
o GAXRD patterns of the hydrothermally oxidised TPN-treated samples showed that the oxide 
scale comprises mostly of monoclinic zirconia and a small volume fraction of tetragonal 
zirconia. The ZrN compound layer was not detected suggesting that this layer is entirely 
consumed and as the oxide grows into the nitrogen-containing diffusion zone. 
o The hydrothermal oxidation of pure zirconium was found to offer poor oxidation resistance 
when compared to the oxidation performance of Zr alloys under similar conditions reported 
in the literature. This is because of the oxidation resistance (of Zr alloys) offered by the 
elements that form intermetallic precipitates such as tin, iron and chromium provide 
increased mechanical strength by hindering dislocation movement, thereby improving the 
durability of the oxide during oxidation and resulting in a negligible deleterious effect on 
corrosion of the alloy. 
o The GAXRD patterns of the hydrothermally oxidised TPN-treated samples revealed that the 
nitrogen diffusion zone provides a sustained resistance to oxygen ingress whereby the 
nitrogen in the interstitial sites suppressing oxygen migration into the diffusion zone and 
thereby delaying oxidation compared to pure zirconium.  
o Scratch adhesion loading profiles and associated micrographs of the oxide scale formed on 
TPN-treated Zr samples revealed extensive chipping damage and tensile cracking along the 
scratch track indicating that the oxide layer is brittle which supports the findings from SEM 
micrographs of the surface and cross-sections of the oxide scale (which also show extensive 
microcracks). Thus, the monoclinic polymorph of the zirconia (which the oxide scale is mostly 
comprised) does not offer suitable oxidation resistance, necessary for the stabilisation of the 
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oxide layers formed in high pressure autoclave conditions and hence, unsuitable for reactor 
environments.  
o Surface hardness values of the oxide scale were shown to be much lower compared to the 
TPN-treated samples and were found to decrease with increased depth towards the substrate 
interface. 
o Magnetron sputter-deposition PVD technique was used to co-deposit magnesium and 
zirconium onto stainless steel and zirconium substrates with a range of magnesium 
concentrations from 8 at% to 60 at%. GAXRD patterns showed that the sputter co-deposited 
magnesium and zirconium (that form the coating) are highly stressed and indicate that they 
are in single mutual substitutional solid solution with each other. The results show no 
evidence of phase separation or ‘unmixing’ of these phases for the range of Mg concentrations 
in the Zr-Mg coatings. This is an interesting result because magnesium and zirconium do not 
typically co-exist (as an alloy) as they have widely different melting temperatures as well as 
the boiling point of Mg being much lower than the melting point of Zr. However, considering 
that PVD permits direct conversion from solid, to (ionised) gas, to solid (avoiding the liquid 
state), it is possible to co-deposit atomistically the two elements in solid solution with each 
other, whereby they might be expected to co-exist in the solid state as shown in the GAXRD 
patterns.  
o SEM micrographs of the sputter co-deposited surface of the Zr-rich (Mg: 25 at%) and Mg-rich 
(Mg: 53 at%) samples showed irregularly-shaped columnar grain-like morphology with column 
sizes that ranged from 2 μm to about 15 μm in diameter (although It is likely that the actual 
column diameters are hundreds of nanometers). This is likely due to competitive grain growth 
which initially occurs by nucleation, followed by island growth then coalescence to form larger 
grains which grow as a columnar structure as the coating thickness increases. The faceted 
morphology is consistent with Zone 2 of the Structure Zone Model whereby surface diffusion 
is the dominant process during film growth leading to the formation of wide columns and well-
defined grain boundaries.  
o Cross-sectional SEM micrographs of the Zr-rich and Mg-rich samples revealed uniform coating 
thicknesses of 25.2 and 26.5 μm respectively, but the Mg-rich coating exhibited a higher 
concentration of microcracks in the coating and inter-columnar voids (compared to the Zr-rich 
coating).  
o SEM micrographs of the surface of the hydrothermally oxidised Zr-rich and Mg-rich coated 
samples at 360oC for 3 and 7 days showed material that had spalled and redeposited on the 
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surface. Cross-sectional SEM micrographs revealed that the oxide scale thickness formed on 
the Zr-rich coated samples was much lower than the Mg-rich coated samples.  
o The higher hardness (determined from nanoindentation) and higher critical load to failure 
(determined from scratch adhesion tests) of the Zr-rich coating compared to the Mg-rich 
coating suggests that the Zr-rich coating exhibits a higher resistance to coating spallation 
compared to the Mg-rich coating. The oxide scales on both the Zr-rich and Mg-rich coated 
samples exhibited microcracks which would permit oxygen ingress into the layer and to the 
substrate causing further oxidation, as well as contributing to spallation of the oxide scale. 
The oxide scale formed on the Mg-rich coated sample however, exhibited severe spallation 
whereby the oxide scale thickness was comparable to the oxide scale formed on the pure Zr 
substrate following hydrothermal oxidation for 7 days.  
o GAXRD patterns of the oxide scales formed on the Zr-rich and Mg-rich coated samples 
following hydrothermal oxidation revealed monoclinic zirconia was the predominant phase 
detected which confirmed that a zirconium oxide scale had formed following hydrothermal 
oxidation. The patterns showed tetragonal zirconia to have also formed which was detected 
over a range of incident angles of 2θ which indicates that magnesium and zirconium inclusion 
has had an effect in stabilising the tetragonal zirconia phase at the conditions used.    
 
6.1.2 Concluding Remarks  
 
The work carried out in this thesis has led to materials being identified that have ideal properties for 
the development of accident tolerant coatings/barriers. Plasma nitriding diffusion treatments have 
shown that nitriding can be achieved in as little as 1.5 hours at 700oC to form an effective barrier 
against hydrogen ingress. The treatments resulted in significantly improved hardness and higher load-
bearing capacity of the nitrided layers compared to untreated bulk HCP α-Zr samples. Overall, TPN 
treatment resulted in nitrided layers that successfully mitigated the formation of zirconium hydride 
precipitates in the bulk Zr lattice during hydrothermal oxidation testing but did not measurably 
improve (or worsen) the oxidation resistance compared to the pure zirconium at the conditions used.  
Sputter co-deposited magnesium-containing zirconium coatings were produced with a range of 
magnesium concentrations. The Zr-rich (Mg: 25 at%) coatings exhibited a higher resistance to 
spallation compared to the Mg-rich coatings during hydrothermal oxidation due to the higher 
hardness and adhesion of the Zr-rich coating. The Mg-rich coating exhibited higher concentration of 
microcracks and inter-columnar voids that would facilitate crack propagation and oxygen ingress 
during hydrothermal oxidation, hence resulting in a thicker oxide scale. Although the Zr-rich coating 
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was shown to exhibit useful properties such as higher resistance to spallation during hydrothermal 
oxidation, it would be useful to investigate the spallation resistance of the Mg-containing Zr coatings 
with Mg concentrations below 25 at% at hydrothermal conditions and see whether this might induce 
a greater proportional of tetragonal zirconia phase that might be stabilised over a wide oxide thickness 
and temperature range.  
 
6.2 Recommendations for Future Work  
 
This research has thrown up a number of aspects for further research and investigation.  
• Following successful trials, these should be replicated on reactor-grade zirconium alloys (on 
the exterior of the fuel rod cladding) and compared against the results obtained in this study 
for pure zirconium. Thus, the surface-treated layer/coating will act as an intermediary barrier 
between the coolant water and the fuel cladding to suppress hydrogen evolution and prevent 
migration of oxidative species to the underlying bulk metal. 
• Electron backscatter diffraction (EBSD) should be performed on the TPN-treated layers to 
produce “colour-coded” maps that would show the distribution of crystal phases and 
orientation of individual grains (which is not obtained using conventional XRD). This important 
study would help distinguish grains attributed to the Zr3N4 top layer; nitride compound layer 
and nitrogen diffusion zone, (the phases and microstructure of which were also identified via 
XRD patterns and optical micrographs). This would provide important insights into oxidation 
behaviour of the nitride phases whereby the processing conditions can be altered to influence 
grain orientation and formation. 
• Glow-discharge optical emission spectroscopy (GDOES) is a technique used for multi-element 
depth profiling (from nanometer scale to tens of microns and can detect from a few ppm to 
100 at% of an element within a few minutes) commonly used for through-thickness 
composition analysis. This technique should be used for TPN diffusion treated samples to 
investigate the depth profile of nitrogen in the nitrided layers to obtain a more accurate 
representation of nitrogen concentration as a function of depth.  
• Although cross-sectional optical micrograph of the diffusion-treated Zr did show the nitrogen 
diffusion zone, it was clear that mounting a single sample this way resulted in edge rounding 
which limited the observation and detection of the nitride compound layer. To mitigate this, 
a two-sample mounting technique should be adopted in which the treated surfaces would be 
mounted face to face (in cross-section) which can then be coated with carbon/gold prior to 
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mounting before being ion polished and would increase the probability of observing the 
nitrided layer.  
• Although the ZrN phase was detected using GAXRD at an incident angle as low as 2o in Section 
3.6 and from the Raman spectra in Section 3.7 which strongly indicates the formation of a 
nitride compound layer, it was challenging to measure the cross-sectional thickness of this 
layer using SEM alone. Thus, focused ion beam (FIB) and TEM should be used to determine 
the nitride compound layer thickness. Furthermore, TEM could be used to analyse the extent 
of the lattice distortion as a result of interstitial nitrogen diffusion in forming the nitrogen 
diffusion zone and investigate how the lattice distortion changes with depth into the bulk 
metal.   
• A study should be carried out to investigate optimum hardness and adhesion properties that 
could be obtained using TPN diffusion treatments. This could be performed by carrying out 
TPN treatments for a longer duration (i.e. 8 hr) at low substrate negative bias (i.e. 200 V) to 
achieve a sufficiently ‘deep’ nitrogen diffusion zone case depth. This should be followed by a 
higher substrate negative bias (i.e. 600 or 800 V) for a short duration (i.e. 1 hr) to achieve a 
thick nitride compound layer. This step could introduce greater surface defects due to higher 
energies of nitrogen ions bombarding the substrate so the short ‘burst’ durations may need 
to be adjusted. The treated layer should be characterised using GAXRD, (cross-sectional) 
SEM/EDX to confirm the thickness of the nitride compound layer and nitrogen diffusion zone. 
It would be further useful to carry out mechanical testing such as nanoindentation to measure 
hardness and scratch adhesion tests to understand whether this might increase the critical 
load to failure when compared to the treatments carried out in this work.  
• A point of further research would be to investigate the effects on the ZrN microstructure when 
extending treatment times to 8 hr and 12 hr whilst keeping the treatment temperature 
constant at 700oC. The study should attempt to address how hardness and surface roughness 
is affected as well as variability in thickness of the nitride compound layer and nitrogen 
diffusion zone and how this might affect the critical load to failure during scratch adhesion 
tests.  
• Another recommendation is to use different substrate bias including -150 V, -250 V and -300 
V or higher (i.e. -1000 V) whilst keeping the treatment temperature of 700oC constant. This 
would attempt to investigate how variation in substrate bias affects surface roughness and 
adhesion of the nitrided layer to the substrate after plasma-nitriding of α-Zr.  
• GAXRD analysis of the magnesium-containing Zr coatings revealed narrower peaks with 
increased magnesium content possibly indicating larger crystallite size. It should also be noted 
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that for these traces (Mg: 53 at%, 56 at%), oxygen contamination (detected from EDX analysis) 
was higher than the coatings with magnesium content less than 45 at%. TEM investigation 
should be carried out to investigate how crystallite size varies with magnesium content and 
whether oxygen contamination/impurities might influence nucleation, island growth and 
column structures of the coatings.  
• One of the other recommendations is to investigate the effects of increasing treatment 
temperature of 800, 900, 1000oC for 4 hr, 8 hr and 12 hr. The study would analyse how 
mechanical behaviour of the nitrided layer would be affected in the BCC β-phase region of Zr 
(above ~900oC). Furthermore, it would be interesting to observe if grain growth had taken 
place and to what extent the oxidation behaviour is affected when oxidation-tested in 
hydrothermal conditions compared to the nitrided results obtained in the HCP α-Zr region. 
Following TPN treatment at 700oC, the bulk microstructure remained virtually unchanged. 
However, it has been reported that strength, ductility and fatigue properties degrade with 
increasing grain size for Ti alloys but would be an interesting avenue of research for bulk 
zirconium. It would also be interesting to investigate thickness variations of the compound 
layer formation during TPN treatment at 800oC whilst keeping the duration constant at 4 hr, 
since the extent of compound layer formation is related to the degree of roughening. Cassar 
et al [281] for instance found that TPN treatment of Ti-6Al-4V resulted in a considerable 
increase in surface roughness when diffusion-treated at 800oC, which also increase the nitride 
compound layer thickness from 0.25 µm to 1.65 µm between 700 and 800oC following a 4 hr 
treatment.  
• Yttria-stabilised zirconia (YSZ) is widely used as the ceramic topcoat in thermal barrier coatings 
(TBCs) on turbine components which thermally insulate them against high temperature 
environments. Yttria typically comprises about 8 mol%, stabilises zirconia via the tetragonal 
phase (8YSZ). Yttrium has an atomic radius of 0.18 nm comparable to Zr (0.15 nm) and would 
likely be in substitutional solid solution with Zr. The success of YSZ coatings is well documented 
but has not been applied in the nuclear context for application on fuel rod cladding. This is 
mostly because of the low thermal conductivity of the Y2O2-ZrO2 system (2.0-2.3 W/mK-1 at 
1000oC) which could detrimentally limit energy transfer from the UO2 fuel pellets to the 
coolant. This could however potentially be offset if the layers were tens of microns thick 
(rather than hundreds of microns thick - as is the case with aerospace coatings). Yttria-
stabilised zirconia treated layers of a range of thicknesses should be developed using triode 
plasma oxidation diffusion treatment. The thickness of the treated layers can be deduced from 
cross-sectional SEM and EDX spectroscopic analysis can be used to determine the elements 
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present. GAXRD should be used to identify the formation of a tetragonal zirconia phase (and 
to what extent of the treated surface thickness which can be inferred by using higher incident 
angles during GAXRD experiments). Thermal conductivity measurements should be carried 
out to determine if there is a significant change in the thermal conductivity as a function of 
treated layer thickness. Magnetron sputtering should also be used to develop yttria-stabilised 
zirconia coatings and a similar process of characterisation described previously should be 
carried out. It would be useful to compare adhesion of the YSZ treated layers and coatings 
developed from these techniques using scratch adhesion tests. Finally, hydrothermal 
oxidation tests should be performed on YSZ treated layers and coatings to investigate 
oxidation resistance, phase analysis and indications of spallation effects.  
• Ceria-stabilised zirconia coating (CSZ) could also be another potential avenue of exploration. 
CSZ has been investigated as an alternative to YSZ for use as the top coat in thermal barrier 
coatings. This is because CSZ has a lower thermal conductivity (~2.0 W/m.K) and a higher 
thermal expansion coefficient (12.0 x 10-6 K-1 [316]) compared to YSZ (thermal conductivity: 
~2.3 W/m.K; thermal expansion co-efficient: 10.5 x 10-6 K-1 [317]). The atomic radius of Ce is 
0.185 nm and density of 6.69 gcm-3 and has a low neutron absorption cross-section (0.63 
barns), although this is slightly higher than Zr (0.184 barns). The ceria-doped coating has a 
better thermal shock resistance than YSZ due to: 1) A low propensity to undergo phase 
transition between monoclinic and tetragonal phase; 2) Higher thermal expansion coefficient 
and 3. Lower stresses generated in the oxide layer. Furthermore, Park et al [318] reported 
fewer microcracks and open pores in the CSZ coating (when oxidation tested in an aqueous 
solution of sodium metavanadate (NaVO3)), which restricts access to penetrating salts from 
the corrosive medium and this was concluded as a marked improvement in oxidation 
resistance of CSZ compared to YSZ. However, the low thermal conductivity of CSZ coatings 
may be an obstacle for application on Zr alloy fuel rods and requires further investigation to 
improve heat transfer efficiency between cladding and water. A similar characterisation and 
testing methodology should be followed as mentioned in the previous bullet point to 
determine the viability  
• Titanium is also another alloying element considered to stabilise the tetragonal or cubic phase 
of zirconia. It is a refractory element with a high melting point (1668oC [319]) and has a high 
strength-to-weight ratio which can be alloyed with a wide variety of other elements to 
produce lightweight alloys for aerospace, automotive, medical implants and industrial 
processes. Titanium has a HCP crystal structure at RT known as α-phase and phase transition 
to BCC structure occurs at 882oC [264] known as β-phase. This is similar to the transition 
205 
 
temperature of HCP α-phase to BCC β-phase of zirconium (865oC). Furthermore, the atomic 
radius of titanium (1.48 Å [216]) is similar to that of zirconium (1.64 Å [216]) and so 
substitutional diffusion of Ti atoms into random Zr sites without significantly altering the 
lattice parameters may limit lattice mismatch. Although titanium  has quite a high neutron 
cross-section (6.09 barns [39]) relative to zirconium (0.184 barns [39]), it is potentially 
interesting to investigate further because although Ti and Zr have complete solid solubility in 
each other and their atom sizes are about 14% different (with Ti being smaller), so there might 
be some benefit from small additions of titanium (via substitutional diffusion in a PVD coating 
comprising of Ti and Zr), in reducing the oxide lattice parameter (to control stress), and in 
reducing the grain size of the crystalline oxide. 
• Al2O3/YSZ is another coating system that has been reported to show promise in improving 
corrosion resistance compared to YSZ alone. Similar to Ce2O3, Zhu et al [320] suggested that 
Al2O3 reduces the infiltration of molten salts into the coating, but the added advantage is that 
Al2O3 has the potential to improve the phase stability of YSZ due to its presence at the grain 
boundaries of YSZ where tetragonal phase is present. The low neutron absorption cross-
section of aluminium (0.230 barns) can provide good oxidation resistance without 
detrimentally effecting neutron economy which has been previously used as fuel cladding 
(magnesium with small amounts of aluminium) in MAGNOX reactors.  
• Pyrochlores (A2B2O7 structure) are of interest because of the close relationship with fluorite 
structures and offer attractive properties comparable to YSZ which include excellent thermal 
stability, attributed to the positions of cations in the crystal lattice. Yttrium-doped zirconia 
(Y2Zr2O7) is unstable in the fluorite structure, but when Y3+ is replaced with a larger ion, for 
instance La3+, the resultant lanthanum zirconate (La2Zr2O7) pyrochlore structure is more stable 
to at least 1500oC [321]. This is particularly interesting because La2Zr2O7 could be used to 
stabilise the oxide layer over a wide temperature range from normal operating conditions 
(300-330oC) to LOCA temperatures (~900oC). This indicates a low propensity to phase 
transformation from tetragonal to monoclinic oxide structure compared to 8YSZ. A limitation 
however, is the lower thermal conductivity (1.5 W/mK-1) compared to YSZ (2.0-2.3 W/mK-1 at 
1000oC). Although this is a disadvantage in the context of energy transfer in a nuclear reactor 
environment, it is an advantage when used as TBCs compared to 8YSZ. Notwithstanding, layer 
thicknesses of around tens of microns may offset this effect and may have limited impact. 
Likewise, replacing Zr4+ ion (0.15 nm) with a smaller ion such as Ti (0.14 nm) also stabilises the 
pyrochlore structure. Pyrochlores are an interesting avenue of research because many 
refractive elements can be included that have thermal stability in excess of 1500oC. 
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Furthermore, they can be formed from a wide range of cations, since the A site can have a 
charge of 3+ or 2+ and the B site cation have a valence of either 4+ or 5+. Thus, there can be 
extensive intermixing of different ions on the same crystallographic sites. It would be 
interesting to investigate whether this could be used to increase the stability of tetragonal 
zirconia in the oxide scale.  
• TiN is a versatile hard ceramic which has become ubiquitous due to its proven wear resistance 
under high feed rates. Furthermore, the overall surface hardness has been reported to be 
higher compared to untreated Ti [322] due to the resulting ε-Ti2N precipitates from nitrogen 
concentration greater than 12 wt% in Ti. However, Ti has a higher neutron absorption cross-
section (6.09 barns) compared to Zr (0.184 barns) which should be taken into account during 
material selection as a potential candidate coating. Notwithstanding, hydrothermal testing of 
TiN coatings at hydrothermal reactor conditions has scarcely been reported and would thus 
be an interesting avenue of research for oxidation behaviour and adhesion properties.   
• Titanium-aluminium-nitride (TiAlN) could be considered as a potential candidate coating for 
high temperature oxidation resistance and improved wear/abrasion resistance and toughness 
under demanding environments. It has been reported that for Ti1-xAlxN where 0.6 < x < 0.7 
results in a significantly improved hardness and Young’s modulus of the material compared to 
untreated Ti, and further improves oxidation resistance (upwards of 800-1000oC), improves 
thermal stability, improves toughness and wear/abrasion resistance. The increased oxidation 
resistance is due to the outward diffusion of Al to form an Al-rich oxide layer (Al2O3) at the 
outer surface and inward diffusion of oxygen to form a Ti-rich oxide layer at the substrate 
surface. In principle, during oxidation at high temperature, aluminium diffuses to the surface 
and reacts with oxygen to form a thin protective oxidation barrier (Al2O3) which significantly 
improves the oxidation performance as oxygen diffusion through aluminium oxide is several 
orders of magnitude slower than through zirconium oxide. Furthermore, Munz et al [323] also 
showed that oxidation initiation decreased with increased aluminium content of the TiAlN 
coating. However, there is some evidence of poor stability of Al2O3 under hydrothermal 
conditions compared to ‘dry’ high temperature oxidation but this would need to be studied 
further. Nonetheless, this provides an interesting avenue for further research which could be 
extended to TiCrAlN and TiCrAlYN coatings. 
• The success of PVD TiAlN coatings in cutting tool applications has prompted further 
development of Ti-based coatings. For instance, the incorporation of 3 at% chromium in TiAlN 
has been shown to improve the oxidation resistance of the coating up to 920oC, which 
represents a 50oC increase above the oxidation resistance of TiAlN (870oC) [324]. Harris et al 
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[325] reported a higher average tool life for the TiAlCrN coatings compared to TiAlN coatings 
which was attributed to the multi-layered structure of the TiAlCrN coatings. Wear resistance 
was carried out by drilling holes into cast iron and using SEM to analyse the effect of wear on 
the coated drill bits. However, it has not been fully investigated how this coating might behave 
in high temperature aqueous conditions.  
• The fraction of tetragonal zirconia found in an oxide scale is not constant but rather decreases 
with increased distance from the metal/oxide interface. Thus, the Garvie-Nicholson 
expressions in Equation 1.6 do not consider how the phases ‘grades’ with oxide thickness. A 
few methods have been suggested to get around this. One is to mechanically remove the 
oxide, then grinding it to homogenise the mixture and then carry out X-ray diffraction analysis 
to obtain fractional quantities of the tetragonal and monoclinic phases formed. The issue here 
would be to ensure that all the oxide is removed and to ensure that as few impurities as 
possible are introduced from the mechanical grinding process. Another method might be to 
use synchrotron X-rays probing individual grains at different sampling depths within the oxide 
scale.  
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Appendix 1  
 
The AbsorbDX software uses the Beer-Lambert law to determine the Penetration Depth of X-rays in a 
material at a given angle of incidence. The X-rays are absorbed mainly by photo-electric effect, but 
also scattered by elastic diffusion (or Rayleigh Diffusion) and inelastic diffusion (or Compton diffusion); 
the total attenuation follows the Beer-Lambert law for a given wavelength λ:  
𝐼(𝑑) =  𝐼0. 𝑒
−𝜇.𝜌.𝑑 
Where 𝑑 is the length of the path of the X-rays into the material (“distance”), μ is the mass attenuation 
(absorption) co-efficient (how easily the material can be penetrated by X-rays), which depends on λ, 
and ρ is the specific mass of the material (Appendix I).  
The mass absorption coefficient is computed from the composition of the material:  
𝜇 =  ∑ 𝑐𝑖 . 𝜇𝑖
𝑖
 
Where 𝑖 is the chemical element, 𝑐𝑖 is its mass proportion, and 𝜇𝑖  is the absorption co-efficient. The 
𝜇𝑖  depends on the wavelength.  
Considering the specific geometry of the diffractometer, and assuming a homogenous sample, the 
path of the X-rays analysing the depth x of the sample is:  
𝑑 = 𝑥. (
1
sin 𝛾
+
1
sin(2𝜃 − 𝛾)
) 
With γ the angle between the incident beam and the surface of the sample and 2𝜃 is the deviation 
of the beam.  
Thus, the intensity of the X-rays diffracted by the surface layer which thickness 𝑥 is equal to:  
𝐼(𝑥) =  𝐼1 [1 − exp (−𝜇. 𝜌. 𝑥. ( 
1
sin 𝛾
+
1
sin(2𝜃 − 𝛾)
))] 
𝐼1 is the total intensity collected by the detector. The analysed thickness corresponds to the layer 
which gives a fraction 𝑝 of the signal (
𝐼(𝑥)
𝐼1
= 𝑝) . 𝑝 which is taken equal to 0.9 (90% of the signal). 
The analysed depth is then estimated by:  
𝑥 =  − ln(1 − 𝑝) . (𝜇(𝜆). 𝜌. ( 
1
sin 𝛾
+
1
sin(2𝜃 − 𝛾)
))
−1
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